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Preface 


-  \',  ith  recent  advances  in  processing  teclinology.  tlicre  is  raj^idly  expanding 
research  interest  in  composite  materials  with  superioi  properties,  hitlieito 
unobtainable  in  monolitliic  .sy.stems,  for  a  wide  range  of  engineering  applications. 
It  is  now  generalK  recognized  that  the  t)\erall  performance  characteristics  of 
composite  materials  are  strongly  influenced  by  the  structure,  chemistry  and 
physical  properties  of  the  interfaces  between  the  various  components.  I'ailoring 
the  interfaces  tv)  optimize  the  compv)site  microstructurc  for  siiperivir  pcrfv)rmancc 
will  inevitably  reviuire  a  thorough  fundamental  understanding  of  the  structuie  and 
properties  of  interfaces. 

This  volume  contains  the  Proceedings  of  the  .Symposium  on  Interfacial 
Phenomena  in  Composite.s;  Proce.ssing.  Characterization  and  Mechanical 
Properties,  held  at  Salve  Regina  College.  Newport.  Rhode  Island.  June  1-3.  l^vSiS. 
The  symposium  attracted  over  !()(.'  participants  representing  academic  institu¬ 
tions  as  well  <is  government  and  industrial  rese.irch  laboratories. 

The  objective  of  the  conference  was  to  bring  together  scientists  and  engineers 
with  different  backgrounds  and  perspectives,  but  with  a  common  interest  in 
interfacial  phenomena  in  compo.sites.  Se.ssions  were  held  on  the  topics  of  physics 
of  in  rfaces.  characterizatu)n  of  interfaces,  processing,  and  mechanics  and 
micromechanics  of  interfacial  deformation  and  failure.  The  cv)nference  format 
consisted  of  fv)rmal  sessions  re.stricted  to  the  morning  and  early  evening,  with  the 
afternoons  and  late  evenings  left  free  for  informal  discussion  and  relaxation. 

Presentations  were  of  two  kinds;  thirty  formal  presentations  and  liftecn  shorter, 
more  informal  pre.sentations.  'I'he.se  proceedings  contain  the  text  of  twenty-six  of 
the  formal  presentations.  It  is  a  pleasure  to  thank  all  the  speakers  foi  making  their 
presentations  accessible  to  par'icipants  with  .1  wide  range  of  backgrv)unds.  We  are 
grateful  to  o"r  cv)lleagues  in  the  Materials  Rc.scarch  Group  at  Blown  Univesity  for 
theii  advice  in  putting  together  the  conference  program  and  for  their  help  and 
suppv)rt  in  all  phases  of  the  v)rganization  v)f  the  cvniference.  We  are  also  thankful  to 
them,  a.nd  tv)  all  participants,  f>»r  the  cheerful  encv)uragcment  that  made  v)rganizing 
this  conference  such  a  pleasure.  A  special  note  v)f  thanks  is  due  to  Ms.  Pat  Capece. 
secretary  in  the  Divisivrn  v)f  Engineering  at  Brv)vvn  University.  fv)r  invaluable 
assistance  before,  during  and  after  the  cv)nference.  We  are  al.so  grateful  to  Ms. 
Cheryl  Mackett  and  other  staff  members  at  .Salve  Regina  C'ollege  for  their 
enthusiastic  help  in  organizing  the  symposium.  As  may  be  seen  from  the  list  v)f 
sponsors,  support  came  frvnn  a  variety  of  sources,  and  this  support  is  much 
appreciated.  Fhe  ex|)editiv)us  publication  v)f  this  vv)lume  was  made  po.ssible  by  the 
timely  response  v)f  authv)rs  and  referees  in  submitting  and  rev  iew  ing  the  papers. 

While  these  |)iv)ceevlings  dv)cument  the  formal  part  of  the  prv)gram.  vve  hv)j)e  that 
the  mteractiv)ns  and  cv)llabv)rations  that  were  initiated  during  the  cvmfcrcncc  will 
serve  as  a  less  cvrncrete.  but  not  less  substantial,  confii  'nation  v)f  its  success. 
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Role  of  the  Densest  Lattice  Planes  in  the  Stabilit}  of  CnstalHne  Interfaces: 
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Ab.stract 

The  zero-tcmperatiire  eitergie.';  and  eciiiiltbnnm 
volume  e-xpansions  of  poiiu-dcfcct-frec  gram 
boundaries  (GBs)  on  die  two  densest  planes  of 
f.c.c.  copper,  b.c.c.  molybdenum  and  cubic  dia¬ 
mond  silicon  have  been  determined,  ustng  an 
Embedded-Atom-Method  potential  for  copper,  a 
Finnis-Sinclair  potential  for  molybdenum,  and  the 
Stillinger-  Weber  potential  for  silicon.  It  ts  found 
that  in  all  three  structures  the  energtes  of  the  GBs 
on  the  second-densest  planes  arc  about  two  to 
three  limes  higher  than  of  those  on  the  densest 
planes.  For  the  metals  a  strong  correlatton  between 
CB  energy  and  volume  e.xpatision  at  the  GB  is 
obsemd.  Owing  to  its  covalent  nature  of  bonding 
such  a  correlation  is  not  found  for  .silicon.  It  ts 
illustrated  that  atoms  in  very  close  contact  (up  to 
about  10%  closer  than  the  perfect-crystal  nearest- 
neighbor  distance)  are  mainly  responsible  for  the 
very  large  anisotropy  in  the  GB  energy.  Since  the 
strong  repulsive  forces  between  such  atoms  should 
be  active  even  in  comple.x  interface  systems  (.such 
as  metal-ceramic  interfaces  or  strained-layer 
supr.rlattice.s),  uv  .suggest  that  the  energetics  of  even 
more  general  interfaces  is  .strongly  influenced  by 
the  Pauli  principle. 

1.  Introduction 

The  relationship  between  tlie  structure  geo¬ 
metrical  and  chemical'  of  crystalline  interfaces 
and  their  physical  properties  has  been  a  subject  of 
considerable  interest  during  the  last  decade. 
Although  the  anisotropy  of  mechanical  prop¬ 
erties  ‘Such  as  fracture  and  plasticity  is  well 
understood  for  single  crystals,  the  unraveling  of 
structure-property  correlations  for  composites 

“I’apcr  pre  calcd  al  die  svnipoMum  on  Inlcrl.icial  I’lic- 
nomcn-.  in  (  oniposiicv.  I’roccvMn}:.  (  h.inicicn/.iiion.  .md 
Mcth.inii.il  I’ropcrlics.  Ntwporl.  Rl.  Jurii  I  I'sss 


and  grain  boundary  materials  is  a  much  more 
complex  endeavor.  This  complexity  arises  in  part 
from  the  experimental  difficulties  in  charac¬ 
terizing  the  chemical  composition  at  interfaces 
.surrounded  by  bulk  material  and  in  part  from  the 
difficulties  in  preparing  well-oriented  bicrystal¬ 
line  interfaces.  Also,  the  fact  that  even  a  "simple" 
bicrystalline  grain  boundary  GB  requires  the 
specification  of  eight  degrees  of  freedom  d.o.f.' 
illustrates  the  bewildering  variety  of  combina¬ 
tions  which  has  to  be  considered  in  an  attempt  to 
unravel  the  complicated  relationship  between 
physical  properties  and  geometrical  structure 
even  for  bicrystalline  materials. 

Faced  with  the  enormous  complexity  of  the 
experimental  task  of  unraveling  structure-prop¬ 
erty  correlations  for  interface  materials,  it 
appears  that  computer  simulations  can  make  an 
important  contribution  towards  the  understand¬ 
ing  of  such  correlations  and  their  underlying 
phy.sical  causes.  In  contrast  to  experiments,  in  a 
computer  simulation  .study  both  the  chemi.stry  at 
the  interface  and  the  interface  geometry  can  be 
controlled  and  systematically  '  riwl.  The  draw¬ 
backs  of  this  approach  arc  well  known:  a  the 
limitation  to  relatively  small  model  systems  con¬ 
taining.  a'  most,  thousands  of  atoms  .  b  prob¬ 
lems  of  a  .systematic  nature  arising  from 
iasufficicntly  known  interatomic  interactions,  and 
c  the  limitation  to  coherent  interfaces  i.e.  tho.se 
with  a  periodic  arrangement  of  atoms  parallel  to 
the  interface  plane . 

Within  this  framework  grain  boundaries  are 
particularly  suited  for  a  .systematic  investigation 
of  structure-property  correlations  for  the  follow¬ 
ing  two  reasons.  I'irst.  interatomic  potentials  rep¬ 
resent  less  of  a  problem  for  GBs  than  for 
dissimilar-material  interfaces,  particularly  when- 
as  in  this  study— segregation  phenomena  are 
ignored.  .Second,  owing  to  the  absence  of  a  lat¬ 
tice-parameter  mismatch  at  the  interface,  coher- 
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cm  atom  arrangements  ..re  obtained  for  mans 
combinations  of  the  degrees  of  freedom  required 
to  specif)  the  GB.  These  combinations  are  rc.id- 
il)  identified  b)  means  of  the  coincident-site 
lattice  CSL.  model  | ! .  2,'.  The  main  parameter  in 
this  model  is  the  imerse  densit)  of  CSL  sites.  S. 
Low  \alues  of  2  correspond  tt)  small  unit  cells  of 
the  three-dimensional  coincident-site  superlattice 
in  common  to  the  two  halves  of  the  bicrvstal.  In 
m.in)  cases  this  results  in  rather  small  pUuuir  unit 
cell  are.as  in  the  GB  plane,  and  a  subsequent!) 
vmall  computational  cell. 

Given  the  suiiabilit)  of  GBs  for  .structure- 
propert)  studies,  in  this  paper  the  cvjrreiation 
between  the  GB  plane  and  the  GB  energ)  will  be 
investigated.  Considering  that  GBs  are  planar 
defc  ts.  this  focus  on  the  ciAstallographit.  plane 
on  w. licit  the  defect  lies  appears  onl)  natural,  par 
ticularl)  since  it  is  well  established  that  properties 
such  as  fracture  and  pKcsticit)  are  highl)  aniso 
tropic.  For  c.\amplc.  in  the  absence  of  phisticitv 
the  criterion  for  crack  growth  along  a  GB  “brittle 
fracture”  involving  the  difference.  2;-- 
between  the  GB  energ)  and  the  energies  of  the 
two  free  fracture  surfaces  pla)s  a  dominant  role 
see  c.g.  ref.  .1  Recent  TLM  vibservations  on 
faceting  of  GB  planes  and  on  the  frequenti) 
ob.served  preference  of  GB.s  for  asymmetrical 
plane  configurations  ]4.  also  suggest  an  impor¬ 
tant  role  pla)ed  b)  the  GB  plane.  Thermal  groov  - 
ing  experiments  on  1 10  tilt  GBs  in  aluminum 
suggest  a  strong  anisotrvipv  of  tnc  GB  energ)  Y>j. 
and  it  h.is  been  pointed  out  that  the  deep  cusps 
observed  for  the  tilt  angles  for  which  the  s)m- 
metrical  plane  is  a  111  or  11,’  plane  cv>rre- 
spond  to  the  den.scst  and  second  densest  planes 
for  this  mi.sorientation  '7'.  .\!so.  recent  TLM 
work  on  the  correlation  between  GB  segregatum 
and  the  GB  geometry  illustrates  the  “preponder¬ 
ant  influence  of  the  grain  boundary  plane  oi. 
segregation"  uS’. 

In  the  present  article  the  /c-ro-temperature 
energies  of  grain  boundaries  on  the  two  demsest 
planas  in  the  f.c.c..  b.c.c..  and  cubic  diamond 
structures  will  be  investigated  together  wifii  the 
corrc-sponding  free  surfaces.  .Although  recon¬ 
struction  and. or  impurity  segregation  may  be  of 
major  importance  in  "real"  boundaries  on  which 
experiments  are  performed,  vve  think  of  these 
point-defect-free  interfaces  .as  important  model 
s) stems  on  which  the  structure-cnerg)  correla¬ 
tion  can  perhaps  be  understood  prior  to  intr«i 
ducinc  addition.il  parameters  ami  therefore 


complications  such  .is  tcmper..turc.  impurities, 
rccon.struction.  etc. 

Volume-dependent  intcr.it*  miic  potentials 
derived  b)  means  of  the  Lmbedded  Atom 
.Method  L.\.\I  of  Daw  and  Baskes  for  f.c.c. 
metals 10  and  of  I  innis  and  Sinclair  I  S  for 

b. c.c.  metals  Yl  are  now  .ivailable.  I  hus.  in 
contr.LSt  to  earlier  calculations  in  which  pair 
potenti.ils  were  employed  .1214,.  the  unidirec¬ 
tional  V illume  e.xpansiiin  at  GB.s  parallel  to  the 
CjB  plane  normal  can  now  be  full)  .iccounted  for. 
.\lso.  the  covalent  nature  of  bonding  in  the  cubic 
di.imond  structure  h.is  been  incxirporated  in  the 
empirical  bond-bending  and  bond-stretching 
three-bod)  atomistic  potential  of  Stillinger  and 
Weber  S-W  for  silicim  [  15  .  I  his  potential  hies 
recently  been  u.sed  with  c*>nsidcr.iblc-  suece.ss  in 
studies  of  a  variety  of  properties  of  the  cry.stalline. 
lic]uid.  and  amorphous  pha.se.s  of  silicon  ’15..  In 
p<inicular  the  structure  of  both  small  clusters  ,  16. 
.Hid  the  reconstruction  of  the  IDt)  surf.u'e.l7] 
are  well  described.  In  e.ich  of  these  there  are 
atoms  in  enviriinments  significantly  different 
from  the  ideal  cry.stal.  By  comparing  our  results 
for  .silicon  with  th*>.sc  for  metaks.  we  hope  to  gain 
.some  in.sight  into  how  the  nature  of  bonding  i.e. 
covaletit  i ersns  metallic  influences  the  properties 
ofGILs. 

The  article  is  organized  as  follows.  In  Section  2 
the  geometrical  degrees  of  freedom  *if  bicrystal- 
linc  interfaces  arc  briefly  defined.  ,\  di.scu.vsion  of 
the  interaiomic  potentials  employed  Section  .> 
and  the  computational  methods  used  Section  4 
follows.  In  Section  5  the  energies  and  volume 

c. \p.insion  of  GBs  on  the  two  densest  planes  of 
f.c.c.  copper  .ire  presented  and  discuvsed.  .\  simi 
lar  analysis  for  b.c.c.  nuilybdenum  and  cubic  dia- 
numd  .^ilicon  follows  in  Sections  (>  and  ~.  respec 
tively.  A  discussion  of  ideal  fracture  energies  i.s 
presented  in  Sectiiin  .s.  foiiovved  by  our  m.iin  con 
elusions  in  Section  9.  Whereas  all  of  the  calcula¬ 
tions  presented  in  this  paper  are  limited  t*)  zero 
icmper.iturc.  vve  point  *»ut  that  the  atomistic 
simulation  of  the  high-tempcr.iture  properties  of 
grain  boiindaric.%  is  the  subject  *'f  the  follov.ing 
article  in  the.se  proceedings  1  ,S’. 

2.  Geometrical  charactcri/ation  of  solid  inter¬ 
faces 

.\s  Is  well  known,  in  .iddition  to  the  cryst.il 
structure  s  .md  l.ittice  parameter  -  eight  geo¬ 
metrical  p.ir.inictcrs  .hc  nccdcil  to  cli.ir.icicri/c  i 


bicr\.stalline  interface.  These  eight  degrees  of 
freedom  li.o.f.  are  usuuI'a  suhdisided  into 
macroscopic  and  microscopic  rrnes  19  .  The 
latter  are  represented  b\  the  three  d.o.f.  assti- 
ciated  with  iranslatioas  parallel  and  perpen¬ 
dicular  to  the  interface  plane,  characteri/ed  bv 
the  translation  sector  T.  B\  the  \er\  nature  of  T. 
onh  e.xperiments  which  can  measure  translations 
on  an  atomic  scale  arc  capable  of  determining  its 
three  components. 

The  five  macrosc«>pic  d.o.f.  characterize  the 
osenill  mLsorientation  of  the  two  hahes  tif  the 
bicrv.stal  relatise  ti>  each  other  as  well  .is  the  inte'^- 
face  plane.  simple— set  rather  general— defini¬ 

tion  of  the'se  file  parameters  fi»cuses  .in  the 
crsstallographic  orientation  of  the  interface  plane 
with  re.spect  to  the  two  crystals.  If  we  define 
and  /}.  iLs  the  interface-plane  normals  with 
re.spect  to  the  principal  ciHirdinate  s\  stems  of 
semi-cr\stals  I  and  2  sec  Fig.  I  .  then  the  onI> 
remaining  macroscopic  J.o.f.  is  associated  with  a 
rotation,  by  the  angle  0.  about  the  interface-plane 
normal.  .-Ml  eight  d.o.f.  mas  be  summarized  as 
follosvs: 

iif.n-.O.T  I 

The  characterization  method  in  I  has  several 
ads-antages  over  the  usual  definition  of  the  fise 
macroscopic  d.o.f.  for  grain  boundaries  via  the 
CSL  mi.soricntaiion.  F-irst.  since  the  e.vistence  of  a 
coincident-site  superlattice  is  not  required.  1  is 
applicable  cqualls  to  coherent  and  incoherent 
interface's  as  svcil  as  to  grain  Isoundaric-s  and  dis¬ 
similar-material  interfaces.  Second,  symmetrical 
interf„-ccs  for  svhich  //..  =  /i.  are  rc'adily  appar¬ 


ent.  f  inalls.  the  tilt  and  tssist  components  of  a 
general  Gt^  are  rcadih  identified,  ti.c  tilt  a.\is  and 
angle  folloss  fr.im  the  scct‘>r  pr.iduct  of  n.  and  //. 
sshereas  the  tssist  component  i'  ;isen  bs  the  tssist 
angle  0  20,. 

Later  in  this  paper  tssist  Ixiundarics  .m  the 
densest  planes  i,f  three  cubic  crystal  structure's 
ssill  Ik  insc-stigated.  Being  ssmmctrical.  these 
CiBs  arc  therefore  characterized  bs  three  macro¬ 
scopic  d.o.f..  tsso  asMK'iated  ssiih  the  GB  plane 
orientation,  n  ~  and  the  tssist  angle.  The  tssi.st 
angle's  together  ssiih  the  corresponding  saluc-s  of  S 
for  GBs  on  the  111.  IttO  .  and  I  It)  planc-s  of 
cubic  crystals  are  listed  in  Tables  1  We  point 
«iut  that  the  particular  rotation  angles  for  sshich  a 
certain  saiuc  of  is  obtained  are  entirels  inde 
pendent  of  the  particular  cubic  cry  stal  structure 
considered.  Within  the  CSL  model,  therefore.  m> 
difference's  e.xist  betsseen  (iIJs  in  Jil.  rent  c'ubic 
Structures.  This  fact  is  often  misinterpreted  such 
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TABLE  3  6-lC  conihiiiiilions  fur  (1 10)  (wist  buiindarics  in 
cubic  crjstals 


0 

2 

13.44 

51a 

20.05 

33a 

22.84 

51b 

26.53 

19 

31.59 

27 

38.94 

9 

44.00 

57a 

45.92 

59 

50.48 

1 1 

55.88 

41 

58.99 

33b 

70.53 

3 

80.63 

43 

82.94 

57b 

86.63 
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as  to  predict  similar  pliysiccl  properties  of  GBs  in 
different  cubic  crystal  structures.  Being  entirely 
crystallographic  in  nature,  however,  this  simple 
geometrical  model  makes  no  attempts,  of  course, 
to  predict  any  phys'ca'  properties  of  grain  bound¬ 
aries.  Indeed,  as  demonstrated  later  in  this  paper, 
the  energies  of  GBs  in  different  cubic  struciu.es 
depend  very  strongly  on  the  GB  structure,  in  spite 
of  their  identical  CSL  characterization. 

3.  Interatomic  potentials 

In  contrast  to  central-force  potentials  in  which 
the  potential  energy  arises  from  pair  interactions 
only,  in  the  Embedded  Atom  Method  the  total 
energy  of  the  system  also  includes  many -body 
contiibutions  from  a  volume-dependent  term. 
Starting  from  density  functional  thettry.  Daw  and 
Baskes  showed  that  undei  certain  simplifying 
assumptions  (see  below)  the  total  energy  can  be 
written  as  a  sum  of  bonding  and  lepulsive  terms 
as  follows  [9,  lOj: 

V=IrW)+ll^„(r„)  (2) 

The  first  term  represents  the  embedding  energy, 
contributed  by  every  atom  /  as  it  is 
embedded  in  the  electron  gas.  Attractive  in 
nature,  /-((p,' )  depends  on  the  type  of  atom  and 
on  the  total  electron  density,  p,',  at  its  site. 
Assuming  (a)  centrally  symmetric  electron  den  i- 
ties  and  approximating  (b)  the  actual  (sc.'*'- 
consistent)  electron  densities  in  the  expre.ssion  for 
the  total  energy  by  superposing  atomk  electron 
densities  p,'  may  be  written  as  follows: 

p,'=  Z  p;'(/-,;)  (3) 

//I 


where  p/‘(/‘,J  is  the  atomic  eleciron  density  of 
atom  j  at  the  distance  (i.e.  ai  the  site  of  atom  /). 
The  second  contribution  in  eqn.  (2)  represents 
the  short-range  repulsion  betw'een  the  atoms 
which  is  assumed  (c)  to  be  of  a  central-force  type. 

'.Vithin  the  framework  of  the  three  assump¬ 
tions  (a)-(c)  stated  above,  the  evaluation  of  the 
total  energy  of  a  system  of  particles  is  a  straight¬ 
forward  matter  for  a  given  set  of  numerical  tables 
for  <j)p-),  p;'{r),  and  /',(p,'' ).  The  computation  is 
more  CPU  time  intensive,  however,  than  for  a 
central-force  potential  of  the  same  cut-off  radius 
(typically  by  a  factor  of  2  in  our  codes). 

Based  on  simple  band-structure  considera¬ 
tions,  Finnis  and  Sini  lair  [11]  have  presented  an 
empirical  interatomic  force  description  for  metals 
which  also  uses  eqn.  (2).  Although  the  interpre¬ 
tations  of  eqn.  (2)  differ  slightly,  the  EAM  and 
Finnis-Sinclair  (F-S)  potentials  are  essentially 
based  on  the  same  level  of  description  of  metallic 
bonding.  In  contrast  to  the  EAM  method,  how¬ 
ever,  in  the  F-S  approach  the  embedding  func¬ 
tions  are  determined  analytically  from  the 
relationship 

F,{p')=-Ap}'  (4) 

where  A  is  a  constant  obtained  from  a  fit  to 
perfect-crystal  properties.  Similarly,  p;’  and  (t>,j  are 
written  as  analytical  functions  of  the  distance 
between  atoms  whereas  in  EAM  potentials 
F,{pJ ),  pf,  and  are  available  numerically  only 
as  obtained  from  a  complicated  empirical  fitting 
procedure  which  is  not  as  transparent  as  in  the 
F-S  method.  In  the  calculations  described  below, 
an  EAM  potential  foi  coppei  appropriate  foi 
Cu/Ni  alloys  and  the  F-S  potential  for  molyb¬ 
denum  will  be  employed.  The  lattei  will  be  used 
in  the  form  proposed  recently  by  Ackland  and 
Thetford  [2 1  j  in  which  the  short-range  repulsion 
has  been  eniianced  by  addition  of  a  Born-Mayer 
term. 

Finally,  the  empirical  bond-bending  and  bond¬ 
stretching  potential  of  Stillinger  and  Weber  [  1 
(S-W)  is  employed  in  our  simulations  of  silicon 
GBs.  This  potential  consists  of  a  two-body  (cen¬ 
tral-force)  and  a  three-body  part.  The  first 
increases  strongly  at  short  distances,  has  a  mini¬ 
mum  at  the  nearest-neighbor  distance,  and  goes 
smoothly  to  zero  at  less  than  the  second-nearest- 
ncighbor  distance.  The  three-body  (bond¬ 
bending)  pait  of  the  potential  is  zero  for 
tetrahedral  bond  angles.  In  the  ideal  crystal, 
therefore,  the  two-body  potential  couples  only 


nearest  neighbors  whereas  the  three-body  part 
couples  second-nearest  neighbors  through  its 
angular  dependence. 

The  validity  of  the  S-W  potential  foi  GB 
simulations  has  been  tested  recently  [22]  in  a 
comparison  of  the  relaxed  structure  of  the  (221) 
symmetrical  tilt  GB  with  that  obtained  from 
electronic-structure  calculations  of  Thomson  and 
Chadi  [23]  and  DiVincenzo  et  al.  [24].  In  agree¬ 
ment  with  intuitive  arguments  of  Hornstra  [25] 
and  the  electronic-structure  calculations  [23.  24] 
it  was  found  that  the  glide-plane  configuration 
has  significantly  lower  energy  than  the  mirror- 
plane  translational  configuration.  Although  the 
absolute  values  of  the  GB  energies  obtained  do 
not  agree  too  well  with  the  electronic-structure 
results,  the  agreement  in  the  choice  of  the  opti¬ 
mum  translational  configuration  is  encouraging. 
In  addition,  as  already  pointed  out  in  the  Intro¬ 
duction,  the  S-W  potential  has  been  employed 
with  considerable  success  on  the  simulation  of  a 
variety  of  physical  properties  of  the  crystalline, 
liquid,  and  amorphous  phases  of  silicon  [15,  16]. 

4.  Computational  procedure 

In  contrast  to  our  earlier  work  on  metals 
using  pair  potentials  [7,  12-14],  in  all  the  studies 
presented  here  the  volume  expansion  at  the  GB 
was  fully  accounted  for.  B>  its  veiy  nature  this 
expansion  is  one-dimensional  (parallel  to  the  GB 
plane  normal)  since,  in  the  GB  plane,  the  unit-cell 
dimensions  are  fixed,  i.c.  they  are  determined  by 
the  surrounding  bulk  regions  far  away  from  the 
interface.  We  distinguish  a  three-dimensional 
expansion,  A 1  ’,  and  a  one-dimensional  quantity 
which  we  shall  call  the  free  volume  of  the  GB,  dV. 
The  two  aie  related  by  the  unit-cell  area  of  the 
GB: 

AV=dVA  (5) 

bl'  is  hence  a  volume  expansion  pei  unit  area. 
Throughout  the  rest  of  this  papei  ^1'  will  be 
expressed  in  units  of  the  lattice  paiameter  a,,. 

One  vvay  to  determine  (31'  is  illu.strated  in  Fig. 
2  for  the  25  (100)  and  27  (111)  boundaries  in 
copper.  In  these  calculations  the  positions  of  the 
rigid  blocks  surrounding  the  GB  [26]  were  fixed 
at  a  constant  value  of  dl'.  and  a  constant-volume 
lelaxation  was  perfoimed.  The  iterative  energy 
minimization  procedure  (“lattice  statics")  em¬ 
ployed  to  determine  the  relaxed  GB  structure 
was  de.scribed  in  detail  in  lef.  12.  Similar  to 


rig.  2.  GB  energy  (in  erg  cm)  r.s.  dV  (in  lattice  parameter 
units)  for  the  (a)  25  (!<)())  and  (b)  27  (1 1 !)  boundary  for  both 
the  CuiL.AM,  and  a  Lennard-Jones  potential.  Parameters 
for  the  latter  are  given  in  ref.  .28. 

earlier  calculations  for  ionic  bicrystals  [26,  27], 
the  GB  eneigy  shovv.>  a  minimum  at  the  equilib¬ 
rium  value  of  6r.  Foi  both  CBs  this  value  is 
smaller  for  the  EAM  potential  than  for  a 
Lennaid-Jones  potential  used  foi  the  purpose  of 
comparison  [28,  29].  If  b\'  is  incieased  well 
beyond  the  range  shown  in  these  figures, 
converges  towards  twice  the  energy,  of  the 
corresponding  free  surface.  This  was  previously 
illustrated  in  detail  for  ionic  crystals  (in  refs.  26 
and  27). 

Figures  2(a)  and  (b)  also  demonstrate  the  effect 
of  the  re.striction  to  (3r=()  [12-14]  on  the  GB 
eneigy  obtained.  Lifting  this  lestriction  leads  to  a 
substantial  decrease  in  the  GB  energy  Tor  exam¬ 
ple,  from  about  965  eig  cm  -  to  about  700  eig 
cm  -  for  the  25  boundaiy  with  the  EAM 
potential  for  copper). 

This  pioceduic  of  determining  the  optimum 
<3r  via  constant-volume  relaxations  is  lathei 
time-consuming.  By  using  the  picssuic  excited  in 
the  direction  on  the  rigid  blocks  by  the  atoms  in 
the  GB  legion.  .i  constaiit-piessure  simulation 
can  be  perfoimed  which  yields  the  free  volume  in 
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a  single  simulation.  Also,  by  computing  the  foice» 
which  the  two  parts  of  the  bicrystal  exert  on  each 
othei,  the  two  halves  are  able  to  translate  relative 
to  each  other  parallel  to  the  GB  plane.  This  so- 
called  block-relaxation  procedure,  fully  applied 
below,  was  described  in  detail  in  refs.  26  and  29. 

5.  (Ill)  and  (100)  twist  boundaries  in  Cu 
5.1.  Results 

The  energies  and  free  volumes  of  giain  bound¬ 
aries  on  the  two  densest  planes  of  copper, 
obtained  in  the  manner  described  above  and  in 
ref.  29,  are  shown  in  Fig.  3.  The  1-0  combina¬ 
tions  for  these  boundaries  are  listed  in  Tables  1 
and  2.  Owing  to  the  fourfold  rotation  axis  in  the 
planar  unit  cell  of  the  ideal  crystal  on  the  (100, 
plane,  the  lesults  for  the  (100)  boundaries  are 
symmetrical  with  respect  to  45”.  Similarly,  due  to 
the  threefold  rotation  axis  on  the  (111)  plane,  the 
results  for  the  (111)  boundaries  art  symmetrical 
with  respect  to  60°.  Several  features  in  Figs.  3(a) 
and  (b)  are  particularly  interesting; 


,  0  30  60  90 

ib< 


I'lg.  .3,  (aj  GB  energy  in  erg  cm  ’j  is  niisfii  angle  for  ihe 
400)  and  (III)  twist  boundaries  in  CtuhAM)  listed  in 
lables  I  and  2  ib;  Volume  e.vpansioii  pel  unit  area  lor  the 
boundaries  in  the  top  half. 


(a)  The  £^'''(0)  and  dl\9}  curves  are  remark¬ 
ably  smooth  and  of  similar  shape. 

(b;  Following  the  steep  increase  oi  E™  and  (51’ 
for  low -angle  boundaries  [30],  both  quantities 
level  off  for  larger  angles.  Since  the  dislocation 
cores  overlap  completely  in  this  region,  the  GB  is 
thought  to  be  “saturated"  with  elastic  stress 
energy.  An  increase  in  the  angle,  therefore,  pro¬ 
duces  no  further  increase  in  £^'*  and  dV.  Owing 
to  the  failure  of  the  Read-Shockley  model  [30]  in 
this  plateau  region,  we  consider  these  GBs  to 
display  behavior  “typical"  of  high-angle  grain 
boundaries. 

;c)  The  energies  and  free  volumes  of  GBs  on 
the  (111)  plane  are  significantly  lower  (typically 
by  a  factor  of  two)  than  on  the  (100)  plane. 

(d)  The  (111)  boundaries  show  a  deep  cusp  for 
the  (11 1)  twin  orientation  (0  =  60°).  The  energy 
of  that  interface  is  computed  to  be  about  2  erg 
cm  “  while  its  volume  expansion  is  negligible. 

Finally  in  this  section  a  Read-Shockley  analy¬ 
sis  of  the  above  results  for  £'^''*  and  61’  is  per¬ 
formed.  The  GB  energy  is  an  analytical  function 
of  0  according  to  the  Read-Shockley  dislocation 
model  for  low-angle  boundaries  [30].  For  twist 
boundaries, 


(6) 


where  h  is  the  Burgers  vector  and  the  core 
energy  of  the  screw  dislocations  which  form  a 
network,  thus  accommodating  the  mismatch 
between  the  two  crystals;  G  is  the  shear  modulus. 
We  assume  that  a  similar  relationship  applies  to 
dV-. 


0 


=  (5K-dKln0 


(7) 


where  6  is  some  effective  core  volume  whereas 
dV^  may  be  thought  of  as  arising  from  a  volume 
change  due  to  the  strain  field.  The  parameters  of 
a  least-squares  fit  of  eqns.  (6)  and  (7)  for  the 
boundaries  in  Figs.  3(a)  and  (b)  in  the  low-angle 
regime  ( 0  <  20°)  are  listed  in  Table  4. 

5.2.  Di.saission 

The  smoothness  of  the  £^’'*(0)  curves  in  Fig. 
3(a)  is  similar  to  our  results  from  earlier  constant- 
volume  calculations  for  f.c.c.  metals  [7,  12-14]. 
Since  these  calculations  were  first  presented,  the 
general  shape  of  such  a  curve  was  investigated 
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TABLE  4  Values  of  '6  and  Gb,'2n  (intrg  cm“  ^),  and  dl^aiid  51' (in  iinUsoftlic  lattice  parameter)  obtained  from  the  fi(  of 
eqns.  (6)  and  (7)  to  the  Ion-angle  portions  (In  1.0)  of  the  curves  in  Figs.  3,  6  and  8  for  copper,  moljhdenum  and  silicon, 
respectively 


EJb 

Gbilit 

5n 

5F, 

(Ill) 

Cu(EAM) 

-21.1 

0.0487 

(100) 

Cu{EAM) 

637.4 

0.1791 

(110) 

Mo(F-S) 

251.1 

2397.6 

0.0140 

0.0906 

(100) 

Mo{F-S) 

1105.4 

4435.6 

0.0071 

0.2464 

(111) 

Si(S-W) 

-1016.2 

2615.5 

0.0048 

-0.1174 

(110) 

Si(S-W) 

811.3 

2985.1 

0.085 1 

0.;i48 

experimentally  for  (100)  twist  boundaries  in  gold 
by  Chan  and  Balluffi  [31j.  Their  “rotating  crystal¬ 
lite”  experiments  demonstrated  that— with  the 
exception  of  a  shallow  cusp  near  the  25  orienta¬ 
tion— the  E^^{9)  curve  is,  indeed,  rather  smooth 
and  that  it  levels  off  for  angles  above  the  25 
orientation.  Although  effects  arising  from  re¬ 
structuring  and/or  impurity  segregation  have  not 
been  considered  in  the  calculations,  we  consider 
the  qualitative  agreement  with  these  experiments 
rather  gratifying,  particularly  in  view  of  the  fact 
that  the  general  shape  of  such  £‘“”(0)  curves  has 
been  predicted  well  prior  to  the  experiment  (7, 
12-14, 26, 27). 

In  our  earlier  comparison  of  the  energies  of 
(111)  and  (100)  twist  boundaries  in  f.c.c.  metals 
[13]  seven  different  central-force  potentials  were 
employed  with  essentially  the  same  result.  Under 
the  constant-volume  constraint  previously 
mentioned,  all  potentials  yield  roughly  2-3  times 
higher  energies  for  the  (100)  boundaries  than  for 
ones  on  the  ( 1 1 1 )  plane.  Although  by  relaxing  this 
constraint  all  GB  energies  were  found  to  decrease 
substantially  (see  Figs.  2(a)  and  (b)),  the  ratio  of 
the  energies  on  the  different  planes  is  still  of  the 
same  magnitude.  This  strongly  suggests  an 
important  role  played  by  the  GB  plane  in  deter¬ 
mining  the  energy  of  the  pure,  point-defect-free 
GBs  considered  here.  The  interpretation  given 
for  the  observed  large  energy  differences  is  essen¬ 
tially  based  on  the  Pauli  principle:  Although, 
owing  to  the  volume  expansion  at  the  GB,  the 
density  in  the  GB  region  has  decreased  and, 
hence,  the  average  distance  between  atoms  has 
increased,  some  atoms  in  a  highly  defected  en¬ 
vironment  remain  pushed  more  closely  togeth<-i 
than  the  crystalline  nearest-neighbor  distance.  !i 
appears  that  in  any  GB  unit  cell  there  are  regions 
of  very  pool  match  across  the  interface  which 
cannot  be  sufficiently  relaxed  even  when  the 
volume  expands.  This  is  demonstrated  by  the 


Fig  4.  ILiJi.il  iJistnbutioii  funi-tiuns  for  the  three  planes 
nearest  to  the  li.2')  ,T0(),  twi.st  bouiularj.  I  nil  arrow.s  inJieate 
the  corresponding  perfect-crystal  petik  positions;  open 
arro  v,s  .show  the  average  value  of  r  in  a  given  shell.  The 
widths  of  these  shells  are  indieated  by  the  dashed  lines. 
VVhere.is  the  atoms  in  the  plane  nearest  to  the  interfaee  iFig. 
.‘'(a)l  are  very  strongly  affected  by  the  presence  of  the  inter¬ 
face.  the  atoms  in  the  third-nearest  plane  il-ig.  .S(c)l  are  found 
111  an  almost  perfect-erystal  environment. 
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radial  distribution  function,  i^G{r),  in  Fig.  4  for 
the  129  (100)  boundary.  Figures  4(a)-(c)  illus¬ 
trate  the  rapid  decrease  of  the  structural  di.sorder 
as  the  atoms  become  more  perfectly  coordinated 
Hith  increasing  distance  from  the  interface.  They 
also  illustrate  that,  although  the  mean  diameter  of 
each  shell  has  increased  (due  to  the  volume 
expansion),  a  significant  number  of  atoms  are 
at  distances  smaller  than  the  corresponding 
ideal-crystal  nearest-neighbor,  second-nearest- 
neighbor  distances,  etc.  (tallest  peaks  in  these 
figures).  A  closer  analysis  shows  that  a  larger 
number  of  atoms  have  been  pushed  together  to 
distances  below  that  for  nearest  neighbors  in  the 
(100)  boundaries  than  in  the  (111)  boundaries. 
Upon  twisting  (111)  planes  (with  interplanar  spac¬ 
ing  f/(l  1 1)  =  0.577(/„)  less  .structural  di-sorder  is 
thus  created  than  by  twisting  (100)  planes  (with 
^/(  1 00)  =  0.5rt„).  Based  upon  the  sharp  increase  of 
all  interatomic  interactions  potentials  foi  dis¬ 
tances  shorter  than  that  foi  nearest  neighbors  (the 
Pauli  principle!),  the  densest  lattice  planes  [i.e. 
those  with  the  largest  interplanar  lattice  spacing; 
show  less  structural  disorder  than  the  less  den.se 
planes  {i.e.  those  with  smaller  interplanar 
spacings).  As  a  consequence,  the  GB  energy 
inci eases  dramatically  with  decreasing  inter- 
planai  spacing  {i.e.  deci easing  pianai  in.i.ss 
density). 

Figure  5  shows  a  remarkable  con  elation 
between  the  volume  expansion  at  a  GB  and  its 
energy.  (Notice,  however,  that  the  dev  iations  fiom 
a  straight  line  arc  well  outside  the  scattei  of  vuu 
results.)  This  cot  relation  is  even  more  remarkable 
if  vve  consider  that  the  atomic  structuies  and  unit¬ 
cell  dimensions  ate  different  foi  all  the  GBs  con¬ 


sidered.  Although  the  atomic  structure  obviously 
controls  the  volume  expansion,  once  the  value  of 
^  K  is  known,  according  to  Fig.  5,  so  is  the  energy. 
Almost  .40  years  ago  Seeger  and  Schottky  [32J 
presented  a  very  simple  model  for  the  energy  and 
electrical  resistivity  of  high-angle  GBs  in  metals  in 
which  6V  \s  the  key  parameter.  Two  interesting 
aspects  of  their  results  are  (a)  the  fact  that  the 
atomic  structure  of  the  GB  does  not  enter  at  all 
except  via  the  parameter  dV  and  (b)  the  electrical 
resistivity  is  also  controlled  by  dV. 

We  conclude  this  section  by  pointing  out  that 
in  a  recent  rather  detailed  investigation  of  the  role 
of  the  interatomic  potential  on  the  predicted  GB 
energies,  a  Lennard-Jones  potential  for  copper 
gave  qualitatively  the  same  results  as  those  in 
Fig.s.  3  and  5  obtained  for  an  EAM  potential  [29]. 
From  this  it  was  concluded  that  the  local-volume 
dependence  of  interatomic  potentials  (incor¬ 
porated  only  in  the  EAM  potential)  must  not  be  a 
very  important  phenomenon  in  the  energetics  of 
metal  grain  boundaries.  As  pointed  out  above, 
the  energetics  of  GBs  appear  to  be  dominated  by 
the  short-range  repulsion  between  atoms  in  poor 
match  across  the  interface.  However,  since  in 
EAM  potentials  the  short-range  repulsion  is 
assumed  to  be  of  a  central-force  nature  (see  eqn. 
(2)),  this  agreement  of  the  qualitative  generic 
properties  of  GBs  obtained  for  the  two  types  of 
potential  is  not  very  surprising. 

6.  (110)  and  (100)  twist  boundaries  in  molyb¬ 
denum 

if,  as  argued  in  the  preceding  section,  the 
energy  of  high-angle  twi.st  GBs  is  indeed 
governed  by  the  inteiplanai  spacing  of  the  lattice 
planes  parallel  to  the  GB  plane,  then  one  would 
expect  an  entirely  different  selection  of  low- 
energy  GB  planes  in  the  b.c.c.  lattice  than  in  the 
f.c.c.  lattice.  The  two  densest  planes  in  the  b.c.c. 
stiucture  are  the  (110;  and  (iOO)  plane.s.  with 
f/(l  1 0)  =  0.70' «„  and  f/(10();  =  0.50n„.The  results 
obtained  foi  twist  boundaiies  on  these  planes  in 
molybdenum  aie  summarized  in  Figs.  6  and  7. 
Owing  to  the  twofold  rotation  axis  in  the  planar 
unit  cell  of  the  ideal  crystal  on  the  J  10;  plane,  the 
ie.sults  foi  the  J  10;  boundaries  aie  .symanetrical 
with  lespect  to  90“.  The  symmetry  of  the  UOO; 
planes  with  ie.spect  to  0^45"  was  already  di.s- 
cussed  above. 

The  qualitative  features  in  Fig.s.  fna;  and  di;  aie 
rather  similar  to  tho.se  in  Figs,  .^.i;  and  (b;.  The 
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Fig.  6.  (a)  GB  energy  (in  erg  cm  -j  li.  inisrn  angle  lor  (100) 
and  (110)  twist  boundaries  in  molybdenum  determined  by 
means  of  a  Finnis-Sinclair  potential  (see  also  Tables  I  and  3). 
(b)  Volume  expanston  per  unit  area  for  the  boundaries  m  the 
top  half. 
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F'ig.  7.  GB  energy  vs.  eciuilibriinn  free  volume  for  the 
molybdenum  boundaries  m  I-ig.  6. 

energie,  and  free  volumes  of  the  boundaries  on 
the  densest  plane  arc  significantly  lower  than 
those  on  the  .second-densest  plane.  A  deep  cusp 
is  observed  for  the  13  boundary  on  the  (110) 
plane  (0  =  70.53°;  sec  Table  3).  The  reason  for 
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the  appearance  of  this  cusp  is  similar  to  the  rea¬ 
son  for  the  existence  of  a  deep  cusp  for  the  23 
(111)  (0  =  60°)  twin  boundary  in  Figs.  3(a)  and 
(b).  Both  of  these  GBs  have  the  smallest  planar 
unit-cell  area  of  any  GB  on  the  corresponding 
plane.  Whereas  for  the  23  (111)  boundary  this 
unit-cell  area  is  identical  to  the  area  of  the  perfect 
crystal  on  the  (111)  plane,  the  area  of  the  23 
(110)  boundary  is  three  times  as  large  as  the 
corresponding  perfect-crystal  unit-cell  area.  As 
pointed  out  earlier  [7],  the  sensitivity  of  the  GB 
energy  to  translations  parallel  to  the  GB  plane  is 
greater  for  smaller  planar  unit  cells.  In  the 
extreme  case  only  one  atom  per  lattice  plane  is 
found  in  the  unit  cell.  An  optimum  translational 
configuration  can  then  be  found  in  which  a// 
atoms  in  the  two  opposing  planes  at  the  interface, 
are  simultaneously  in  their  minimum  energy  state. 
Such  is  the  case  for  all  symmetrical  tilt  GBs  and, 
in  particular,  for  the  23  (111)  GB.  With  three 
atoms  per  plane  in  the  planar  unit  ceil,  the  23 
(110)  (3B  is  not  as  sensitive  to  translation  as  if  it 
accommodated  only  one  atom  per  plane.  How¬ 
ever,  its  sensitivity  to  translation  is  still  much 
greater  than  that  of  the  29  and  21 1  GBs  on  the 
(1 10)  plane  for  which  small  cusps  are  seen  in  the 
£'°'*(0)  and  5  F(0)  curves  in  Figs.  6(a)  and  (b)  (for 
0=  38.94°  and  0=  50.48°,  respectively). 

As  for  f.c.c.  Cu,  the  and  dK(0)  curves 

for  b.c.c.  molybdenum  show  remarkably  similar 
.shapes.  Again,  from  Fig.  7  it  appears  that  for  a 
given  free  volume  the  GB  energy  is  determined. 
Whether  or  not  this  is  a  general  feature  of  all  GBs 
in  metals  requires  calculation  for  GBs  on  ie.ss 
den.se  planes,  including  .symmetrical  and  asym¬ 
metrical  tilt  GBs. 

Finally,  a  Read-Shockley  analysis  was  per¬ 
formed  for  the  low-angle  portions  of  the  curves  in 
Fig.s.  6(a)  and  (b).  The  parameters  obtained  from 
the  fit  of  eqns.  (6)  and  (7)  to  these  E^'\9)  and 
bV(6)  portions  of  the  curves  have  been  included 
in  Table  4. 

We  conclude  by  pointing  out  that  in  a  recent, 
more  complete  investigation  of  GBs  in  b.c.c. 
metals  [29j  the  results  obtained  for  the  molyb¬ 
denum  potential  of  Finnis  and  Sinclair  were 
compared  with  those  obtained  for  Johnson's  well- 
known  central-force  potential  for  a-Fe  [33|.  As  in 
a  similai  eumparison  between  central  force  and 
FAM  potentials  for  f.c.c.  metals  (291  ll’iJ  qualita¬ 
tive  features  of  the  d\\0u  and  £'^''’(^1) 

cuives  were  found  to  be  the  same  for  the  two 
types  of  potential.  This  again  indicates  that  the 
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basic  generic  properties  of  GBs  in  metals  are 
governed  by  the  short-range  part  of  the  inter¬ 
atomic  potential  employed  in  simulations. 

7.  (1 1 1)  and  (110)  twist  boundaries  in  silicon 

The  investigation  of  grain  boundaries  in  sili¬ 
con,  with  its  covalent  bonding,  provides  an 
opportunity  to  study  whether  and  how  the  criteria 
for  low  GB  energy  established  above  for  metals 
depend  on  the  nature  of  atomic  bonding.  As 
already  mentioned,  the  bond-bending  (three- 
body)  part  of  the  Stillinger-Weber  (S-W)  poten¬ 
tial  is  responsible  for  the  tetrahedral  coordination 
obtained  for  silicon;  without  this  part  the  lattice 
would  collapse  into  a  close-packed  structure.  The 
bond-stretching  (two-body)  part,  by  contrast,  is 
very  similar  in  nature  to  the  short-range  repulsive 
contributions  in  EAM  and  F-S  potentials.  If  the 
energetics  of  GBs  are  indeed  governed  by  the 
atoms  in  very  close  contact,  one  would  expect 
qualitative  similarities  between  metals  and  cova¬ 
lent  .systems,  particularly  with  respect  to  the  effect 
of  interplanar  lattice  spacing  on  the  GB  energy. 

A.S  is  well  apparent  from  the  silicon  .structure 
(which,  for  our  purpo.ses,  is  best  looked  upon  as 
an  f.c.c.  lattice  with  a  basis  of  two  atoms,  with  the 
basis  vectors  pointing  in  the  (1 1 1)  directions),  the 
(111)  planes  form  bilayers  of  separation 
r/(  1 1 1 )  =  0.433fl„  and  0. 1 44fl,„  respectively.  The 
laiger  of  these  is  a  nearest-neighbor  distance, 
since  each  of  the  four  tetrahedral  bonds  points  in 
a  (111)  direction.  In  oui  investigation  the  GBs 
were  chosen  to  lie  between  the  moie  widel> 
spaced  planes.  The  second  hugest  interplanar 
spacing  in  the  cubic  diamond  structure,  then,  is 
that  of  (1 10)  plane.s,  with  d{  \  10)  =  ().354«„.  Our 
results  obtained  for  GBs  on  these  two  most 
widely  spaced  lattice  plane.s  are  summarized  in 
Fig.  8. 

Figure  8(a)  shows  qualitatively  the  same  fea¬ 
tures  as  our  results  for  metals:  GBs  on  the  more 
widely  spaced  (111)  planes  show  significantly 
lower  energies  than  GBs  on  the  ( 1 1 0)  plane.s.  The 
difference  of  approximately  22'Io  in  interplanar 
spacings  translates  into  an  energy  difference  of 
roughly  a  factor  of  two.  Also,  as  foi  metals, 
energy  cusps  are  observed  whenevci  a  paiticu- 
larly  small  planar  unit-cell  area  is  approached. 
This  is  the  case  foi  the  23  ( 1 1 1  bound¬ 

ary  (sec  also  Fig.  3(a))  and  for  the  23  GIOj 
(0  =  70.53°)  boundaiy  (.see  also  Fig.  6(a;j.  As  in 
the  metals,  the  difference  between  these  energies 


I'lg  8.  GB  energy  an  erg  cm  'i  i.s.  m  angle  for  d  1 1 ; 
ami  (III))  twi.sl  boundaries  in  silicon  deter  nined  by  means  of 
tile  Stillinger- Weber  poiential.  (b)  Volume  .-.vpansion  per  unit 
area  for  the  boundaries  in  the  top  half. 

is  a  result  of  the  differing  degrees  of  disorder  in 
the  GBs  on  the  two  planes.  In  addition  to  radial 
clLstribution  functions  similai  to  Fig.  4,  however, 
angular  distribution  functions  have  to  be  consid¬ 
ered  also.  A  detailed  analysis  of  both  types  of 
distribution  function  was  presented  in  ref.  22  foi 
GBs  on  both  sets  of  planes. 

As  for  the  (110)  tw"  boundaries  in  molyb¬ 
denum,  the  values  of  dV  n.:  the  'iO  twist 
boundaries  in  silicon  are  approxim  .  ,oii.„aiu 
{i.e.  independent  of  0),  although  li.v  scatter  is 
larger  than  foi  metals  ^see  Fig.  A  particu¬ 
larly  interesting  feature  in  Fig.  8^ '  .s  the  fact  that 
for  the  J  1  F  I  ’  ist  boundaries  all  free  volumes  are 
negiiiive,  i.c.  the  GBs  actually  tonliad.  At  first 
sight  this  result  appeals  paiadoxical  becau.se  the 
perfect  stacking  has  been  destroyed  at  the  GB,  in 
both  a  hard-  and  a  soft-spheie  material  one 
would  expect  a  subsequent  expansion,  i'he  expla¬ 
nation  for  this  phenomenon  is  closely  connected 
with  the  covalent  (i.e.  diicctional/  bonding  ol  sili- 
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con;  the  bonds  in  the  diamond  structure  point  in 
the  (111)  directions.  Hence,  in  a  (111)  free 
surface  all  bonds  cut  bj  creating  this  surface  point 
in  the  direction  of  the  surface  normal.  Tlierefore, 
when  tw'isting  two  (111)  planes  relative  to  one 
another  all  bond  lengths  are  stretched.  Upon 
relaxation,  the  atoms  attempt  to  leeoser  theii 
perfect-crystal  bond  lengths  by  contracting— with 
the  net  result  of  a  contraction  at  the  GBs.  The 
strong  correlation  between  GB  energy  and 
volume  expansion  does  therefore  not  exist  when 
the  directionality  of  the  bonding  becomes  an 
important  consideration. 

Finally,  the  parameters  obtained  from  a  fit  of 
the  Read-Shockley  expres.'- Ions  (6)  and  (7)  to  the 
low-angle  portions  of  the  curves  in  Figs.  8(a)  and 

(b)  are  listed  in  Table  4.  Although  the  scatter  of 
points  is  larger  than  for  metals,  overall  the 
Read-fhojkley  expressions  were  satisfied  rather 
well  for  k;w-angle  boundaries. 

8.  Fracture  energies 

For  the  sake  of  compli  (•  ness,  in  Table  5  we 
have  listed  the  energies,  y,  of  the  free  surfaces 
obtained  by  separating  the  GBs  considered  in  this 
paper  at  the  CP  p';;ne.  Surface  reconstruction 
was  not  consider  J  in  these  calculations.  Accord¬ 
ing  to  the  Gr''iith  criteria,  the  thermodynamic 
threshold  for  brittle  fracture  along  a  grain  bound¬ 
ary  is  given  by  2y-  Using  the  values  of  y  in 
Table  5  and  the  energies  presented  in  Figs.  3(a), 
5(a)  and  8(a),  the  related  ideal  fracture  energies 
can  be  determined  for  all  GBs  considered  in  this 
paper.  In  Table  5  we  have  included  the  approxi¬ 
mate  energies  from  the  flat  parts  of  the 
curves  in  these  figures.  As  already  pointed  out, 
for  GBs  in  these  misorientation  ranges  the 

TABLE  5  Free-surface  energies,  y,  and  energies  of  “typi¬ 
cal”  high-angle  GBs  {i.e.  from  the  flat  parts  of  the  /;*'“( 0) 
cunes  in  Figs.  3(a),  6(a)  and  8(a)).  Also  shown  is  the 
thermodynamic  threshold  energj’,  2y-£'‘’",  for  brittle  hi- 
crystal  fracture.  All  energies  are  in  units  of  erg  cm  d(hkl) 
is  the  interplanar  spacing  of  (hU)  planes  (in  units  of  the 
lattice  parameter  a^) 
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Read-Shocklc)  dcscrip'iun  bieaks  down  since 
the  dislocation  cores  overlap  completely.  We 
consider  these  boundaiT’s,  therefoie.  to  displav 
behavior  "typical"  or  generic"  for  high-angle 
grain  boundaries. 

According  to  Table  5,  the  largei  interplanar 
spacing  of  the  densest  planes  Uv.  s  rise  not  only 
to  significantly  lowei  GB  eni  ’“ut  also  to 
lower  free-surface  energies.  ,n  i  gly.  how¬ 
ever,  these  planes  arc  >c  t  ti  i.  the  lower 

values  of  the  ideal  tract  •  In 

fact,  in  all  three  cubic  struct.  okiered  this 
energy  is  lower  for  the  second  tensest  planes. 
What  this  means  in  reality  is  not .  '.w  ioas  because 
impurity  .segregation  is  believ  .;c‘  ,  an  impor¬ 

tant  factor  in  the  fracture  <■  'i“>-bou'idary 
materials. 

9.  Conclusions 

Before  comparing  the  results  of  this  study  with 
experimental  results  one  should  keep  in  mind  that 
we  have  considered  the  properties  of  very  simple 
model  .systems  at  zeio  temperature  which  may  or 
may  not  exist  in  this  form  in  nature.  These  model 
.sy.stems  exclude  any  effects  arising,  for  example, 
from  point  defects  in  the  GB  region,  such  as 
impurity  segiegation  and  recons’ruction.  For 
the.se  simple  model  systems  we  have  demon¬ 
strated  the  following  properties. 

(a)  Both  lh>  GB  energy  and  volume  expansion 
depend  very  si  ..'igly  on  the  GB  plane.  In  corre- 
.spondmg  free  surfaces  the  same  effect  is  less  pro¬ 
nounced.  This  illustrates  the  role  of  the  .structural 
di.sorder  at  the  interface  in  enhancing  the  energy 
ani.sotropies  already  present  at  the  related  free 
surfaces. 

(b)  In  metals  the  GB  energy  appears  to  be 
correlated  with  the  volume  expansion  induced  by 
the  de.struction  of  perfect  stacking  at  the  inter¬ 
face.  This  expansion  is  larger  for  GB  planes  with 
smaller  interplanar  spacing. 

(c)  In  silicon,  due  to  its  covalent  bonding,  no 
such  correlation  between  GB  energy  and  free 
volume  .seems  to  exist.  In  fact,  for  the  rea.sons  dis¬ 
cussed  in  Section  7,  GBs  on  the  (111)  plane 
actually  contract. 

(d)  The  planar  ac.it-cell  area  appears  to  be  of 
importance  also.  Whenever,  on  a  given  plane,  a 
twist  angle  is  approached  for  which  the  GB  unit- 
cell  area  is  particularly  small  (such  as  for 
(?  =  70.53°  on  ( 1 1 0)  and  0  ~  60°  on  ( 1 1 1 )).  a  cusp 
in  the  0)  curve  is  observed. 
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(e)  In  all  GBs  investigated,  a  significant  fraction 
of  atoms  in  the  planes  nearest  to  the  GB  plane 
show  interatomic  separations  which  are  less  (up 
to  about  10%)  than  the  perfect-crystal  nearest- 
neighbor  distance.  These  atoms  appear  to  be  the 
ones  contributing  most  to  the  GB  energy.  In  sili¬ 
con,  the  distribution  of  bond  angles  contributes  in 
addition. 

(f)  The  dominaiwig  nature  of  atoms  in  very 
close  contact  with  one  another  is  thought  to  be 
the  main  reason  for  the  similarities  in  the  struc¬ 
ture-energy  correlation  for  all  three  cubic  lattices 
considered. 

In  summary,  it  appears  that  the  en-  etics  and, 
perhaps,  other  physical  pioperties  of  grain 
boundaries  are  governed  by  the  short-range 
repulsion  betwien  atoms  in  very  close  contact, 
i.e.  by  the  PauK  principle.  It  appears  reasonable 
to  assume  that  in  more  complex  interface  mater¬ 
ials,  such  as  metal-ceramic  interfaces,  the  struc¬ 
tural  disorder  at  the  interface  also  gives  rise  to 
atoms  in  very  close  contact.  Since,  independent  of 
the  nature  of  chemical  bonding,  atoms  repel  each 
other  when  pushed  closely  together,  we  believe 
that  the  densest  planes  should  play  an  equally 
important  role  in  the  energetics  of  more  complex 
interfaces.  That  this  is  indeed  the  case  is  illus¬ 
trated  in  these  proceedings  by  the  high-resolution 
TEM  work  of  M.  Riihle  on  metal-ceramic  inter¬ 
faces  (34).  The  preference  of  many  GBs  studied 
by  means  of  high-resolution  TEM  for  asymmet¬ 
rical  GB  plane  orientations  [4,  5j  (in  which  one  of 
the  two  planes  is  a  densest  lattice  plane)  also 
supports  this  suggestion. 
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Abstract 

The  me  of  the  molecular  dynamics  simulation 
technique  to  study  interfacial  properties  at  high 
temperatures  is  discussed  in  the  context  of  an 
investigation  of  thermal  disordering  at  a  grain 
boundary.  Using  a  bicrystal  model  of  a  high-angle 
symmetrical  tilt  boundary  and  an  empirical  inter¬ 
atomic  potential  function  for  aluminum,  results 
are  obtained  which  reveal  that  total  loss  of  crystal¬ 
line  order  can  occur  in  the  interfacial  region  at 
about  0.8  to  0.9  of  the  bulk  melting  point. 

1.  Introduction 

In  the  mechanical  behavior  of  crystalline 
materials,  grain  boundaries  often  play  an  impor¬ 
tant  role  because  interfacial  regions  are  general 
sources  and  sinks  of  point  defects  and  they  are 
also  regions  where  stresses  tend  to  nucleate  and 
accumulate  [1,  2],  I  ->  order  to  achieve  a  funda¬ 
mental  understanding  of  how  grain  boundaries 
behave  under  conditions  of  high  temperature  and 
finite  stress,  it  has  beeii  necessary  to  consider 
simpler  systems  on  whi  h  detailed  calculations 
can  be  performed.  From  iiie  standpoint  of  atom¬ 
istic  studies  the  bicrjstal  has  become  the  standard 
model  for  theoretical  discussions  [3]. 

Since  it  is  hardly  feasible  lo  observe  directly 
the  detailed  atomic  structure  of  the  interface  in  a 
bicrystal  specimen,  attempts  have  been  made  to 
obtain  such  information  through  a  discrete  par¬ 
ticle  simulation  approach,  either  molecular  statics 
for  the  determination  of  low  teniperature  struc¬ 
tures  and  energies  [4],  or  molecular  dynamics  for 
the  calculation  of  properties  finite  temperature 
(5,  6].  While  he  dynamic  simulations  have  pro¬ 
vided  considerable  insight  into  the  impoit.  nee  of 
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local  .Structure  and  cooperative  dynamics,  the 
extent  to  which  these  results  can  have  an  impact 
on  experiments  is  still  an  issue  to  be  resolved. 

The  purpose  of  this  contribution,  which  is 
largely  pedagogical,  is  to  discuss  the  capability  of 
the  molecular  dynamics  simulation  technique  for 
studying  interfacial  properties  at  high  tempera¬ 
tures,  through  an  investigation  of  structural  stabil¬ 
ity  of  a  bicrystal  model.  Results  are  presented 
which  illustrate  the  advantage  of  atomistic  simu¬ 
lation,  namely  availability  o,‘  .jetailed  information 
about  particle  positions  and  interactions  which 
makes  it  possible  to  examine  and  correlate  differ¬ 
ent  physical  properties  under  the  same  condition. 
It  is  also  intended  here  to  emphasize  the  limita¬ 
tions  of  the  simulation  approach,  the  approximate 
nature  of  the  interatomic  potential  function  a.id 
system-size  effects  a.ssociated  with  the  use  o:  a 
finite  simulation  cell. 


2.  Bicrystal  models 

Bicrystal  models  are  commonly  used  to  ana¬ 
lyze  and  interpret  physical  properties  of  grain 
boundary  solids  [7].  In  defining  a  bicrystal  model 
one  has  to  consider  both  the  geometric  structure 
of  the  interface  (grain  boundary)  and  the  inter¬ 
atomic  potential  functions  through  which  the  par¬ 
ticles  are  assumed  to  interact.  Moreover,  any 
actual  calculation  involves  the  use  of  a  simulation 
cell  which  means  specifying  the  geometry  and 
dimensions  of  the  cell  and  the  conditions 
imposed  on  the  cell  borders.  Tlic.se  factors  in  turn 
determine  the  spatial  extent  of  the  crystalline 
material  on  either  side  of  the  interface  and  the 
relation  between  the  system  under  direct  simula¬ 
tion  and  a  specimen  on  the  macroscopic  scale. 
Since  cells  of  varying  sizes  and  border  conditions 
of  diTercnt  types  have  been  used,  an  appreciation 
of  the  cell-specific  effects  is  helpful  when  di.s- 
cussing  the  physical  significance  of  simulation 
results 
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Bicrystal  models  are  generally  based  on  the 
coincident-site-lattice  concept  which  assumes 
perfect  matching  of  atomic  positions  at  the  inter¬ 
face  [8,  9].  In  this  construction  the  two  halves  of 
the  bicrystal  are  single  crystals  which  have  been 
rotated  relative  to  each  other  about  an  axis  which 
lies  either  in  the  plane  of  the  interface  (tilt  bound¬ 
ary)  or  normal  to  the  plane  (twist  boundary).  For 
reasons  of  computational  economy,  it  is  common 
to  consider  high-angle  boundaries  to  take  advan¬ 
tage  of  the  smaller  periodic  structural  units.  This 
means  choosing  boundaries  with  a  low  value  of  2, 
where  2  is  the  inverse  den.sity  of  the  coincident- 
site-lattice  points.  A  number  of  tilt  boundaries 
have  teen  investigated  on  the  grounds  that  these 
are  low-energy  boundaries  and  are  therefore 
special  [10].  Thus  far  molecular  dynamics  studies 
have  been  concerned  only  with  tilt  boundaries. 
However,  there  are  actually  cogent  reasons  for 
studying  twist  boundaries  [10].  From  a  geomet¬ 
rical  analysis  it  has  been  shown  that  a  sym¬ 
metrical  tilt  boundary  is  a  special  case  of  the  twLst 
boundary  (180°  angle  of  rotation).  Moreover,  the 
most  physical  parameters  governing  the  grain 
boundary  energy  are  shown  to  be  the  interplanar 
spacing  normal  to  the  interface  and  the  are,*  of 
the  planar  unit  cell  in  the  plane  of  the  interface, 
the  boundary  plane.  It  follows  from  these  consid¬ 
erations  that  studies  of  twist  boundaries  can  best 
lead  to  a  general  understanding  of  interfacial 
properties. 

While  the  role  of  the  interatomic  forces  may 
not  be  so  obvious  as  the  structure  of  the  interface, 
it  is  well  to  keep  in  mind  that  the  relaxed  config¬ 
urations  given  by  molecular  statics  and  the  atomic 
trajectories  produced  by  molecular  dynamics  arc 
direct  consequences  of  the  forces  assumed  to  be 
acting  among  the  particles.  In  ascribing  the  calcu¬ 
lated  properties  to  physical  systems  one  is  a.s.sum- 
ing  the  potential  function  used-  is  sufficiently 
realistic.  Unfortunately,  there  is  no  simple 
method  of  validating  such  an  assumption  short  of 
comparing  predicted  properties  with  measured 
values.  The  problem  is  made  even  more  difficult 
by  i..,  'act  that  different  properties  are  sensitive 
to  different  aspects  of  the  potential  function.  In 
the  ab.sence  of  direct  validation  by  experiment, 
one  can  investigate  the  sensitiv  ity  of  the  calcula¬ 
tion  by  using  different  potentials.  Becau.se  of  the 
effort  and  expense  involved  in  repeating  the  cal¬ 
culation,  such  procedure  is  seldom  followed. 

The  bicrystal  models  which  have  been  .studied 
by  molecular  dynamics  have  mostly  employed 


empirijal  potential  functions  such  as  the  Len- 
nard-Jones  (6-12)  potential  [5,  6,  11-14],  which 
is  know  n  to  be  appropriate  for  noble  gas  solids, 
and  the  Morse  potential  or  spline  potentials  fitted 
to  certain  properties  of  f.c.c.  or  b.c.c.  metals 
[15-17].  The  latter  potentials  were  not  consid¬ 
ered  particularly  satisfactory,  they  were  clearly 
compromises  motivated  by  availability  and  com¬ 
putational  simplicity.  Improved  potential  func¬ 
tions  for  metals  have  become  available  recently 
following  the  development  of  the  so-called 
embedded  atom  method  (EAM;  [18].  Although 
the  resulting  potential  is  still  effectively  fitted  to 
known  properties  of  the  metal,  the  variation  with 
local  electron  density  is  now  taken  into  account 
explicitly,  and  this  eliminates  the  major  objection 
to  the  empirical  potential,  namely  the  electronic 
contributions  are  neglected.  The  EAM  potentials 
for  f.c.c.  metals  have  given  very  encouraging 
results  in  a  number  of  calculations  of  materials 
properties  [19]. 

The  development  of  appropriate  border  con¬ 
ditions  for  atomistic  calculations  is  another  issue 
which  deserves  attention.  The  basic  function  of 
the  border  conditions  impo.sed  on  the  simulation 
cell  is  to  keep  the  computational  burden  within 
reasonable  limits  without  introducing  artificial 
con.straints  on  the  bicrystal  .system.  This  means 
the  borders  must  ensure  that  the  intciface  is 
properly  surrounded  by  bulk  matter  while  keep¬ 
ing  the  simulation  cell  size  to  a  minimum.  lit  the 
two  directions  parallel  to  the  interface,  the  peri¬ 
odic  nature  of  the  coincident-site-latticc  model 
makes  the  use  of  periodic  border  conditions  a 
natural  choice.  In  the  perpendicular  {Zj  direction 
it  is  not  clear  what  is  the  best  choice.  Early  studies 
have  employed  periodic  borders  [1 1-13]  or  fixed 
borders  [15-17],  each  with  some  unsatisfactory 
consequences.  Recently,  a  method  which  permits 
the  simulation  cell  to  expand  oi  contract  in  the  z 
direction  as  well  as  independent  .r-y  translations 
for  the  two  halves  of  the  bicrystal  has  been  pro- 
po.sed  [20J. 

To  make  the  foregoing  remarks  more  specific 
we  show  in  Fig.  1  a  bicrystal  model  [16,  17]  for 
which  some  illustrative  results  will  be  discussed  in 
the  following.  The  interface  in  this  case  is  a  2  =  5 
tilt  boundary  in  an  f.c.c.  lattice  with  the  tilt  axis 
directed  along  [001]  and  the  boundary  plane  is 
cho.sen  to  be  (i30).  The  misorientation  or  rota¬ 
tion  angle  is  53.13°.  The  intention  of  this  study  is 
to  model  aluminum  using  a  Moise  potential  func¬ 
tion  with  parameters  determined  by  fitting  the 
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Fig.  I.  Simulation  cell  showing  the  crysiall9grap!iic  orieiua- 
Iion  of  the  bicrystal  model  of  a  S  =  5  [UO 1 1 1  i  30j  symmetrical 
tilt  boundary.  Cell  is  periodic  along  the  x  and  y  directions 
and  has  fi.xed  borders  along  the  z  direction.  Also  shown  are 
the  x-z  and  y-z  plane  projections  of  two  adjacent  layers  of 
atoms  (open  and  solid  circles)  in  the  two  CSL  structural  units 
( 1  CSL=  fl(2.5)''-)  across  the  boundary  pla.ne  ( 1 30). 

known  vacancy  formation  energy  [21].  One  can 
question  whether  potential  functions  of  this  type 
are  adequate  in  representing  a  metal.  Certainly, 
more  realistic  results  can  be  expected  from  the 
use  of  the  EAM  potentials.  Such  calculations  are 
currently  in  progre.ss  [22]. 

In  specifying  the  simulation  cell  we  choose 
coordinate  axes  such  that  the  x  direction  is  along 
[310],  the  y  direction  [001],  and  the  c  direction 
[i30].  The  cell  is  periodic  along  the  x  and  y  direc¬ 
tions,  but  along  the  c  direction  a  fixed  border 
condition  is  imposed.  This  means  that  atoms  are 
placed  beyond  the  z  borders  of  the  cell  at  the 
positions  of  the  initial  configuration  and  they  are 
held  fixed  throughout  the  simulation.  The  con¬ 
straint  on  the  cell  imposed  by  the  fixed  border  is 
in  principle  highly  undesirable,  it  is  hoped  that  in 
practice  the  actual  effects  are  small  so  far  as  the 
behavior  of  the  interfacial  region  is  concerned. 
However  unsatisfactory  it  may  be,  the  fixed 
border  is  regarded  as  an  alternative  to  the  peri¬ 
odic  border  condition  which  gives  rise  to  a  sec¬ 
ond  interface  in  the  simulation  cell.  The  latter  is 
undesirable  since  the  two  interfaces  will  interact 
and  at  sufficiently  high  temperatures  boundary 
migration  will  be  thermally  activated,  leading 
eventually  to  the  annihilation  of  the  two  inter¬ 
faces.  It  is  possible  to  formulate  a  border  condi¬ 
tion  which  does  not  introduce  a  second  interface 
into  the  simulation  md  which  allows  the  cell  to 
expand  or  contract  in  the  c  direction  according  to 
the  stresses  produced  in  the  cell,  as  well  as  inde¬ 
pendent  translations  of  the  two  halves  of  the  bi¬ 
crystal  [20]. 

Since  the  constraining  effects  of  the  fixed 
border  are  a  concern,  two  simulation  cells  of  dif¬ 


ferent  sizes  will  be  used.  The  smaller  cell  (model 
B)  contains  840  particles  with  x  and  z  dimensions 
of  2  and  14  CSL  units  and  y  dimension  of  3  lat¬ 
tice  constants.  The  larger  cell  (model  D).  contain¬ 
ing  2520  particles,  has  the  same  .v  and  y 
dimensions,  but  the  z  dimension  is  3  times  longer. 
We  anticipate  that  any  property  which  is  signifi¬ 
cantly  affected  by  the  fixed  border  will  show 
variation  with  cell  size;  conversely,  if  the  same 
property  values  are  obtained  from  both  models 
this  would  constitute  numerical  evidence  that  the 
border  effects  on  that  property  are  not  serious. 


3.  Calculation  of  properties 

Standard  molecular  dynamics  are  employed 
for  the  simulation  of  the  bicrystal  model  [5,  6]. 
Newton's  equations  of  motion  for  the  atoms  in 
the  simulation  cell  are  integrated  using  a  Gear 
fifth-order  predictor-corrector  algorithm.  To 
keep  the  computational  burden  within  limits,  the 
interatomic  potential  function  is  cut  off  at  1.49 
lattice  constants  and  a  shift  is  introduced  in  the 
energy  and  the  force  at  the  cut-off  .'.istance  to 
eliminate  the  unphysical  discontinuities  asso¬ 
ciated  with  a  truncated  potential.  The  choice  of 
the  range  cut-off  is  again  a  compromise  between 
computational  efficiency  and  reality  of  simula¬ 
tion. 

The  2  =  5  .symmetrical  tilt  bicrystal  con¬ 
structed  by  the  coincident  site  lattice  method  is 
not  stable  because  there  is  a  pair  of  atoms  which 
arc  too  close  to  each  other  in  each  of  the  two  CSL 
units  across  the  interface  in  every  other  (001) 
plane  [see  Fig.  1 ).  To  relieve  the  strong  repulsion 
between  this  pair  we  first  remove  one  of  the  two 
atoms  and  then  alknv  the  two  halves  of  the  bicry  s- 
tal  to  have  independent  rigid  translations  in  all 
three  directions.  The  rela,xed  structure  which 
.serves  as  the  initial  configuration  for  the  molecu 
lar  dynamics  simulation  is  taken  to  be  that  con¬ 
figuration  having  the  lowest  potential  energy.  The 
resulting  structure  obtained  in  this  manner  is 
es.scntially  the  .same  as  that  found  in  an  earlier 
.study  [23J. 

The  purpose  of  the  initial  relaxation  is  to  start 
the  dynamic  simulation  with  a  stress-free  config¬ 
uration.  Actually  the  precise  details  of  the  initial 
configuration  should  not  matter  too  much,  since 
during  the  .simulation  at  high  tenperature.s  the 
atoms  can  have  large  amplitudes  of  displacement, 
thus  facilitating  the  relief  of  local  stresses. 
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The  basic  output  of  the  simulation  runs  ate  the 
particle  positions  and  velocities  at  each  time  step 
At.  The  choice  of  the  time  step  size  is  governed 
by  the  stability  of  the  numerical  solution  to  the 
equations  of  motion.  Over  the  range  of  tempera¬ 
tures  studied  At  varies  from  0.45  to 
2.58  X 10"'“'  s.  Roughly  there  are  about  50  time 
steps  in  a  lattice  vibration  period.  A  particular 
run  is  specified  by  the  number  of  time  steps  .Y, 
and  the  temperature  of  the  system  which  is  main¬ 
tained  at  the  desired  value  by  rescaling  the  vel¬ 
ocities  once  every  1 0  steps.  Since  the  shape  and 
volume  of  the  simulation  cell  does  not  change 
during  the  run,  a  substantial  pressure  increase  can 
result  if  the  system  temperature  is  raised  from 
one  run  to  the  next.  We  therefore  adjust  the  lattice 
constant  a  at  the  beginning  of  each  run  to  keep 
the  pressure  more  or  less  constant  throughout  the 
entire  series. 

Given  the  particle  positions  and  velocities  at 
every  time  step  one  can  calculate  essentially  all 
the  physical  properties  of  interest.  In  this  study 
we  are  primarily  concerned  with  those  properties 
which  are  well  defined  at  any  temperature  and 
which  reveal  some  aspects  of  structural  order.  We 
therefore  consider  the  following  collection,  the 
internal  energy  U,  the  internal  stress  tensor  m,  the 
static  structure  factor  S{K).  and  the  mean-square 
displacement  function  Ar.  These  quantities  are 
defined  as 

U=  I  u„ 

KJ 

Nk„Tl-Z  I  r,,ri, 

<  />■ 

5W  =  ^yexp[i/f(r-;;) 

Ar(/)=^,Z(r, (/)-/•, (O)j^ 

where  n,^=  H(|r,- rj)  is  the  interatomic  pair 
potential,  r,  is  the  position  of  atom  /,  Q  is  the 
atomic  volume.  .V  is  the  number  of  atoms  in  the 
simulation  cell  (in  the  case  where  local  properties 
are  calculated  .V  will  refer  to  the  number  of  atoms 
in  the  region  of  interest',  is  the  Boltzmann  con¬ 
stant,  7'  is  the  system  temperature,  defined  as 
3A'„7’=Z, V,  being  the  vclocitv  of  particle  /. 
and  /f  is  a  prescribed  wavevector.  The  pressure  P 
is  given  by  [Tr(m)/3]. 

All  the  quantities  defined  can  be  calculated 
once  the  particle  positions  are  known;  they 


pertain  to  the  entire  .sy.stem  and  they  will  vary 
with  time  since  the  particles  are  alvvay.*-  in  motion. 
Because  of  the  intrinsic  fluctuations  in  a  thermo¬ 
dynamic  ^y^tcm  it  is  often  more  useful  to  consider 
time-averaged  properties.  We  will  denote  such 
averages  by  the  angular  brackets  ( /.  There  are, 
hovvevei,  different  time  averages.  One  can  take 
the  instantaneous  value  ^at  time  step  /„>  of  a  prop¬ 
erty  such  as  the  internal  energy  L’=  L\t„},  and 
calculate  a  cumulative  average  over  the  first  .s 
time  steps 

U(t  =  sAt)  =  -yU{t„) 
s  I 

For  small  values  of  s  or  when  the  system  is 
•nitially  not  in  equilibrium,  the  time  variation  of  C 
will  show  iluctuatluns.  but  when  the  average  is 
over  a  large  number  of  time  steps  during  which 
the  .system  has  reached  equilibrium,  then  0  will 
converge  to  an  essentially  constant  value  which 
we  will  denote  as  ^U'/.  The  significance  of  (6'/  is 
that  it  is  the  thermodynamic  or  ensemble  average 
in  the  sense  of  the  ergodic  hypothesis,  the  time 
average  being  equivalent  to  ensemble  average.  On 
the  other  hand,  the  instantaneous  value  U  will 
always  fluctuate  in  time  rcgardle.ss  of  whether  or 
not  the  .system  is  in  a  state  of  equilibrium.  The 
.same  remarks  apply  also  to  the  other  properties. 

In  terms  of  the  properties  U.  :t,  S\Ki,  and  Ar-, 
one  can  achieve  a  quite  detailed  and  unified 
characterization  of  the  simulation  model.  In  ordei 
to  isolate  the  behavior  specific  to  the  interface,  it 
is  of  great  value  to  consider  a  reference  .sy.stem 
with  which  one  can  compare  the  various  prop¬ 
erties  being  calculated.  Given  the  choice  of  the 
bicrystal  model  and  the  simulation  cell,  it  is  clear 
that  an  appropriate  reference  .system  is  a  single 
crystal  with  the  same  orientation  a.s  cither  the 
upper  or  lower  half  of  the  bicry'stal.  By  using  the 
same  potential  function  and  applying  the  same 
border  conditions  one  can  make  the  simulation 
cell  for  the  reference  .system  identical  to  the  bi- 
crystal  .system  except  for  the  interface.  In  this 
way.  the  difference  in  any  property  can  be  attrib¬ 
uted  to  the  pre.sence  of  the  interface. 

Since  the  bicrystal  .system  is  not  homogeneous, 
it  is  e.ssentiai  to  be  able  to  identify  the  interfacial 
region  as  being  distinct  from  the  bulk  cry.stal.  As 
an  operating  procedure  we  divide  the  simulation 
cell  into  equal  layers  along  the  c  direction,  and 
calculate  the  above  properties  as  local  quantities 
for  each  layer.  The  cvimbination  of  layer  calcul.i- 
tions  and  the  availability  of  the  reference  .system 
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data  for  comparison  makes  it  possible  to  follow 
the  deformation  and  disordering  of  the  interface 
at  elevated  temperatures. 


4.  Microstructural  behavior  at  high  tempera¬ 
tures 

We  now  describe  some  simulation  results 
obtained  using  the  bicrvstal  model  discussed 
above  [17].  Two  series  of  simulations  have  been 
performed,  one  in  which  the  bicrystal  tem¬ 
perature  was  raised  in  a  .stepwise  manner  and 
the  other  in  which  the  temperature  was  lowered 
similarly.  In  the  heating  series  the  range  covered 
was  from  about  half  the  meltmg  point  of  the  bulk 
Tn,  to  a  temperature  close  to  T^,  being  the 
value  determined  from  a  study  of  the  reference 
system.  In  the  cooling  series  the  starting 
configuration  was  that  of  a  melt  and  the  system 
was  cooled  down  to  various  temperatures  below 
Tn,.  Since  the  results  of  the  cooling  .series  are  con¬ 
sistent  with  those  of  the  heating  series,  they  will 
not  be  discussed  any  further. 

The  behavior  of  the  bicrystal  that  is  of  primary' 
interest  is  the  stability  of  the  interfacial  structure 
against  thermal  disordering.  Specifically,  we 
would  like  to  establish  whether  the  interface 
undergoes  a  structural  transition  prior  to  the 
melting  transition  occurring  in  the  bulk  .system. 
We  begin  with  the  internal  energy  results  shown 
in  Fig.  1.  First  we  note  the  reference  system 
results  which  indicate  an  c-ssentially  linear 
increase  of  U  starting  at  500  K  up  to  about  950  K 
where  a  sudden  jump  occurs.  E.\amination  of  the 
static  structure  factor  S[K)  shows  that  the  particle 
configuration  has  become  structurally  disordered 
as  manifested  by  an  essentially  zero  value  of 
S{K).  Also  the  mean-square  displacement 
increases  sharply  to  a  value  that  appears  to  be 
unbounded.  We  interpret  this  behavior  as  signify¬ 
ing  a  melting  transition,  and  accordingly  we  will 
take  Tn,  to  be  950  K.  That  this  value  turns  out  to 
be  cl.  se  to  the  known  melting  point  of  aluminum 
[930  K)  should  be  regarded  as  largely  fortuitous 
since  the  potential  function  used  is  crude  and  also 
or.v  vXpects  a  certain  amount  -of  'upvi  heating 
given  the  present  border  conditions.  It  is.  how¬ 
ever,  self-consistent  to  adopt  the  reference  system 
re.sult  as  the  bulk  melting  point. 

In  Fig.  2  the  bicry. stal  re.sults  arc  .shown  separ¬ 
ately  for  the  intcrfacial  region  and  the  bulk 
regions.  This  division  is  based  on  the  properties 
which  have  been  calculated  layer  by  layer  and  the 
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Fig.  2.  Variation  of  potential  energy  per  panicle  with  tem- 
pcr.,.uic  of  the  biersMal  moilcl  .mJ  the  reference  single- 
crystal  system.  Triangles  denote  the  results  for  the  grain 
boundary  layers  and  diamonds  for  the  bulk  region  in  the 
bicrysial  isoiid  and  open  symbols  arc  for  the  smaller  and 
larger  tells  icspcttiicly  .  Singlc-trjslal  results  arc  denoted  by 
the  solid  squares. 
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Fig.  .V.  Profiles  of  the  static  sinrcturc  factor  S\K  of  the 
biLtyslal  tcll  at  various  temperatures  below  bulk  mdling. 
500  K  sol'd  triangles  .  600  K  open  trian^cs .  "00  K  solid 
diamonds  .  SOO  K  -open  diamonds .  S50  K  solid  squares . 
900  K  .open  squares. 


fact  that  the  intcrfacial  region  is  less  well  ordered 
compared  to  the  bulk.  The  results  most  useful  for 
the  delineation  of  the  interface  is  the  static  .struc 
ture  factor  .5, A',  Figure  3  shows  the  profile  of 
S.K  along  th-c  ;  direction  at  various  tempera- 
turc.v.  Because  vve  arc  interested  in  the  effect  of 
ihcrm.il  disordering  and  not  the  difference 
between  the  bicrystal  and  the  reference  single 
cry  .stal.  the  wavevcctor  K  .should  be  v.ho.scn  .such 
that  projections  of  the  atomic  positions  along  this 
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direction  are  the  same  for  the  two  systems.  In  this 
case  we  take  K  along  the  y  direction.  With  the 
interfacial  region  being  characterized  by  a  lower 
value  of  S(K),  one  has  a  convenient  measure  of 
the  extent  of  the  interface.  At  800  K  and  below, 
the  interfacial  width  L  appears  to  be  temperature 
independent,  although  there  is  increasing  dis¬ 
order  with  temperature  in  the  interfacial  region  as 
well  as  in  the  bulk.  At  850  K  complete  disorder 
has  set  in  in  the  interfacial  region  along  with  some 
width  expansion.  At  900  K  it  is  clear  that  the 
extent  of  the  region  of  disorder  has  increased 
considerably.  From  these  profiles  we  can  sys¬ 
tematically  decide  which  layer  should  be  treated 
as  belonging  to  the  interface. 

It  can  be  seen  in  Fig.  2  that  the  bulk  region 
energies  are  in  agreement  with  the  values 
obtained  from  the  reference  system.  This  is  as  it 
should  be  if  the  bicrystal  simulation  cell  is  chosen 
large  enough  so  that  part  of  it  indeed  behaves  like 
a  bulk  crystal.  The  interna!  energy  of  the  inter¬ 
face,  denoted  by  closed  and  open  triangles  in  Fig. 
2,  shows  linear  behavior  parallel  to  that  of  the 
bulk  for  temperatures  up  to  about  800  K.  Then 
its  variation  seems  to  change  character,  the  pre¬ 
cise  details  being  system  size  dependent.  Over  the 
temperature  region  from  825  to  950  K  the  grain 
boundary  core  region  is  found  to  undergo  a  vol¬ 
ume  expansion,  and  in  the  case  of  the  smaller  cell 
the  expansion  is  accompanied  by  an  apprecia¬ 
ble  pressure  increase  (see  Table  1).  The  pressure 
increase  also  occurs  in  the  larger  cell  at  a  higher 
temperature.  Our  interpretation  is  that  the  Pres¬ 
sure  increase  is  responsible  for  the  energy  level¬ 
ing  off  seen  in  Fig.  2,  and  this  is  an  unphysical 
behavior  caused  by  the  fixed  border  condition 
used  in  our  simulation. 

TABLE  1  Calculated  pressure  (kbar)  in  the  bicrystal 
models  and  the  reference  single  crystal  cell.  Values  shown 
are  averages  taken  over  1000  time  steps  at  the  end  of  every 
run;  they  are  also  averages  over  the  entire  cell  excluding 
several  layers  next  to  the  fixed  bo.  ders 


Temperature  Model  B 

(K) 

Model  D 

lief 

500 

-5.52 

-4  94 

-4.64 

600 

-6.25 

-5.83 

-5.99 

700 

-6.04 

-6.38 

-7.27 

800 

-4.14 

-6.44 

-7.61 

825 

-1.98 

-4.96 

850 

-0.41 

-4.03 

875 

4.13 

-0.22 

900 

9.31 

4.13 

-7.87 

925 

12.02 

8.10 

950 

20.61 

-4.71 

The  profiles  of  S[K)  given  in  Fig.  3  allow  us  to 
extract  an  interfacial  width  L .  We  regard  a  layer 
as  belonging  to  the  pnterface  if  its  S{K)  value  is 
less  than  or  equal  to  (5’,j  -  S„^,„)I2,  where  5,j  is  the 
maximum  value  of  S[K)  averaged  over  both  sides 
of  the  interface  excluding  the  interfacial  region, 
and  5„„|,  is  the  minimum  value  of  S{K)  at  the 
given  temperature.  The  layers  regarded  as  bulk 
are  those  with  S[K)  -  5,j.  A  plot  of  the  variation 
of  L  with  temperature  is  given  in  Fig.  4.  One  can 
see  that  L  is  essentially  unchanged  from  500  to 
700  K,  and  within  the  error  bars  it  is  also  size 
independent.  Up  to  800  K  the  change  is  still  quite 
small,  but  beyond  this  temperature  a  rapid 
increase  in  width  occurs.  This  behavior  is  quite 
consistent  with  the  foregoing  discussion  of  the 
internal  energy  results,  and  together  they  suggest 
a  grain  boundary  melting  transition  in  the  sense 
of  loss  of  local  crystalline  order. 

In  Fig.  4  the  error  bars  are  determined  from 
the  time-dependent  fluctuations  in  S[K).  It  is 
reasonable  that  at  800  K  and  above  the  larger  cell 
gives  higher  values  of  L  because  the  greater  pres¬ 
sure  rise  in  the  smaller  cell  is  likely  to  inhibit  the 
transition.  This  then  implies  that  the  true  increase 
of  L  with  temperature  above  875  K  is  probably 
greater  than  the  present  estimate.  A  logarithmic 
variation  of  the  boundary  width  has  been  previ- 
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Fig.  4.  Variation  of  grain  boundary  width  (in  CSL  units)  with 
.emperaturc,  smaller  cell  (open  squares)  and  larger  cell  ('solid 
squares).  Error  bars  are  a  measure  of  the  dynamical  fluctua¬ 
tions  encountered  in  defining  the  intcrfacial  layer. 
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ously  suggested  [14,  24],  but  no  actual  results  for 
a  liquid-like  film  thickness  have  been  reported. 

5.  Discussion 

Molecular  dynamics  results  can  provide 
unique  insight  into  local  structure  and  dynamics 
of  material  interfaces  because  the  atomistic  simu¬ 
lation  approach  allows  one  to  study  in  detail  the 
highly  non-linear  interactions  among  particles 
distributed  in  any  configuration  dictated  by  the 
interatomic  forces  between  neighboring  particles 
and  the  stresses  mediated  by  their  local  environ¬ 
ment.  Combining  this  feature  with  the  capability 
of  treating  entropic  effects  associated  with 
thermal  fluctuations,  one  has  a  powerful  tool  for 
probing  interfacial  properties.  Thcic  are  practical 
limitations  concerning  the  availability  of  realistic 
interatomic  potential  functions  and  the  need  for 
flexible  border  conditions  which  do  not  involve 
an  excessive  number  of  particles.  The  embedded 
atom  method  of  derlring  potential  functions  is  an 
encouraging  development  from  the  standpoint  of 
applications  to  material  systems  of  practical 
interest  [19].  It  apears  that  there  is  considerable 
potential  for  atomistic  simulations  to  make  signif¬ 
icant  contributions  to  our  understanding  of  the 
physical  properties  of  interfacial  systems. 

We  have  described  a  study  of  the  structural 
stability  of  a  particular  bicrystal  model  at  elevated 
temperatures.  This  serves  to  illustrate  some  of  the 
unique  features  of  the  atomistic  simulation 
approach  as  well  as  some  of  the  difficulties.  The 
existence  of  grain  boundary  premelting  is  still  an 
open  question  despite  several  attempts  to  obtain 
definitive  '■esults  [11,  13,  14,  16,  17].  In  a  larger 
sense  the  problem  is  of  interest  from  the  stand¬ 
point  of  phase  transitions  at  i  nernal  interfaces 
[25];  there  is  also  an  analogy  with  surface-induced 
disorder  transitions  and  wetting  [26].  It  seems 
reasonable  to  conclude  that  the  basic  phen¬ 
omenon  of  structural  beliavior  at  interfaces  at 
finite  temperatures  is  rich  and  worthy  of  con¬ 
tinued  investigations.  Eventually  one  would  like 
to  make  contact  with  experimental  observations 
[27],  in  which  case  further  issues  of  the  effects  of 
impurities  and  secondary  boundary  dislocations 
will  have  to  be  addressed. 
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Note  added  in  proof 

Since  the  writing  of  this  paper  we  realized  that 
the  temperature  7],,  referred  to  in  Section  4  is 
actually  a  mechanical  instability  temperature 
which  is  known  to  be  higher  than  the  melting 
point.  Although  the  simulation  results  presented 
here  are  not  affected,  the  conclusion  to  be  drawn 
from  our  work  is  that  melting  at  the  grain  bound¬ 
ary  occurs  at  0.8  to  0.9  of  the  instability  tempera¬ 
ture.  It  has  been  shown  elsewhere  (S.  R.  Phillpot, 
J.  F.  Lutsko,  and  D.  Wolf,  to  be  published;  T. 
Nguyen,  Ph.D.  Thesis,  MIT,  September  1988;  to 
be  published)  that  grain  boundary  melting  in  fact 
occurs  at  the  melting  point  of  the  bulk  solid.  We 
are  grateful  to  D.  Wolf,  J.  F.  Lutsko,  and  S.  R. 
Phillpot  for  sharing  their  results  on  melting  at 
surfaces  and  interfaces  with  us  prior  to  publica¬ 
tion. 
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Abstract 

Vde  discuss  theoretical  models  of  interfacial 
embrittlement  by  solute  segregation.  Of  properties 
susceptible  to  alteration  by  segregation,  the  ideal 
work  of  interfacial  separation,  is  predicted  to 
have  an  important  but  probably  not  exclusive  role 
in  controlling  embrittlement.  A  thermodynamic 
framework  for  estimating  from  data  available 
through  free  surface  and  grain  boundary  adsorp¬ 
tion  studies  is  outlined,  and  relevant  segregation 
energies  are  given  for  carbon,  phosphorus,  tin, 
antimony  and  sulphur  .segregation  in  iron.  Data 
from  intergranular  fracture  experiments  involving 
these  same  segregants  is  also  summarized  in  an 
attempt  to  test  the  idea  that  segregation-induced 
embrittlement  (or  ductilization)  can  be  understood 
in  terms  of  the  segregant’s  effect  on  Uncer¬ 
tainties  in  present  data  do  not  allow  a  convincing 
test,  but  it  is  not  implausible  that  the  deleterious 
effects  of  phosphorus,  tin,  and  sulphur  in  iron  can 
be  understood  in  this  way.  The  effect  of  carbon 
does  not  seem  to  be  similarly  understandable, 
although  that  may  be  due  to  the  inappropriateness 
of  the  only  available  surface  segregation  data  in 
that  case,  which  are  for  a  (001)  surface  rather  than 
a  general  polycrystalline  surface  created  by  inter¬ 
granular  fracture. 

1.  Introduction 

Several  examples  are  known  whereby  the  alter¬ 
ation  of  chemical  composition  of  grain  bound¬ 
aries,  by  the  atomic-scale  segregation  of  solutes 
present  only  as  minute  impurities  in  the  bulk, 
causes  intergranular  brittleness  of  normally 
ductile  solids.  Examples  are  provided  by  bismuth 
in  copper,  sulphur  in  nickel  and  a  range  of  segre¬ 
gants,  including  arsenic,  oxygen,  phosphorus. 
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tin,  antimony,  sulphur,  tellurium  and  presumably 
hydrogen  in  iron  [1-3].  Sometimes  the  presence 
of  a  segregant  at  grain  boundaries  may  improve 
the  ductility  of  a  polycrystal  that  is  susceptible  to 
brittle  intergranular  failure.  This  seems  to  be  the 
case  for  carbon  in  iron  that  has  been  embrittled 
by  some  of  the  segregants  just  mentioned,  and 
also  for  boron  in  the  ordered  NijAl  alloy  [4, 5|. 

Here  we  focus  on  the  much  studied  cases  of 
segregants  in  iron.  The  idea  is  to  use  the  results 
now  available  from  extensive  experiments  dealing 
with  that  case  to  evaluate  and  test  theoretical 
concepts  on  interfacial  cohesion,  and  thus  to 
develop  ideas  which  may  find  wider  application 
to  interfacial  failure  in  other  systems,  including 
composites. 

The  next  section  examines  available  theory  for 
understanding  the  brittle  decohesion  cracking  of 
interfaces  in  terms  of  parameters  susceptible  to 
alteration  by  segregation.  That  section  empha¬ 
sizes  the  expected  important,  if  not  exclusive,  role 
of  2yin,  as  a  controlling  interfacial  property  in 
determining  resistance  to  brittle  decohesion 
cracking.  Here  2y,n,  is  the  ideal  work  of  reversibly 
separating  an  interface  against  atomic  cohesion.  It 
is  equal  to  the  area  under  the  stress  a  vs.  separa¬ 
tion  distance  6  curve  for  the  interface;  Fig.  1. 

The  section  which  follows  then  reviews  a 
thermodynamic  framework  which  relates  changes 
in  interfacial  chemical  compo.sition,  due  to  solute 
segregation,  to  changes  in  2y,„,.  The  reductions 
(or  increases)  in  2y,„,  in  separations  at  fixed 
composition  are  shown  to  be  related  to  differ¬ 
ences  between  initial  and  final  free  energies  of 
segregation.  These  differences  are  between  an 
initial  state  in  which  the  segregants  are  situated  on 
unstressed  interfaces,  i.e.  grain  boundaries,  and  a 
final  state  in  which  they  reside  on  the  pair  of  free 
surfaces  created  by  fracture. 

Although  the  fractures  of  interest  generally 
occur  at  low  temperature,  when  the  interface  is 
out  of  composition  equilibrium  with  the  bulk,  the 
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Fig.  1.  Tensile  stress  I’s.  separation  distance  normal  to  an 
interface. 

relevant  free  energies  of  segregation  can  be  esti¬ 
mated  from  high  temperature  equilibrium  segre¬ 
gation  experiments.  While  there  is  substantial 
uncertainty  and  some  inconsistency  in  reported 
experimental  values,  data  exist  allowing  estimates 
of  approximate  ranges  for  the  free  energies  both 
for  grain  boundary  and  free  surface  impurity 
segregation  in  the  cases  of  carbon,  phosphorus, 
tin,  antimony  and  sulphur  in  a-Fe. 

Thus  one  has  the  means  of  determining  how 
segregation  of  so.  -es  at  interfaces  affects  2y,„,. 
The  question  arises,  is  understanding  of  the  alter¬ 
ation  of  2y,n,  by  solute  segregation  really  relevant 
to  explaining  segregation-induced  embrittlement 
in  ductile  or  normally  di  .tile  systems,  for  which 
total  works  of  fracture  are  usually  much  larger 
than2y„„? 

To  address  this  vve  close  by  indicating  a 
method  of  testing,  with  Utun  from  fracture  experi¬ 
ment,  the  hypothesis  that  embrittlement  (or 
ductilization)  by  impurity  solute  segregation  at 
interfaces  is  explainable  in  terms  of  the  effect  of 
the  segregation  on  2y,„,.  The  uncertainties  .t 
currently  available  data,  both  for  fracture  prop¬ 
erties  of  .solute  embrittled  iron  alloys  and  for 
thermodynamic  properties  of  the  grain  boundary 
and  surface  segregants,  are  so  great  that  a  con¬ 
vincing  test  of  the  hypothesis  cannot  be  made  at 
this  time.  The  data  on  phosphorus,  tin,  antimony 
and  sulphur  in  polycrystalline  iron  is  nevertheless 
such  that  it  is  not  implausible  that  their  deleteri¬ 
ous  effects  can  be  understood  in  terms  of  their 
alteration  of  2y,„„  which  they  decrease.  The  avail¬ 
able  data  for  carbon  in  iron  do  not  fit  the  same 
trend,  although  the  interpretation  is  unclear  since 
a  critical  surface  segregation  energy  is  available 
only  for  carbon  segregation  on  (100)  planes  in 
iron  crystals  rather  than  for  general  polycrystal 
surfaces  formed  by  intergranular  fracture. 


2.  Brittle  decohesion  cracking  of  interfaces 

Here  we  briefly  review  theoretical  models  of 
the  cracking  process  in  order  to  identify  material 
or  interfacial  properties  relevant  to  crack  growth 
resistance. 

2.1.  Griffith  crack 

In  the  elastic-brittle  Griffith  model,  all  plastic 
flow  processes  are  neglected.  The  amount  G  per 
unit  crack  area  by  which  the  work  done  by 
external  loads  exceeds  the  change  in  elastic  strain 
energy,  both  calculated  according  to  continuum 
elasticity,  is  equated  to  the  energy  2y,„,  per  unit 
crack  area  residing  in  the  newly  separated  bonds. 
(G  is  proportional  to  the  square  of  the  stress 
intensity  factor  for  the  common  linear  elastic 
model  of  the  adjoining  solids;  see  e.g.  [6].)  Thus 
G  =  2y,n,  for  crack  growth,  so  that  the  effect  of 
alteration  of  interfacial  chemical  composition 
shows  only  through  its  effect  on  2y,„,  in  this 
model.  Sometimes  the  energy  of  the  bonds  is 
written 

(1) 

where  A  and  B  denote  the  solids  that  join  along 
the  interface  (Fig.  2(a))  or  as  when  the 

solids  have  identical  properties,  where  the  /s 
denote  excess  free  energy  per  unit  area  for  a 
surface  ( /J  or  for  a  grain  boundary  interface  ( ff). 
A  different  expression,  as  discussed  later,  applies 
for  separation  of  an  interface  in  presence  of  a 
mobile  segregant  which  can  diffuse  to  or  from  the 
interfacial  region  during  separation. 

2.2.  Cohesive  zone  model 

This  model  incorporates  more  detail  of  the 
separation  process,  but  does  not  represent  the 
.  fleets  of  atomic  discreteness.  In  it,  the  interfacial 
region  is  represented  as  two  joined  elastic  con- 
tins  'lich  interact  with  one  another  such  that  a 
stres..  .  separation  relation,  o=o[d)  like  in  Fig. 
1,  applies  alang  the  gradually  decohering  inter¬ 
face  according  to  the  local  separation  d  (Fig. 
2(b)).  TIk  rvv^y  ..olids  are,  for  the  present,  assumed 
to  separau.  .vitiiout  dislocation  or  other  inelastic 
processes  within  the.n  and  without  significant 
shear  parallel  to  the  interface.  The  latter  assump¬ 
tion  may  not  genera."_  be  reasonable  for  inter¬ 
faces  between  solids  o*’  .drong  dissimilarity  in 
elastic  constants,  wt;n  w’v.n  loadetl  only  by 
tensile  forces  acting  peipc.idicular  to  iHe  inter¬ 
face  (see  ref.  7  and  references  therein).  We  neglect 


(1 1, 12]  and  Ferrante  and  Smith  [13],  then 


Fig.  2.  (a)  Interfacial  clastic-brittle  crack,  (b)  Region  of 
gradual  decoliesion  near  tip,  o\er  si^e  .scale  w. 


(4) 


Here  h  represents  an  unstressed  separation  dis¬ 
tance  between  planes  joining  at  the  interface,  and 
is  of  order  of  the  atomic  spacing  or  a  little  larger, 
and  E„  is  the  initial  modulus  for  one-dimensional 
tensile  straining  of  the  interface  layer.  It  then 
follows  from  do/dd  =  0  that 


such  effects  here,  although  they  may  be  important 
for  many  types  of  composite  interfaces. 

Clearly,  if  the  interface  is  initially  unseparated 
and  if  stressing  is  uniform  all  along  it,  then  the 
failure  criterion  is  that  o=a„^^^  of  Fig.  1.  How¬ 
ever,  there  is  a  different  result  when  the  failure 
occurs  within  a  transition  region  between  a  much 
longer  crack-like  zone,  where  the  sides  of  the 
nterface  have  been  pulled  out  of  interaction 
range  of  one  another,  and  an  also  long  region 
where  the  interface  remains  essentially  unsep¬ 
arated,  5  =  0.  This  defines  a  non-singular, 
cohesive  crack  model  and  a  well  known  applica¬ 
tion  of  the  /-integral  shows  that  the  condition  for 
crack  growth  reduces,  in  this  limit,  to 
[6,8] 

CO 

G=/a(5)d5^2y,,  (2) 

0 

where  G  is  the  energy  release  rate  for  the  equiva¬ 
lent  elastic-brittle  crack  model.  Fig.  2(a).  Thus  the 
cohesive  zone  model  then  gives  complete  agree¬ 
ment  with  the  Griffith  model. 

The  transition  zone  itself,  over  which  the 
decohesion  occurs,  has  a  length  w  along  the  inter¬ 
face  which  may  be  estimated  from  the  Dugdale/ 
BCS  model.  For  the  isotropic  material  of  tensile 
modulus  E  and  Poisson  ratio  v,  this  gives  (see,  for 
example,  [9]) 
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=  (3) 


which  is  a  lower  bound  to  the  size  since  it  is  ba.sed 
on  o  being  uniform  at  all  along  the  cohe.sive 
zone.  Guided  by  analogous  discu.ssion  in  [10],  we 
shall  thus  estimate  co  as  ( 1  to  1.5)  Ey^Ja^^'-. 

If  one  now  assumes  a  o  rv.  b  relation  com¬ 
patible  with  the  ( 1  +  x]  c  “ '  type  fit  to  the  energ>  of 
the  universal  bonding  correlation  of  Rose  ei  al. 


=  —  (5) 

ea 

with  6  =  hj a  at  the  maximum  and 

CO 

2y,„,  =  |  od6  =  ^  (6) 

0  « 

either  of  which  determine  a  and,  together,  imply 

®niax"~  2£()y,|,|/c-/!. 

Thus  the  estimate  of  the  cohesive  zone  w  at  the 
crack  tip  as  1  to  1.5  times  Ey^^Ja^^-  gives 
cu“(4-6)(£/£„)/t.  For  the  cleavage  of  a  lattice 
plane,  considered  as  an  interface,  £„  >  £  because 
of  the  Poksson  effect  (e.g.  £„=1.35£  when 
v=0.3)  and  co  =  3-4  lattice  spacings.  In  this  case 
the  separation  process  may  be  highly  localized  to 
the  crack  tip  and  may  bear  little  resemblance  to 
the  spread-out  zone  of  gradual  decohesion  en¬ 
visioned  in  the  present  model.  By  contrast,  for  a 
high-angle  grain  interface,  weakened  by  segrega¬ 
tion,  it  is  plausible  that  It  is  a  little  larger  than  an 
atomic  spacing  and  that  the  interfacial  layer  is 
elastically  compliant  so  that  £„  <  £.  For  example 
(£/£„)/»  =  2  lattice  spacings  results  in  a;  =  8-12 
lattice  spacings.  Thus  weak  interfaces  not  only 
require  less  of  a  stress  intensity  factor  for  elastic- 
brittle  crack  growth  but  also  spread  the  deco¬ 
hesion  zone  out  over  a  greater  size  scale.  Both 
factors  reduce  the  near-tip  shear  stresses  gener¬ 
ated  during  the  .separation  proce.s.s,  and  hence 
reduce  the  stresses  tending  to  cause  tho.se  dislo¬ 
cation  processes  that  have  been  neglected  in  the 
modelling  di.scussed  thus  far. 

2.3.  Effects  oj  itH'ice  dhcretene.ss 

While  2y,„,  is  the  condition  for  growth  tif  a 
(long)  crack  according  to  the  continuum  elastic 
models,  lattice  calculations  aie  not  in  perfect 
agreement.  Even  when  the  assumed  intei action 
potentials  among  the  atoms  is  eonsisten'  with 
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allowing  brittle  decohesion  of  bonds  along  the 
fracture  path,  without  nucleation  of  dislocations, 
one  finds  [6,  14-17]  that  loads  corresponding  to 
the  value  of  the  continuum  G  must  be 
achieved  for  the  onset  of  crack  growth,  and  lower 
loads  corresponding  to  a  value  C  "  for  the  onset 
of  healing,  where 

G-<2y.„,<G"  (7) 

(The  fact  that  must  fall  in  the  range  between 
G~  and  G*,  as  required  by  thermodynamics, 
was  not  recognized  in  some  of  the  earlier  works 
on  the  subject  [16],  due  primarily  to  ambiguities 
in  defining  G  so  as  to  properly  agree  w  ith  that  for 
the  anisotropic  elastic  continuum  limit  of  the 
adopted  lattice  model  [18].) 

The  excess  of  G*  over  2}',„,  is  referred  to  as 
lattice  trapping,  and  it  is  G*  rather  than  2y,„, 
which  provides  the  correct  criter  on  for  (non- 
thermally  activated)  crack  growth.  Unfortunately, 
it  is  not  known  in  much  detail  how  G  *  depends 
on  the  shape  of  the  o  rs.  6  relation,  or  on  the 
“shape”  of  potentials  describing  interatomic  inter¬ 
actions,  and  thus  there  is  little  basis  for  address¬ 
ing  how  alterations  of  chemical  composition  of 
the  interface  might  affect  G*.  Howevei,  with  an 
important  caveat  to  be  discussed,  recent  calcula¬ 
tions  for  elastic-brittle  cracks  in  crystal  lattices 
suggest  that  G  *  -  2y,„,  is  only  a  small  fraction  of 
2y,„„of  theorderof  10%  or  less  [14, 15].  Thus,  to 
a  reasonable  approximation,  the  effect  of  .segre- 
gants  on  G*  may  be  expected  to  be  similar  to 
their  effect  on  2y,„,.  Also,  the  difference 
G*  -  2y„„  is  lelatively  small  when  the  decohesion 
process  is  gradual,  extending  over  many  atomic 
spacings  at  the  ciack  tip,  and  this  is  the  situation 
to  be  expected  with  a  strongly  embrittled  inter 
face. 

The  caveat  refers  to  the  possibility  [19,  20]  that 
som.^  incipient  dislocation-like  shear  rearrange¬ 
ment  of  atomic  bonds  may  occur  near  the  crack 
tip  in  loading  towards  G".  Even  if  this  does  not 
involve  full  nucleation  of  a  dislocation,  e.g.  with 
the  incipient  dislocation  structure  disappearing 
due  to  image-like  attractions  at  the  free  surface 
after  the  crack  grows  ahead,  it  still  might  .serve  to 
make  G*  -2y„„  significantly  greater  than  lattice 
calculations  thus  far  reported  have  shown.  As  a 
po.ssible  example,  dc  Cellis  el  al.  [17]  found  an 
incipient  twin-like  shear  zone  in  a  lattice  simula¬ 
tion  of  cracking  of  iron. 

Lattice  trapping  effects  allow  the  possibility  of 
thermally  activated  growth,  and  the  kinetics  of 


ciack  growth  or  healing  must  always  satisfy  [21] 

(G-2y,„,)«>0  (8) 

where  «  =  crack  length.  Thus  2y,„,  is  the  thermo¬ 
dynamic  threshold  for  growth.  A  similar  thermo¬ 
dynamic  restriction  applies  for  growth  in 
presence  of  a  mobile  solute,  which  can  diffuse  to 
the  interfacial  region  during  separation,  or  for 
crack  growth  in  an  environment  which  adsorbs 
onto  the  fresh  fracture  surface,  provided  that 
2y,„,  is  appropriately  re-defined  using  adsorption 
data. 


2.4.  Competition  between  elenvuge  nnd  ilisloetition 
bltmting 

Another  perspective  on  the  effects  of  solute 
.segregation  on  embrittlement  is  provided  by  their 
effect  on  the  competition  between  cleaving  and 
dislocation  blunting  at  the  tip  of  an  atomistically 
sharp  interfacial  crack  [15,  8,  22-27],  Fig.  3. 
According  to  this  viewpoint,  an  interface  is 
regarded  as  intrinsically  cleavable  if  the  local 
stress  concentration  at  the  tip  (here  phrased  in 
terms  of  G)  necessary  for  cleavage  decohesion, 
namely  G,.|„,,,=  G*  =  2y,„„  is  less  than  the  value 
G,,,5i  corresponding  to  nucleation  of  a  dislocation 
from  the  crack  tip.  Conversely,  if  Gj,,,  <  2y,n„  the 
crack  tip  will  first  begin  to  blunt  by  dislocation 
emission  and,  presumably,  a  more  ductile  failure 
mode  will  result. 

Some  relevant  comments  on  this  approach  are 
a.s  follows  [25]. 

(a)  Gj„,  is  not  a  fixed  number  for  a  given  inter¬ 
face,  but  depends  on  the  direction  of  crack 
growth  along  it  [23,  25,  26],  because  of  the  differ¬ 
ent  orientations  of  the  potentially  relaxing  slip 
planes,  and  on  the  mixity  of  shear  with  tensile 
loading  relative  to  the  crack  [  1 5,  25].  Thus  it  may 
be  the  case  the  G„„|  <  2y,„,  for  some  directions  of 
cracking  along  a  given  interface,  whereas 


I'lij  .».  C'ompciition  hciwooii  a'  inicrfacini  dccoliesion  and 
lb)  dislociiiioM  bhintiiii;  of  crack  tip.  .Sy.sicm  is  regarded  as 
iiilriiiMc.illy  cicavabic  if  (i  for  a.  is  less  tlian  for  fbi. 
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Gjl,!.!  >2y,„,  for  other  directions.  Hence  it  over 
simplifies  to  say  that  an  interface  is  intrinsically 
cleavable.  Available  calculations,  for  that  special 
set  of  cracking  directions  which  are  such  that  the 
crack  tip  lies  in  a  slip  plane  [23,  25,  26],  suggest 
that 

=  /!£:&  V/o  (9) 

where  b  is  the  Burgers  vector  of  the  relaxing 
dislocation,  its  core  size,  and  A  a  factor  which 
depends  on  v,  the  load  mixity,  and  the  particular 
orientation  of  the  relaxing  slip  system,  and  which 
also  includes  a  factor  representing  the  resistance 
to  formation  of  the  dislocated  ledge  at  the  crack 
tip. 

(b)  Even  when  the  intrinsic  cleavability  condi¬ 
tion  Gj,s|>2yi„,  is  met,  interfaces  may  actually 
show  brittleness  only  if  there  is  a  mechanism  to 
nucleate  the  hypothesized  atomistically  sharp 
cracks,  e.g.  by  stress  concentrations  owing  to 
local  heterogeneity  of  plastic  flow,  and  if  stre.s.s 
levels  ahead  of  those  cracks  are  not  so  much 
reduced  by  plastic  flow,  due  to  pre-existing  or 
non-tip-nucleated  dislocations,  so  as  to  cause  the 
local  crack-tip  G  to  fall  below  2y,„,. 

(c)  Conversely,  if  the  intrinsic  cleavability  con¬ 
dition  is  not  met,  in  that  Gj„,<2>',„„  cleavage 
may  still  occur  if  the  mobility  of  tip-nucleated 
dislocations  is  sufficiently  low  that  they  cannot  be 
driven  out  from  the  near-crack-tip  region,  so  that 
stresses  reaching  levels  of  order  Fig.  1, 
develop  along  the  interface  ahead  of  the  crack. 

Thus,  while  the  comparison  of  Gj,5i  with  2 
in  terms  of  the  crack-tip  competition  provides 
important  insight  on  intrinsic  cleavability,  the 
approach  is  not  sufficient  on  its  own  to  incor¬ 
porate  the  factors  mentioned  in  (b)  and  [c]  which 
result  in  the  strong  observed  dependence  of  brit¬ 
tleness  on  temperature  and  strain  rate  due  to  the 
dependence  of  plastic  flow  processes  on  tho.se 
same  factors.  To  examine  the  effects  of  alterations 
of  composition  of  an  interface  on  its  inirin.sic 
cleavability.  one  should  therefore  examine 
the  effects  on  2y,„,  (or,  more  precisely,  G*)  and 
Thus  if  the  effect  of  interfacial  solute  .segre¬ 
gation  is  the  typical  one,  of  reducing  2y,„„  this,  in 
isolation,  would  make  the  interface  more  cleav- 
able.  Similarly,  an  effect  of  increasing  2y,„,  would, 
in  isolation,  make  it  less  cleavable.  However,  the 
segregation  might  also  affect  G,,„,  and  the  ease  of 
dislocation  pa.ssage  through  the  interface,  as  a 
part  of  larger  scale  plastic  stress  relaxation  near 


the  tip.  For  example,  Gj.si  depends  some,  hat  on 
the  energy  of  the  ledge  left  at  the  dislocated  tip, 
and  that  is  likely  to  have  a  dependence  on  ■  hemi- 
cal  composition  along  the  interface  [.2  4].  In  addi¬ 
tion,  it  has  recently  been  observed  that  sc  '•  des  of 
large  atomic  size  relative  to  the  host  lattice,  which 
retain  some  residual  volume  misfit  even  after 
segregating  to  the  interface,  may  inhibit  disloca¬ 
tion  nucleation  (i.e.  increase  ^disl)  through  an 
ela.stic  interaction  analogous  to  that  in  solute 
hardening  [27].  None  of  these  possible  effects  of 
segregation  on  and  on  dislocation  passage 
through  the  interface  can  be  quantified  with  much 
accuracy.  Thus  it  is  not  clear  if  cases  could  exist 
for  which,  as  an  example,  a  solute  segregation  that 
decreased  2y,„,  could  have  a  net  result  of  less 
cleavaoility  of  the  interface. 

2.5.  Crack  nucleatioii 

In  some  cases  interface  cracks  may  pre-exist, 
but  in  ductile  systems  it  is  likely  that  most  such 
Clacks  have  been  safely  blunted  in  high  tempera¬ 
ture  heat  tieatments  prior  to  use.  Thus  the 
occurrence  of  interfacial  fracture  will  require  a 
process  of  ciack  nucleation.  Sometimes  this 
process  simply  occurs  by  the  early  cracking  of  a 
brittle  phase,  e.g.  a  carbide.  Here  we  consider 
direct  nucleation  due  to  local  stresses  generated 
by  the  heterogeneity  of  flow.  This  is  illustrated  in 
terms  of  a  simple  dislocation  pile-up  in  Fig.  4.  It  is 
clear  that  once  the  crack  ha^  become  .several 
atomic  spacings  long  it  is  like  any  other  interface 
crack  and  hence  the  controlling  property  in  2y,n„ 
.subject  to  the  various  reservations  already  noted. 
When  the  crack  is  nearer  to  birth,  other  charac- 
terLstics  of  atomic  bonding,  c.g.  as  reflected  in  the 
peak  strength  and  the  overall  shape  of  the  o 
i.v.  6  relation,  are  important  too.  Segregant  effects 
that  reduce  will  case  the  birth  of  cracks  at 


l  ig  4.  Intcrf.ioal  luiLkatiim  at  a  JisUiLalitin  pili.-up. 
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local  stress  concentrations  and  those  that  lower 
2  make  it  easier  for  their  to  spread  to  a  mature 
size  along  the  interface. 

In  the  spirit  of  the  sort  of  competition  dis¬ 
cussed  in  the  las',  .ection,  stiess  concentration  at 
the  pile-up  tip  may  be  relaxed  [20]  bj  crack 
nucleation  or  b>  nucleating  new  dislocations  in 
the  adjoining  crystal  and  perhaps  in  the  interface 
too.  Segregant  effects  on  and  2y,„,  are 
evidently  relevant  to  the  former,  it  is  presently 
unknown  to  what  extent  segregants  may  act  to  aid 
or  inhibit  the  latter. 

2.6.  Cleavage  cracking  with  extensive 
siirroiinciing  plasticity 

It  is  normally  the  case  in  ductile  systems  that 
fractures  which  appear  to  occur  by  cleavage, 
whether  of  lattice  planes  or  gr.^in  interfaces,  are 
accompanied  by  significant  plasu,  How  Figure  5 
is  intended  to  illustrate  a  tensile  decohi..,ion  zone 
that  is  embedded  within  a  much  larger  plastic 
zone.  The  value  of  G,  in  circumstances  for  which 
the  plastic  zone  is  of  small  enough  scale  that  G 
can  be  defined,  is  often  written  as 

G=u-,  +  2y„„  (10) 

where  the  plastic  work  term  Uj,  is  frequently 
inferred  to  be  much  greater  than  2yin,. 

For  cleavage  of  ferrite  grains  adjacent  to  crack- 
nucleating  carbides  in  steels  [20]  Uj,  is  inferred  to 
be  only  1.3  to  2.5  times  2y,|„,  but  it  is  approxi¬ 
mately  500  to  1000  times  based  on  G  at  the 
onset  of  low  temperature  tran.sgranulai  cleavage 
of  polycrystalline  mild  steel  [20,  28j.  taking 


Fig  -S  I’l.islii.,'\i,si.t)pl,isln.  /one  nc.ir  tip  of  a  track  growing 
by  inierfacinl  <lecolic<ii(iii  In  some  circiiiiiMiuicfs  an  cl.wiic- 
lype  stress  singularity  rcnniins  at  :i  propagtiting  crack  up.  so 
that  an  energy  flow  to  the  iIcloIicsioii  process  may  be 
defined. 


~Ymi  =  ‘I  J  m  ■  -  in  both  cases  [29].  The  great  dif¬ 
ference  between  single-  and  poly  crystalline  values 
has  been  attributed  to  energy  absorbed  in  ductile 
tearing  between  the  inevitably  misaligned  cleav¬ 
age  facets  formed  when  a  cleavage  crack  crosses  a 
grain  boundary.  For  cleavage  of  the  more  brittle 
of  a  suite  of  copper  bicrystals  [30]  containing 
0.003  at.%  Bi,  which  segregates  to  and  embrittles 
the  bicrystal  interface,  iVp  is  approximately  5 
times  the  estimated  [26]  2^,,,  =  2  J  m  -  for  a  S5 
.symmetric  tilt  about  [100],  with  i031j  boundary 
plane,  in  the  as-grown  condition,  and  25  times 
2y,ni  for  a  high-angle  random  boundary  after 
vacuum  annealing  for  96  h  at  723  K  and  some 
fatigue  hardening.  These  values  are  based  on 
loads  on  pre-cracked  specimens  at  the  onset  of 
crack  growth  and  might  overestimate  the  Up  pre¬ 
vailing  during  the  rapid  crack  propagation  which 
followed.  The  same  is  true  for  polycrystalline 
mild  steel,  above.  In  contrast,  copper  bicry.stal.s 
with  .symmetric  tilt  about  [110],  with  SI  1  [1  i3j  oi 
S9  [221)  boundary  planes,  were  not  brittle  after 
similar  heat  treatments  and  mechanical  testing, 
although  the  latter  could  be  embrittled  by  holding 
for  24  h  in  bismuth  vapor  at  1 1 23  K  prior  to 
annealing  for  96  h  at  723  K.  Presumably,  Wp  is  a 
much  greater  multiple  of  2y,n,  for  such  bound¬ 
aries. 

Since  Up  is  often  much  larger  than  2y,„„  it  is 
sometimes  assumed  that  2y,n,  is  an  irrelevant 
parameter  for  such  fractures.  However,  various 
authois  have  pointed  out  (e.g.  [31])  that  if  the 
mechanism  of  fracture  is,  in  fact,  the  tensile 
decohesion  of  atomic  bonds,  then  Up  must 
depend  in  some  way  on  the  stress  i'.y.  separation 
curve  as  in  Fig.  1 ,  as  well  as  on  the  plastic  flow 
properties  of  the  material.  For  example,  if  some¬ 
how  both  2y,„^  and  could  be  reduced  to¬ 
wards  zero,  it  is  evident  that  a  vanishingly  small 
,stre.ss  concentration  would  be  required  at  the  tip 
for  cleavage,  and  thus  u',,  would  reduce  towards 
zero  too.  It  is  not  known  on  what  features  of  the  o 
i'.v.  6  relation  iVp  depends.  Presumably,  it'p  would 
decrease  (increase)  under  segregation-induced 
alterations  of  tiie  a  r.v.  b  relation  which  decreased 
(incrca.scd)  both  2y„„  or  but  whether  2y,„,  or 
or  .something  else,  is  the  most  important 
variable  is  not  known  in  general  and,  probably, 
has  no  universally  valid  answer. 

A  convincing  case  can  be  made  that  Up  is  a 
function  only  of  2y,„,  for  cleaving  materials  which 
exhibit  a  sufficiently  strong  rate  sensitivity  to 
pla.stic  flow  at  high  strain  rates.  This  is  rooted  in 


29 


previous  work  of  Hart  [32],  Hui  and  Riedel  [33], 
and  Lo  [34],  and  has  been  ilev  eloped  by  Freund 
and  Hutchinson  [28]  and  Mataga  ct  al.  [35]. 
Essentially,  it  is  found  that  within  a  continuum 
plasticity  formulation  for  a  propagating,  mathe¬ 
matically  sharp-tipped  crack  [i.e.  without  account 
for  a  finite-sized  cohesive  zone),  a  clas.sical 
inverse-square-root  stress  singularity  of  elastic 
type  is  retained  at  the  tip,  provided  that  the  plas¬ 
tic  constitutive  response  is  sufficiently  rate  sensi¬ 
tive.  The  plastic  shear  strain  rate  f''  =  £''(r)  must 
increa.se  with  shear  stress  r  no  more  rapidly  than 
r\  i.e  fP(r)/T^-*0  as  foi  this  to  occur. 

Since  an  elastic  singular  field  is  then  retained  at 
the  crack  tip,  an  energy  flow  to  the  tip,  say  G„,„ 
can  be  defined.  Presuming  that  in  Fig.  5  the  actual 
decohesion  process  takes  place  o\er  a  size  scale 
that  is  well  embedded  within  the  zone  dominated 
by  this  near-tip  elastic  singular  field,  the  sorts  of 
results  discussed  in  Sections  2.1  to  2.3  suggest 
that  the  condition  for  crack  propagation  is  that 

G,.p  =  6-«2yi„,  (11) 

Here  G,ip  is  determined  from  the  continuum  plas¬ 
ticity  analysis  in  terms  of  the  history  of  crack 
growth  and  load  variation,  as  well  as  in  terms  of 
the  viscoplastic  constitutive  properties.  For 
example,  Freund  and  Hutchinson  [28]  and 
Mataga  etal.  [35]  give  results  for  the  ratio  G„p/G 
as  a  function  of  crack  speed  d  for  steady-state 
growth  of  the  crack  under  small-scale  yielding 
conditions  such  that  there  is  net  energy  flux  G  per 
unit  crack  area.  That  is  G=iVp+G„p,  and  G 
corresponds  to  what  would  be  called  the  fracture 
energy  in  such  a  situation.  What  is  important  for 
the  present  discussion  is  that  the  only  parameter 
entering  the  fracture  description  that  is  suscept¬ 
ible  to  alteration  by  solute  segregation  is  2yin„ 
which  determines  the  value  which  G„p  must  attain 
for  the  postulated  crack  growth  history  to  occur. 
In  this  model,  alterations  of  2y,n,  have  a  “valve¬ 
like”  effect  on  the  (sometimes)  much  larger  plastic 
dissipation  iVp. 

In  other  cases  of  crack  growth  with  substantial 
plasticity,  under  conditions  for  which  the  very 
large  stresses  of  materials  with  strong  viscoplastic 
effects  cannot  be  generated,  it  may  be  the  case 
that  of  Fig.  1  plays  a  more  decisive  role.  For 
example,  rate-independent  models  of  the  plastic 
flow  process  lead  to  maximum  achievable  strc.ss 
levels  ahead  of  initially  sharp  cracks  in  ductile 
solids  [36].  Under  plane-strain-like  constraint,  a 


maximum  tension  of  about  3xcj^  Uhe  tensile 
yield  strength)  results  foi  a  min-hardeni  ig 
material,  and  higher  multiples  of  Oj  result  in 
.strain  hardening  materials;  these  factors  ignore 
heterogeneities  of  the  stre,s.s  field  at  the  disloca¬ 
tion  .scale.  _s  in  Fig.  4.  If  conditions  appropriate 
to  such  rate-dependent  plasticity  models  apply, 
then  it  would  seem  that  cleavage  of  an  interface 
would  become  much  more  difficult  when  Onux 
exceeds  the  maximum  achievable  tensile  .stress 
(unle.ss  a  more  readily  cracked  brittle  phase  is 
present).  Thus,  in  such  cases,  the  understanding 
of  segregant-induced  alterations  of  could  be 
ciitical  to  understanding  embrittlement.  Needle- 
man  [37]  has  developed  a  numerical  modelling 
approach  to  interface  decohesion  in  ductile  sur¬ 
roundings  which  may  be  useful  in  a.s.sessing  the 
effect  of  and  the  shape  of  a(  6)  relation. 

2.7.  Summeuy 

The  discussion  lead.>  us  to  suspect  that  of  the 
parameters  susceptible  to  change  by  alteration  of 
the  chemical  composition  of  an  interface,  2y„„  is 
an  important  parameter  in  determining  embrittle¬ 
ment.  The  rest  of  the  paper  focuses  on  that  par¬ 
ameter,  but  other  parameters,  notably  may 
also  be  important,  and  there  remain  po.ssibilitie.s 
that  segregation  might  affect  embrittlement  by 
little-understood  effect.s  on  dislocation  genera¬ 
tion  and  mobility  in  the  immediate  vicinity  of  the 
interface. 

3.  Intcrfacial  decohesion  in  presence  of  a  segre¬ 
gated  solute 

A  thermw  iy.’  imic  framework  (22,  38]  now  re¬ 
viewed  enables  use  of  results  from  solute  segre¬ 
gation  ,slud!..s  to  estimate  effects  of  segregation 
on  2y,„,. 

With  reference  to  Fig.  6,  we  focus  on  the  inter¬ 
face  as  a  thermodynamic  .system  which  is 
assumed  to  be  in  local  equilibrium  but  which  may¬ 
be  (and  typically  is,  at  iow  temperatures;  out  of 
composition  equilibrium  with  adjoining  bulk 
pha.sc.s,  both  before  and  after  separation.  Inter- 
facial  thermodynamic  quantities  are  defined  as 
Gibbs-like  exce.sses  relative  to  those  of  the  two 
adjoining  phases.  In  defining  exce.sses,  each 
adjoining  phase  is  regarded  as  a  homogeneous 
.sy.stem  having  the  same  mass  as  that  pha.se  and 
sustaining  homogeneous  deformations  eiiuivalent 
to  tho.se  prevailing  a  few  atomic  layers  away  from 
the  interface  in  that  phase.  Thus  6  is  defined  as 
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Fig.  6.  Interfacial  region  with  solute  segregation,  treated  as  a 
thermodynamic  system  that  may  be  constrained  against 
composition  equilibrium  with  the  adjoining  bulk  phase;  is 
the  chemical  potential  equilibrating  solute  of  coverage  F  in 
the  interfacial  region. 


the  excess  interfacial  opening,  i.e.  the  separation 
between  two  points,  one  in  each  of  the  adjoining 
phases,  in  excess  of  that  separation  which  is 
accountable  by  homogeneous  strain  of  the  phases 
in  which  the  two  points  reside.  For  the  present 
discussion,  the  two  adjoining  phases  are  taken  to 
be  identical  to  one  another  {e.g.  a  symmetrical 
grain  boundary)  as  a  simplification. 

We  deal  exclusively  with  solutes  which  are  far 
more  abundant  along  the  interface  than  in  a  few 
atomic  layers,  well  removed  from  the  interface,  in 
either  adjoining  phase.  In  that  case  P,  the  con¬ 
centration  of  segregant  i  per  unit  area  of  inter¬ 
face,  is  well  defined  and  we  assume  that  an 
equilibrating  chemical  potential  can  be  asso¬ 
ciated  with  each  segregating  species  /  as  it  exists 
at  the  interface. 

Thus,  where  ii  and  j  are  the  excesses  of  energy 
and  entropy  per  unit  area  of  interface,  in  a  for¬ 
mulation  which  treats  the  interface  region  as 
being  constrained  against  the  necessity  of  solute 
composition  equilibrium  with  the  adjoining 
phases,  one  has 

dH=7ds+(7d<3  +  Z//'dr'  (12) 

/ 

for  reversible  changes  of  state.  Here  a  is  the  stress 
acting  perpendicular  to  the  interface  and  the 
summation  extends  just  over  the  segregants.  We 
do  not  consider  work  modes  that  stretch  the 
interface  in  its  own  plane. 

The  key  assumption,  embedded  in  the  above 
equation,  is  that  all  thermodynamic  functions 
referring  to  the  interface,  e.g.  u,  s,  o  and  the  //', 
are  determined  by  the  values  of  T,  d  and  F', 
regardless  of  the  solute  concentrations  (say,  .v,, 
x,, ...)  in  the  adjoining  phases.  If  eqn.  (12)  holds 
throughout  a  separation  process  (one  in  which  d 


is  increased  towards  indefinitely  large  values)  as 
assumed  in  the  present  modelling,  then  any  dis¬ 
tinction  is  neglected  between  the  pair  of  free 
surfaces  resulting  from  such  a  decohesion  frac¬ 
ture  and  free  surfaces  having  the  same  T  and  F', 
but  produced  by  a  different  thermal/mechanical 
route.  The  latter  route  might  for  instance  have 
involved  equilibrium  solute  segregation  to  the 
free  surfaces  at  a  higher  temperature  and,  pos¬ 
sibly,  a  surface  reconstruction. 

If  d„{  =  5o(7',  F',  F%  ...)}  is  the  separation  for 
an  unstressed  interface  {i.e.  with  o  =  0)  having 
composition  F',  F-, ...  then  the  work  of  separa¬ 
tion  is 

CO 

2y,„,  =  |  odd  (13) 

^0 

which  is  consistent  with  Fig.  1.  This  expression 
does  not  define  a  unique  value  until  one  charac¬ 
terizes  the  path  of  variation  (if  any)  of  T  and  the 
F'  with  6  during  separation.  We  regard  T  as 
constant  during  separation  and  thus  work  in 
terms  of  the  excess  Helmholtz  function 
f=ii-Ts=f{d,  F',  F%...),  omitting  explicit 
reference  to  T  as  a  variable.  At  fixed  T 

d/=ad(5  +  S/^'dF'  (14) 

Thu.s,  when  there  is  a  single  segregant  of  amount 
F  and  equilibrating  potential  //,  one  has  for  separ¬ 
ation  at  constant  F  (the  normal  case  at  low-  T  and 
with  non-mobile  segregants) 

{2yJr.con..=/(«,F)-/(c5„(F),F) 

=  2/,(F/2)-y;,(F)  (15) 

Here  /(«>,  F)=2/,(F/2)  is  the  free  energy  excess 
for  the  pair  of  distantly  separated  surfaces,  so 
that  /s(F/2)  is  the  excess  for  a  single  one  of  them, 
where  the  total  segregant  F  is  assumed  to  divide 
equally  between  the  two.  In  the  usual  notation, 
Fs  =  F/2.  Also,  /(6o(F),  F)=/JF)  refers  to  the 
unstressed  grain  boundary.  One  may  then  obtain 
the  alternative  expre.ssion  that  [22, 38] 

I' 

{2y.„,)r.c.,nM  =  (2y.,J„- J  {/^,.(F)-/i,(F/2)}  dF 
() 

(16) 

where  (2y,n,)„  is  the  work  to  separate  a  clean 
interface  (with  F  =  0),  /<|,(F)  is  the  equilibrating 


potential  for  segregant  coverage  F  on  an 
unstressed  grain  boundary  and  (r/2)  for  cover¬ 
age  r/2  on  a  single  free  surface. 

This  last  equation  links  2  y,„,.  for  separation  at 
fixed  composition,  to  quantities  which  can,  in 
principle,  be  estimated  from  solute  segregation 
studies.  One  expects  that  normally  tliL  ,.v>ti,iuial 
necessary  to  equilibrate  F  on  a  grain  boundary 
will  be  larger  than  the  potential  to  equilibrate  the 
same  amount  on  a  pair  of  free  surfaces  (as  F /2  on 
each),  //,,(F)>/<,(r/2).  There  are,  apparently, 
exceptions,  but  with  this  normal  type  of  segrega¬ 
tion  behavior,  the  segregation  reduces  2>'i,„  and 
thus  is  expected  to  promote  embrittlement. 

If  fi  =  fi{d,  F)  denotes  the  equilibrating  poten¬ 
tial  for  the  interfacial  region  (with  for  instance 
;r(oo,F)  corresponding  to  /<s(F/2)  above),  then 
the  normal  type  of  segregation  just  discussed  is 
such  that  //(^o,  F)>/<(oo,  F).  If,  in  fact,  fi  dimin¬ 
ishes  continuously  with  d  during  the  decohesion, 
such  that  dfi{d,  F)/9d<0,  then  it  may  be  proven 
that  the  peak  strength  (Fig.  1 )  of  the  interface 
is  also  reduced  by  segregation.  This  is  because  of 
the  relation  [22]  that 


dF 


Md,  F)j 

1 


(17) 


where  (5  =  9JF)  is  the  value  of  6  at  which  the 
peak  strength  <7,„a,  occurs. 

For  separation  at  constant  composition  in 
presence  of  multi-component  segregation,  the 
generalization  of  ( 1 6)  is  [38, 39) 

2yim  =  (2y,n,)„-  I  ^(/r,,'-/r.')dF'  (18) 

(O.O..  I  I 


While  separation  at  fixed  composition  seems 
to  be  the  normal  failure  mode  in  low  temperature 
embrittlement,  it  is  useful  to  consider  an  opposite 
limiting  ca.se.  This  we  consider  for  a  single  segre¬ 
gant  of  amount  F  at  potential  This  limit  is 
separation  at  constant  potential  ft,  implying  that 
there  is  (for  “normal”  segregators)  solute  inflow  to 
the  interface  region  during  .separation  so  as  to 
maintain  ft  fixed,  c.g.  at  the  value  for  an  adjoining 
bulk  phase  with  which  there  is  composition  equi¬ 
librium.  Such  conditions  require  mobility.  They 
are  probably  met  approximately  in  low  tempera¬ 
ture  hydrogen  assisted  cracking  of  .some  inter¬ 
faces  [e.g.  prior  austenite  grain  boundaries  in  high 
strength  quenched  and  tempered  steels).  It  has 
been  argued  that  they  may  be  met  also  in  high 


temperature  stress  relief  cracking  of  gr.iin  bound¬ 
aries  in  steels  due  to  sulphur  .segregation  [20]. 

The  F  =  constant  and  ft  =  constant  paths  are 
compared  in  Fig.  7  which  has  been  drawn  using 
Langmuir-McLean  ad.sorption  isotherms  (.see 
below).  For  separations  at  fixed  ft  the  lelevant 
thermodynamic  function  is  y  =  j-  fiY  =  y^d.  ft), 
and 


(2y,„,);,-c.>nM  =  y(<»,  //)-  y(9o(//).  /<) 

=  2y.(/r)-y,.(/r)  (!«' 

Here  we  have  rewritten  the  opening  of  the 
unstressed  boundary  as  9  =  9„(/r);  y,()/)  and 
y,,(/r)  denote  the  y  function  for  a  single  free 
surface  and  for  the  unstressed  grain  boundary, 
respectively.  Also,  it  follows  that  [22] 

ft 

(2y.„,)/,=c„nM  =  (2y,„,)„ -  J  [2F^(//) -  F„(m)}  dfi 

-  oC 

(20) 

Here  F5(//)  gives  the  segregant  coverage  on  a 
.single  free  surface,  and  F,,(/r)  on  a  grain  bound¬ 
ary,  at  equilibrating  potential  ft. 

Some  relevant  observations  are  as  follows; 

(1)  Normal  segregators  have  been  charac¬ 
terized  above  as  having  /<,,(F)>;<,(F/2),  and 
might  analogously  be  expected  to  show 
2rs(jH)>  Fh(/r).  That  is,  at  a  given  potential,  such 


Tig.  7.  Plols  of  fi  i.s.  r  for  uiiMrc.vv(;il  Inmndar) 

•ind  p.iir  of  free  surface;.  cre.rleJ  b\  fracture  [ti  '  ii.T,  2,). 
I’aihs  shown  for  separniion  at  eonstani  P  and  for  separation 
at  constant  //.  Phe  /<  r.s.  P  plots,  or  ad.sorption  isotherms, 
shown  have  been  based  on  the  Langmuir  McLean  model. 
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segregators  are  situated  more  abundant!)  on  a 
pair  of  free  surfaces  than  on  an  unstressed  grain 
boundary.  For  both  separation  routes  considered, 
Z/in,  is  reduced  by  such  a  segregator,  so  that  they 
are  expected  to  embrittle.  Nevertheless,  thermo¬ 
dynamics  does  not  preclude  the  existence  of 
anomalous  segregators  for  which  the  above 
unequalities  are  reversed,  e.g.  2rj/r)<r„(ju). 
This  means  that  an  anomalous  segregator  tends 
to  situate  more  abundantly  on  an  unstressed  grain 
boundary  than  on  a  pair  of  free  surfaces.  Such 
anomalous  segregators  increase  2y,„,  and  hence 
are  expected  to  decrease  interfacial  brittleness.  It 
is  of  interest  in  this  regard  that  boron  appears  to 
be  an  anomalous  segregator  in  the  ordered  alloy 
NijAl,  and  that  it  reduces  the  severe  grain 
boundary  brittleness  of  that  alloy  (4,  5]..  We  di.s- 
cuss  later  the  po.ssibility  that  carbon  may  be  an . 
anomalous  segregator  in  iron. 

(2)  A  segregant  in  mobile  conditions,  allowing 
separation  at  constant  n,  always  reduces  2y\„^ 
relative  to  the  value  for  separation  at  constant  F. 
That  is,  2Y,ni  for  “slow”  separation,  at  fixed  jn,  is 
always  less  than  2y,„,  for  "fast”  separation,  at 
fixed  r.  This  is  because  [22, 38] 

(2yint)r“ro  (2yini)//  =  ;/n 

2  r, {;/(,) 

=  J  !/r„-/r,(r/2)}dr>0  (21) 

r. 

(if  d//s(r5)/dr5>0,  as  reasonably  assumed)  for 
paths  beginning  at  (Fq,  Mn)  'n  Fig.  7.  The  inequ,al- 
ity  applies  for  normal  as  vvell  as  anomalous 
segregators.  The  difference  in  2y-,„  at  constant  F 
compared  with  that  at  constant  /r  can  be  numeri¬ 
cally  significant,  showing  that  mobility  (or  .slow¬ 
ness  of  the  attempted  separation)  is  an  important 
factor  for  worsening  the  already  deleterious  effect 
of  a  normal  segregator  on  2  and  for  reducing 
the  beneficial  effect  of  an  anomalous  one.  The 
above  difference  in  2}',„,  corresponds  to  the 
cross-hatched  area  between  the  two  paths  in  Fig. 
7,  whereas  (2y,„,)„  -  (2y,„,), corresponds  to  the 
cross-hatched  area  to  the  left  of  the  F  =  F„  path  in 
the  figure. 

(3)  In  rapid  separation  at  fi.\ed  compo.sition,  a 
thermodynamic  argument  drawing  on  the 
inequality  nature  of  the  second  law  shows  that 
2y,n,  of  (16)  and  (18',  gives  the  lea.st  po.ssiblc  work 
to  separate  an  interface  [8].  More  work  could  be 
expended  if,  for  instance,  on  an  atomic  scale,  the 
cracking  process  acted  to  decohere  some  other 


set  of  atomic  bonds  than  those  producing  the 
thermodynamic  minimum  [40]. 

(4)  Embrittlement,  at  least  as  it  mirrors  2}',„„ 
is  always  .seen  to  depend  on  differences  between 
segregant  effects  on  the  initial  grain  boundary  and 
on  the  two  free  mrfaces  created  by  the  fracture. 
Thus  a  focus  on  the  electronic  alterations 
induced  by  segregants  in  grain  boundaries, 
without  corresponding  study  of  what  they  induce 
on  free  surfaces,  is  ui.Iikely  to  prove  definitive  in 
explaining  solute  embrittlement.  Rather,  the  focus 
.should  be  on  the  calculation  uf  energies  and 
entropies  of  segregation  for  both  the  initially 
coherent  interface  and  for  the  surfaces  created  by 
fracture.  Specifically,  the  differences  in  energy 
and  entropy  between  the  two  states  are  of 
primary  interest. 

(5)  When  the  grain  boundary'  and  surface 
coverages  F  entering  the  above  formulae  are  less 
than  values  corresponding  to  full  coverage  of  a 
set  of  adsorption  sites,  idealized  as  all  having  the 
same  low  energy  relative  to  solute  sites  in  the 
bulk,  the  simple  Langmuir-McLean  model  [41, 
42]  may  be  adopted.  Thus 

/r„(F„)  =  Ag,."  -t-  RT  ln[FJ(Fr' "  T,)] 

//.(r,)= Ag:’+ RT  ]n\rj(rr-r,)\  (22) 

where  the  (inherently  negative)  Ag“  terms  are 
referenced  to  a  bulk  phase  at  the  same  tempera¬ 
ture,  that  is  they  are  based  on  the  expression 

=  RT  ln(.v/(  1  -  ,v)} «  RT  In  .v  for  the  equili¬ 
brating  potential  when  a  fraction  .v  of  available 
solute  sites  are  occupied  in  the  bulk.  The  Ag" 
terms  have  the  form 

Ag,,"  =  A/»b  -  7’A.Vh"  Ag,"  =  A/j,  -  T As," 

(23) 

Here  the  Ah  terms  are  th.‘  enthalpies  of  .segre¬ 
gation  (es.sentially  identical  to  energies  of  .segre¬ 
gation  in  the  p.  esent  context  since  pre.s.sure  times 
volume  terms  are  negligible  for  the  unstre-ssed 
boundary  ■'•.ad  free  surface,,  and  the  A-v"  terms  arc 
entropies  of  segregation  relating  to  changes  in  the 
atomic  vibrational  spectrum.  Estimated  values  of 
the  Ah  and  As",  or  of  the  Ag"  at  particular 
temperaturc.s,  arc  given  in  the  next  .section  for 
several  segregants  in  iron. 

Consider  now  a  grain  boundary  .separation  at 
fixed  compo.sition.  If  the  initial  coverage  F  on  the 
boundary  falls  within  the  Langmuir-McLean 
range,  then  the  coverage  F,’2  on  the  .separ,',t;d 
surfaces  is  sure  to  do  .so  and  the  equations  a!.-  ve 


for  the  fi  can  be  used  directl>  in  the  calculation  of 
2y,„,  by  eqn.  ( 16).  The  integrand  of )  16,  is  then 


+  /r/'ln 


(24) 


For  representative  boundary  coverages  F  =  0.25 
to  and  with  the  last  term, 

containing  the  In,  varies  from  0.8  to  1.6/T/'  It  is 
0.7 RT  when  r  =  0.  Since  at  7'=  300  K,  typical  of 
low  temperature  fractures,  RT- 2.5  kJ  moI”‘, 
cid  since  (Ag„"- Ag,”)  is  of  order  50  to  100  kJ 
moi"'  (see  ne,\t  section)  for  representative 
embrittling  solutes  in  iron,  one  is  usually  justified 
in  neglecting  the  In  term.  In  that  case  ( 1 6)  reduces 
♦o 


2yi„.  “  (2yi„,)o  -  (Agb®  -  Ag  ”)  r  (25) 

(Since  the  Ag“  have  only  mild  temperature 
dependence,  because  representative  As”  vary 
from  0  to  0.04  kJ  mol"'  K"'  (see  ne.\t  section), 
one  might  set  T=  0  and  hence  write 

2yi„.“(2y„,.)o-(A/;b-A/Or  (26) 

which  is  the  form  given  by  Rice  |8j.  We  have  a 
preference  for  (25)  since  it  is  more  accurate  and 
its  terms  are  found  by  a  slightly  smaller  range  of 
the  error-prone  e,xtrapolation  in  T,  from  a  high  T 
at  which  there  is  segregation  equilibrium  with 
solutes  in  the  bulk.) 

For  multicomponent  segregation  within  the 
Langmuir-McLean  range.  //  is.  F  relations  incor¬ 
porating  site  competition  may  be  assumed  [42), 
e.g. 


/r'(F',  F%...)=Ag®'  +  /?nn 


F'Ar~-“-Iri[(27.i 

/  j 


Again,  ihe  last  term,  while  decisive  for  high  tern 
perature  equilibrium,  is  negligible  for  low 
temperature  fracture,  in  which  ctise  1 1 8)  reduces 
to 

2yia,  =  (2’Aa,)o  -  S  ( Agh"'  -  Ag  ”')F'  ( 28) 

I 


4.  Augcr-clcclron-spcctroscopy-bascd  segre¬ 
gation  energies  of  impurity  solutes  in  iron 

Auger  electron  spectroscopy  .AES.  h<is  been 
the  primary  technique  for  recent  studies  of  solute 


segregation  on  grain  interfaces  .that  tan  be 
broken  open  by  fracture,  and  on  the  surfaces  thus 
created.  However,  considerable  uncertainties  are 
introduced  by  the  CAperimental  conditions  and 
assumptions  which  must  be  made  in  converting 
Auger  peak  height  ratios,  diagnostic  of  different 
solutes,  into  coverages  F'  of  those  solutes  along 
the  boundaries  under  .study.  Quantification  of  the 
technique  has  not  been  fully  de\ eloped  yet.  Also, 
there  are  several  factors  which  affect  the  coverage 
of  segregated  atoms  on  an  interface  or  e.\poscd 
surface.  Among  them  arc  the  orientations  of  the 
interface  and  the  surface,  the  composition  of  the 
e.\amincd  material  and  the  e.\istcnce  of  other 
residual  impurities. 

The  standard  metnod  of  analyzing  data,  for  a 
boundary  or  free  surface  thought  to  be  in  high 
temperature  composition  equilibrium  with  the 
adjoining  bulk  phases,  is  to  equate  or  /r,  to 
RTln.t.  so  that  the  data  is  represented  in  the 
Langmuir-McLean  form 

r/(F“'  -  F) = .V  c.xp(  -  Ag7A’T )  (29) 

It  is  necessary  to  first  choose  a  value  of  F®“. 
Then,  presuming  that  x  is  knowm,  the  adopted 
conversion  factor  Ls  used  to  convert  the  AES 
peak  height  ratio  to  an  estimate  of  F/r®“'.  When 
this  is  done  at  a  single  temperature,  the  results 
enable  calculation  of  a  value  of  Ag”  at  that  tem¬ 
perature  for  the  data  to  be  represented  by  {29}. 
When  results  are  obtained  over  a  range  of 
temperature,  the  procedure  is  to  extract  a  A/i  and 
As”  which  enable  the  best  representation  of  the 
results  over  that  range  with  Ag”  =  A/j  -  T’As". 

This  is  the  route  to  the  values  of  A/i.  As”  or 
Ag"  that  we  list  shortly.  However,  it  is  well  to 
recognize  that  the  concept  of  the  segregation 
energy',  particularly  on  a  polycrysial  surface.  Ls 
only  a  macroscopic  average  ba.scd  on  the  Lang¬ 
muir-McLean  segregation  law.  Atomistic  calcu¬ 
lations  show  that  even  for  a  single 
macroscopically  planar  interface,  the  bonding 
energy  of  a  segregant  at-  t  may  change  from  site 
to  site.  Thcr-  is  no  unique  segregation  cnerg. 
and  even  on  ;hc  average,  the  Langmuir-McLean 
equation  is  not  always  valid.  Keeping  all  this  in 
mind,  one  is  not  too  surprised  at  the  large  .scatter 
of  the  available  data. 

AES-ba.sed  ( mostly!  .segregation  data  in  iron 
arc  listed  in  Tabic  1  for  that  set  of  impurity 
.solutes  for  which  results  arc  available  coastrain- 
ing.  somewhat,  both  grain  boundary  and  free 
surface  segregation  energies,  so  that  cqns.  25 
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TABLE  1  AES-based  surface  and  grain  boundary  segregation  data  in  iron  (in  kj  mol  “ ') 


Impurity 

Segregation  point 

-Ag,/(at  T ) 

a^xik 

Reference 

C 

(100)  surface 

84 

±0.004 

Grabke[55,56) 

Grain  boundary 

57 

0.022 

Grabke  (55, 56] 

38 

0.043 

Hansel  and  Grabke  (43) 

79“ 

-0.013“ 

Papazian  etal.[65\ 

Sn 

Polycrystal  surface 

77(823 K) 

46 

0.045'- 

Scab  and  Lea  (6 1  ] 

Low-index  surface 

>200 

Grabke  (55) 

Grain  boundary 

45(823  K) 

13 

0.045'- 

Seal)  and  Lea  (6 1 ) 

23 

0.026 

Grabke  (55) 

p 

Polycrystal  surface 

>80  (973  K) 

75 

Guttmann  (63] 

Grabke  (56] 

Low-index  surface' 

180' 

Grabke  [55] 

Grain  boundary 

34 

0.022  ' 

Grabke  (55, 56] 

32 

0.022 

Guttmann  et  al.  (52] 

21 

0.037 

Hansel  and  Grabke  (43] 

Sb 

Polycrystal  surface 

> 105(1023 K) 

Dumoulin  etal.  [64] 

Grain  boundary 

20-40(1023  K) 

13“ 

Guttmann  (66] 
Guttmann  [67] 

S 

Polycrystal  surface 

165 

Tauber  and  Grabke  (57] 

190 

Grabke(56] 

Grain  boundary 

75(1143K) 

Suzuki  etal. [41] 

“Autoradiography  data. 

'’Based  on  assum  entropy  expression  by  Seah  and  Lea  (6 1  ],  evaluated  at  823  K. 
‘Apparetitly  for  ivA’-index  crystal  surface;  data  and  details  of  study  unpublished. 
‘‘Rutherford  back  scattering  spectroscopy  data. 


and  (28)  can  be  applied.  The  elements  for  which 
such  are  currently  available  are  carbon,  phos¬ 
phorus,  tin,  antimony  and  sulphur.  The  uncer¬ 
tainties  are  seen  to  be  sufficiently  large  that 
sometimes  data  obtained  by  the  same  research 
group  scatter  widely.  Based  on  these  data  we 
estimate  values  of  -  Ag,”  at  T=  300  K. 
These  will  be  used  in  the  next  section  in  a  com¬ 
parison  with  fracture  data. 

We  start  with  carbon.  Carbon  is  known  as  a 
grain  boundary  cohesion  enhancer  in  steels 
[43-48].  It  has  been  confirmed  that  the  role  of 
carbon  in  improving  ductility  of  iron  alloys  and 
steels  is  two-fold.  One  effect  is  to  displace 
harmful  impurities,  such  as  phosphorus  [43,  46, 
49-54],  tin  [55],  and  sulphur  [47,  56-58]  from 
grain  boun  'aries  and  thus  reduce  the  detrimental 
effect‘d  of  these  impurities.  Carbon  is  thought  to 
be  effective  in  this  way  due  to  its  unusually  large 
value  of  “Agb®,  compared  to  other  segregants, 
which  favors  it  in  site  competition.  The  other 
effect  is  an  inherent  one  in  that  carbon  itself 
increases  the  grain  boundary  cohesion.  To  obtain 
reliable  AES  data  for  carbon  is  a  very  difficult 


task  since  the  exposed  surface  of  the  specimen  is 
easily  contaminated  by  carbon  even  in  an  extra- 
high-vacuum  AES  chamber. 

The  only  available  value  foi  surface  segrega¬ 
tion  of  carbon  was  measured  on  the  (100)  crystal¬ 
lographic  plane,  and  gives  -A/j,  =  84  kJ  mol''. 
There  are  reasons  to  suspect  that  this  value  may 
be  too  high  to  be  representative  of  polycrystalline 
surfaces  created  by  intergranular  fracture.  First, 
since  carbon  can  be  displaced  from  an  iron 
surface  by  tin  [59],  one  expects  -  A/z,*^  to  be  less 
than  -  A/Zs^"  (strictly,  -  Ag°^  should  be  less  than 
_Ag^osn  displacement  temperature).  The 

values  reported  in  Table  1  do  not  support  this. 
Thus  we  have  reinterpreted  the  84  kJ  moF  ‘  for 
-Ahf  as  the  upper  limit  of  a  possible  range, 
74-84  kJ  mol“',  with  a  corresponding  range 
allowed  later  for  tin.  Second,  since  the  84  kJ 
mol"'  is  for  a  (100)  crystal  surface,  it  is  well  to 
observe  that  with  phosphorus  and  tin,  for,  which 
segregation  energies  have  been  estimated  both 
for  low-index  crystal  surfaces  and  for  polycrystal 
surfaces,  the  low-index  surface  values  are  consid¬ 
erably  higher  than  those  for  polycrystal  surfaces 
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(Table  1).  A  low  energy  electron  diffraction  study 
[60]  showed  that  the  segregated  carbon  atoms  sit 
in  octahedral  sites  on  the  (100)  plane  as  inter¬ 
stitials.  For  an  average  polycrystal  surface  the 
number  of  this  t>pe  of  interstitial  site  is  less  than 
on  a  {100}  plane,  and  it  is  expected  that  the 
surface  segregation  enthalpy  for  non-(lOO)  planes 
might  be  lower  than  the  range  of  -  A/i,^  =  74-84 
kJ  mol  '.  However,  based  on  that  range  and 
other  data  listed  in  Table  1.  e.g.  for  grain  bound¬ 
aries,  a  range  of  Ag,,"  -  Agj"  for  carbon  at  300  K 
is  estimated  to  be  -  2  to  35  kJ  moH '.  The  lower 
end  of  this  range  is  based  on  the  A/i^*'  from  auto¬ 
radiography  measurements;  AES  results  support 
the  upper  end.  If  -  Ahf  has  been  overestimated 
as  discussed  above,  then  the  difference 
Agb’-Agj"  could  take  more  strongly  negative 
values,  consistent  with  carbon  acting  to  increase 
2yim' 

The  segregation  of  tin  on  iron  surfaces  was 
studied  by  Riisenberg  and  Viefhaus  [59]  on  (100), 
(110)  and  (111)  crystallographic  planes  of 
Fe-4wt.%Sn  alloy  single  crystals  and  by  Seah  and 
Lea  [61]  on  pol^  crystal  surfaces  of  Fe-Sn  alloys 
with  much  lower  tin  concentrations  (0.001-1.0 
wt.%  Sn).  It  was  found  that  an  order-disorder 
transition  occurred  at  high  coverage  lead¬ 
ing  to  a  multilayer  segregation,  and  the 
Langmuir-McLean  type  segregation  law  is  then 
invalid.  No  unique  segregation  enthalpy  and 
entropy  could  be  derived.  Based  on  the  fact  that 
even  at  low  bulk  concentration  saturated  struc¬ 
tures  were  always  observed,  Grabke  [55]  esti¬ 
mated  that  the  enthalpy  for  surface  segregation  of 
tin  on  the  low-index  crystal  surfaces  mentioned 
must  be  relatively  high,  -Ah^'^200  kJ  mol"'. 
Considering  that  tin  can  be  displaced  by  sulphur 
from  the  iron  surface  when  the  bulk  concentra¬ 
tion  of  sulphur  is  much  lower  than  that  of  tin  [61, 
62],  this  value  of  -  Ali^  is  fai  too  high  to  be  repre¬ 
sentative  of  polycrystalline  surfaces.  Seah  and 
Lea  [61]  obtained  a  much  lower  polycrystal  value 
of  -A/!s  =  46  kJ  mol”'  (based  on  a  polycrystal¬ 
line  value  of  -  Ags"  =  77  kJ  mol” '  at  823  K;  from 
this  they  inferred,  based  on  an  assumed  form  for 
A5"  (giving  0.045  kJ  mol"'  K'  at  823  K),  that 
-A/2s  =  46  kJ  mol"').  Lea  and  Seah  [62]  found 
that  multilayer  segregation  would  not  occur  if  the 
bulk  concentration  is  lower  than  0.005  wt.%.  As 
an  impurity  in  steels  this  condition  is  usually  satis¬ 
fied  and  Seah  and  Lea’s  value  for  Ag,"  might  be 
appropriate.  Considering  that  tin  can  displace 
carbon  from  iron  surfaces,  this  value  is  taken  as 


the  lower  limit  and  a  range  -AgJ’  =  77-87  kJ 
mol  '  at  823  K  is  assumed.  Also,  assuming  what 
seems  to  be  a  more  typical  ASs"  =  0-0.03  kJ 
mol"'  K-'  and  As,,'’ =  0.02-0.03  kJ  mol"'  K"' 
to  extrapolate  in  T,  rather  than  the  larger  values 
of  Seah  and  Lea,  a  range  of  Ag,,"  -  Ag/’  at  300  K 
for  tin  of  26-57  kJ  mol" '  is  estimated. 

Grabke  [55,  56]  reported  two  contrasting 
values  of  segregation  enthalpy  of  phosphorus  on 
iron  surfaces,  -  A/;s  =  75  kJ  mol"'  as  a  poly¬ 
crystal  V  lue  and  what,  from  context,  appears  to 
be  a  low-index  crystal  surface  value  of  180  kJ 
mol"'.  Details  and  supporting  data  for  the  latter 
are  unpublished.  Guttmann  [63]  gave  -  Ag/’  >  80 
kJ  mol  '  at  973  K.  We  interpret  this  as  80-90  kJ 
mol"'  and  selecting  ASg"  as  0.01-0.03  kJ  mol"' 
K" '  gives  a  -  A/i^  approximately  consistent  vvith 
the  75  kJ  mol  '  noted  above.  Thus  we  estimate  a 
range  of  Ag^"  -  Ag^”  at  300  K  for  phosphorus  of 
35-48  kJ  mol"'. 

Segregation  of  antimony  has  been  less  investi¬ 
gated.  Dumoulin  and  Guttmann  [64]  showed  that 
in  Fe-Sb  alloys  with  0.06  at.%  Sb  an  equilibrium 
surface  segregation  could  be  reached  with  the 
saturation  level  less  than  1  monolayer  and  the 
segregation  process  could  be  described  in  the 
framework  of  the  Langmuir-McLean  theory 
below  973  K  when  the  evaporation  rate  is  very 
low.  The  surface  segregation  energy  was  esti¬ 
mated  only  as  -  Ags'’>105  kJ  mol"'  at  1023  K. 
We  interpret  this  as  105-130  kJ  mol" '.  Using  the 
estimated  values  of  AsJ’  =  0-0.03  and 
As:,,"  =  0.02-0.03  kJ  mol"'  K"‘,  we  estimate 
Agb"  -  Ag/’  =  58-122  kJ  mol ' '  at  300  K  for  anti¬ 
mony. 

It  has  been  known  that  sulphur  is  of  strong 
embrittlement  potential  if  manganese  does  not 
exist  [56].  Sulphur  is  most  susceptible  to  surface 
segregation.  The  polycrystalline  surface  segrega¬ 
tion  enthalpy,  -AliJ\  was  reported  to  be  165  kJ 
mol  '  [57]  and  190  kJ  mol  '  [55].  Ignoring  the 
modest  entropy  corrections  for  the  surface  segre¬ 
gation,  in  view  of  this  range,  and  assuming 
A5b"  =  0.02  kJ  mol"'  K"',  we  estimate 
Ag„"-Ag,"  =  107-140  kJ  mol"'  at  300  K  for 
sulphur. 

The  estimated  data  for  the  Ag"  quantities  at 
300  K  for  carbon,  tin,  phosphorus,  antimony  and 
sulphur  are  summarized  in  Table  2.  Also  shown  is 
a  measured  of  embrittlement  sensitivity,  to  be 
discussed  in  the  next  section. 

To  understand  the  order  of  the  reduction  of 
2y,n,  that  is  implied  by  the  results  just  summar- 
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TABLE  2  Summarj'  of  ranges  of  Ag”  at  300  K  (in  kj 
mol ' ')  and  embrittlement  sensitivities,  |  (in  K/at.%  in  g.b.) 


Impitriiy 

-Ag," 

-Aft" 

Agb'’-Ag,'’ 

§ 

C 

73-85 

50-75 

-2-35 

-20--10 

Sn 

61-87 

30-35 

26-57 

15-38 

P 

76-80 

32-41 

35-48 

5-20 

Sb 

83-130 

8-25 

58-122 

28-67 

S 

165-190 

50-58 

107-140 

35-45 

To  get  -  A/i,,  decrease  -  Ag/'  b>  approximately  0  to  9,  to  get 
-  A/i^,  decrease  -  Agi,”  by  approximately  6  to  9. 


ized,  we  may  note  that  -  Ag^°  =  50  to  100  kJ 
mol"'  is  repi esentative  for  deleterious  segregants 
in  Table  2.  If  we  consider  a  grain  boundary  with  a 
square  network  of  possible  adsorption  sites, 
spaced  0.25  -.im  from  one  another,  and  suppose 
that  only  one  quarter  of  these  are  taken  by  the 
segregant,  then  r  =  4xl0*®  m"^  =  7xl0~‘’  mol 
m~^.  Thus  for  separation  at  this  composition 

2yin. « (2y.„,)o  -  (0.35  to  0.70)  J  m-2  (30) 

Since  (2y,„,)o «  3.1  J  m'^  for  a  typical  boundary  in 
pure  iron  [29],  this  is  a  significant  alteration. 

The  reductions  from  (2y,n,)o  will  be  yet  greater 
when  conditions  of  mobility  allow  separation  at 
constant  /i.  Typically,  in  that  case  the  surface  ends 
up  fully  covered  (Fig.  7)  according  to  the  Lang- 
muir-McLean  model  for  surface  segregation, 
which  means  that  the  Langmuir-McLean  model 
will  not  necessarily  apply  and,  instead,  multilayer 
coverage  may  occur.  However,  from  the  geometry 
of  Fig.  7,  we  may  expect  that  a  calculation  based 
on  (20)  with  Langmuir-McLean  for  the  surface 
could  only  underestimate  the  reductions  of  2y,„^ 
that  would  be  calculated  from  the  actual  surface 
adsorption  isotherm,  since  as  F  2r5'"“  in 
the  Langmuir-McLean  model,  so  we  proceed  on 
that  basis.  Assume  then,  that  Fs"’’'*  =  F, both 
correspond  to  coverage  of  half  the  network  of 
adsorption  sites  mentioned  above,  and  that  the 
segregation  energy  difference  is  large  compared 
with  RT.  As  a  specific  illustration,  assume  that  the 
fixed  fi  at  which  the  separation  is  imagined  to 
occur  is  such  as  to  equilibrate  F  =  0.5  Fb"’'"  (i.e.  a 
quarter  of  the  network  of  sites  covered)  on  the 
unstressed  boundary.  This  is  the  case  illustrated 
in  Fig.  7.  Then  the  reduction  from  (2y,„,)o  is 
approximately  four  times  that  in  the  previous 
example  for  separation  at  constant  F.  That  is  the 
reduction  would  range  from  1.4  to  2.8  J  M“'  in 
the  imagined  separation  at  constant  /i,  which  is 


substantial  but  possibly  underestimates  the  actual 
effect. 

5.  Fracture  tests  and  embrittlement  sensitivities 

There  do  not  seem  to  exkst  results  of  fracture 
experiments  which  would  enable  a  careful  test  of 
the  degree  to  which  alterations  of  2y,„,  control 
solute  embrittlement.  What  is  widely  available  is 
the  characterization  of  segregant  effects  on  the 
ductile-brittle  transition  temperature  (DBTT )  in 
the  Charpy  impact  test  of  iron  and  steels.  Here 
the  concern  is  with  a  low  temperature  brittle 
mode  that  involves  intergranular  fracture,  or 
some  mbeture  of  it  with  transgranular  cleavage, 
that  transitions  into  a  ductile  tearing  mode  of 
rupture  with  increase  of  temperature.  Most  com¬ 
monly,  these  effects  have  been  reported  as  a  var¬ 
iation  5(DBTT)  in  DBTT  associated  with 
variations  dF'  in  solute  coverages,  under  condi¬ 
tions  for  which  microstructural  dimensions  and 
plastic  flow  resistance  (in  practical  terms,  as 
measured  by  hardness  at  a  given  temperature)  are 
held  constant.  This  correlation  has  been  reported 
extensively  as  the  linear  form 

5(DBTT)  =  Z|,(3F'  (31) 

t 

.where  the  constants  are  called  embrittlement 
sensitivities. 

We  give  values,  or  approximate  ranges,  of  the 

later.  The  most  reliable  values  of  the  F'  are 
determined  by  AHS  measurements  on  the  inter¬ 
granular  fracture  surface,  as  discussed  earlier. 
Unfortunately,  there  are  several  possible  defini¬ 
tions  of  the  DBTT,  e.g.  as  the  temperature  at 
which  (a)  the  Charpy  energy  exceeds  some  fixed 
value  (say,'  2.7  J),  or  (b)  the  energy  is  half  way 
between  its  upper  and  lower  shelf  values,  or  (c) 
the  fracture  surface  area  is  of  half  intergranular 
(possibly  with  transgranular)  cleavage  and  half 
ductile  rupture  appearance. 

In  principle,  if  the  uncertainties  in  all  quantities 
concerned  were  not  so  large,  the  values  of  the 
could  be  used  to  test  the  hypothesis  that  2y„„ 
controls  interfacial  embrittlement.  We  recognize 
that  if  the  hypothesis  is  correct,  then 

DBTT  =  /''(2y,„„  microstructure)  (32) 

That  is,  solute  segregation  influences  DBTT  only 
through  its  effect  on  27,|,„  under  conditions  as 
a,ssumed  above  foi  which  “microstructure"  {i.c. 
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microstructural  dimensions  and  parameters  like 
dislocation  density  and  entanglements  determin¬ 
ing  plastic  flow  resistance)  are  unaffected  by  the 
segregation  treatment. 

Current  theory  is,  of  course,  unable  to  predict 
the  above  function  F  but,  if  it  exists,  then 

(5(DBTT)  =  -^5(2y.„,)  (33) 

in  alterations  of  the  material  which  leave  micro- 
structural  dimensions  and  plastic  flow  resistance 
unchanged.  In  the  sub-monolayer  coverage  range 
for  which  the  linear  form  of  (31)  is  contem¬ 
plated,  one  can  use  (28)  and  thus  write 

9(2y.  j = I  [a(2y,j/ar']<5r + ia(2y,j/a  r\6T 

I 


=  -l  -  2x,„,a(DBTT) 

t 

(34) 

where  25,n,=  -a(2y,„,)/ar  at  fixed  composition. 
The  second  term  on  the  light  above  arises 
because  of  the  temperature  dependence  of  2y,n„ 
eqn.  (32)  is  actually  an  implicit  equation  for 
DBTT  since  2y,„,  depends  not  only  on  the  F'  but 
also  on  7"(  =  DBTT,  for  the  purposes  of  that 
equation). 

Thus,  if  the  hypothesis  is  correct  that  solute 
effects  are  to  be  understood  solely  through  effects 
of  segregation  on  2yi„„  then  from  the  last  two 
equations 

(5(DBTT )  =  Al  ( Ag,."' -  Ag:'')ar'  (35) 


where  the  interpretation  of  A  is 

-dFIdjlyJ 

l  +  25,„,aF/a(2y,„,) 


(36) 


Comparison  with  (31)  then  shows  that  the  hypo¬ 
thesis  is  supported  if  the  embrittlement  sensi¬ 
tivities  from  fracture  tests  and  the  segregation 
energies  from  adsorption  studies  satisfy 


^=/l(Ag„"'-Ag,»')  (37) 

with  the  same  coefficient  A  for  every  segregating 
chemical  species  i. 

Since  temper  embrittlement  of  alloy  steels  by 
impurity  segregation  is  an  important,  widely 


studied,  embrittlement  phenomena,  data  for 
embrittlement  sensitivities  for  steels  (and  other¬ 
wise  “pure”  iron)  are  available  in  the  literature. 
Early  data  on  embrittlement  sensitivities  of  im¬ 
purities  in  steels  were  summarized  by  Seah  [68, 
69]  in  terms  of  Kelvins  per  ppm  by  mass  of  the 
solute  concentration  in  the  bulk.  These  data  are 
irrelevant  to  our  comparison  since  they  are  not 
based  on  grain  boundary  coverage.  As  quantita¬ 
tive  AES  advanced  in  recent  years  measurements 
of  the  interfacial  concentration  of  impurities 
became  possible.  Embrittlement  sensitivities  are 
typically  reported  in  units  of  Kelvins  per  atomic 
%  of  solute  coverage  on  grain  boundaries.  They 
are  available  for  several  detrimental  impurities  in 
steels,  ineluding  phosphorus,  tin,  antimony  and 
sulphur  for  whieh  there  are  segregation  energy 
data  (Tables  1  and  2)  and  also  for  the  important 
element  carbon.  Published  values  are  listed  in 
Table  3.  The  available  data  spread  widely.  As  we 
pointed  out  previously,  the  shift  of  the 
ductile-brittle  transition  temperature,  measured 
by  standard  Charpy  impact  tests,  is  not  only 
dependent  on  the  grain  boundary  segregation,  but 
also  a  function  of  the  resistance  of  the  steel  to 
plastic  flow,  which  is  determined  by  microstruc¬ 
ture.  Comparisons  between  different  steels  or  for 
the  same  steel  under  different  conditions  are 
inappropriate.  The  most  strictly  comparable  data 
are  those  for  3.5Ni-1.7Cr  steels  after  heat  treat¬ 
ments  to  obtain  the  same  grain  size  and  hardness. 
However,  as  we  see  from  the  table,  data  for  this 
steel  obtained  by  different  research  groups  are 


TABLE  3  EmbritllcmciU  sensitivities  for  steels  (in  K/at.% 
in  g.b.) 


ImpiirilY 

.Syilum 

5 

Reference 

P 

low-alloy  steel 

5.4 

Giittmann  [63] 

12%Cr-Ni-Mo 

6.0 

Ginllou  t7rt/.  (70) 

34CrMo4 

6.7 

Erhart  etn/.  (51| 

16MCND6 

5.9 

Guttmann[7l] 

I6NC6 

7.3 

Giittmann  [7 1  j 

ZI2CND12 

7.6 

Guttmann  [7 1  j 

3.5Ni-1.7Cr  steel 

16 

10 

McMahon  ct  al.  (72) 
Guttmann  |66| 

Fe-P-C 

20 

.Suzuki  el  al.  (46, 54) 

Sn 

3  5Ni-l.7Cr  steel 

38 

15 

McMahon  ei  al.  (72) 
Guttmann  (66) 

Sb 

3..sNi-1.7Cr  steel 

67 

28 

McMahon  eial.\72] 
Guttmann  (66) 

S 

Fe-S-C 

40 

Suzuki  etal.[-M\ 

C 

Fe-S-C 

-  10 

Suzuki  t’lu/.  (47) 

Fe-P-C 

-20 

Suzuki  (7«/.  (46.  54) 

38 


Still  scattered  widely,  probably  owing  to  the 
difference  in  experimental  conditions  and  cali¬ 
bration  procedures  for  converting  the  Auger 
peak  height  ratio  to  the  fracture  surface  coverage. 

Ranges  for  the  embrittlement  sensitivities 
based  on  Table  3,  have  been  summarized  in  the 
last  column  of  Table  2.  The  plot  of  the  ranges  for 
the  against  those  for  (Ag,,'*'- Ag,"')  at  300  K, 
also  from  Table  2,  are  shown  in  Fig.  8.  These 
ranges  are  based  on  the  values  reported  in  dif¬ 
ferent  studies  (often  as  few  as  two,  defining  the 
upper  and  lower  limit  to  a  range),  and  on  other 
consideration  as  we  have  discussed,  but  include 
no  account  of  uncertainties,  or  error  bans,  in  an> 
individual  study.  Thus,  for  example,  we  cannot  at 
this  point  be  certain  that  correct  values  for  the  ^ 
and  Agb*’  -  Ag,,'*  actually  fall  within  the  box  show  n 
for  each  segregant. 

If  there  were  none  of  the  uncertainties  or  ambi¬ 
guities  mentioned  in  the  values  for  the  and 
Agb'*'  -  Ag,,"',  then  the  hypothesis  could  be  judged 
as  being  supported  if  the  data  points  fell  approxi¬ 
mately  on  a  straight  line,  and  not  supported  if 
otherwise.  In  the  present  situation  there  is  little  to 
conclude  from  Fig.  8.  The  trend  for  the  detri¬ 
mental  segregants  phosphorus,  tin,  antimony  and 
sulphur  cannot  be  judged  as  contradicting  the 
hypothesis,  given  present  uncertainties. 

The  straight  line  in  Fig.  8  corresponds  to 
A  =  0.37  (K/at.%  on  g.b.)/(kJ  mol-')=  1400  K/ 
(J  m“^)  in  (37).  Thus,  from  (36)  if  we  assume 
2ii,„  =  (0.5  to  1.0)x  10-3  J  m-  -  K  - '  ^74^  751^  (h.,t 
straight  line  implies 

aF/0(2yJ«  -(580to820)K/(Jm-3)  (38) 


^  Free  Energy  Difference  (  kJ/mole) 

l-ig  8  Plot  of  approximate  niiiges  for  cmbiittlement  ^ensi- 
tivities.  A  against  approximate  ranges  for  difterenee  m  fiee 
energy  of  .segregation.  Ag,,"  -  Ag,  '.  .See  lahles  1-3  and  te.vl 
for  disciession  of  datti. 


That  is,  each  0.1  J  m'^  reduction  .n  2y,„,  due  to 
segregation  of  solutes  such  as  phosphorus,  tin, 
antimony  oi  sulphur  increases  the  DBTT  by  the 
order  of  60  to  80  K. 

Results  for  carbon  in  Fig.  8  are  inconsiaent 
with  the  trend  of  the  other  segregants.  The 
Ag,,"  -  AgJ’  range  that  we  give  for  carbon  suggests 
that  it  is  a  mildly  embrittling  element.  Such  is  not 
inconsistent  with  the  net  effect  of  carbon  being 
beneficial,  because  it  also  displaces  worse 
embrittlers  from  grain  boundaries  by  site  cr^m- 
petition.  However,  there  is  evidence  that  after 
accounting  for  displacement  effects,  there  is  an 
additional  effect  of  carbon  as  a  cohesion  en¬ 
hancer  (see  for  example  refs.  46  and  54j,  signified 
by  the  negative  ^  in  Tables  2  and  3.  This  may 
mean  that  effects  of  carbon  segregation  on 
embrittlement  cannot  be  understood  in  terms  of 
an  alteration  of  2y,„,.  It  is,  nevertheless,  well  to 
remember  that  we  have  had  to  use  the  (100)  crys¬ 
tal  surface  segregation  energy  for  carbon,  in 
absence  of  results  for  carbon  adsorption  on  poly- 
crystal  surfaces  created  by  intergranular  fracture. 
As  remarked,  this  may  re.>ult  in  our  reported 
range  for  Ag,,"  -  Ag.,"  being  a  significant  overes¬ 
timate.  The  possibility  cannot  presently  be  ruled 
out  that  a  more  appropriate,  poly  crystalline  range 
of  Agij^-Ag,''  for  carbon  would  be  negative,  in 
better  agreement  with  the  trend  of  proportional¬ 
ity  of  the  ^  to  the  Ag,,"-Ag,"  that  is  required 
when  2y„„  controls  embrittlement. 

6.  Summarizing  remarks 

We  have  reviewed  theoretical  models  of  inter¬ 
granular  fracture  with  an  emphasis  on  under¬ 
standing  effects  of  solute  segregation  on  the 
process.  Of  parameters  susceptible  to  alteration 
by  solute  segregation,  the  models  point  to  an 
important  role  for  alterations  of  2y„,„  the  ideal 
work  of  separation  of  an  interface,  in  governing 
embrittlement.  Nevertheless,  alterations  of  the 
peak  strength  the  shape  of  the  o  vs.  d  rela¬ 
tion  and  of  other  potentials  for  the  interfacial 
region,  and  of  poorly  understood  parameters 
characterizing  dislocation  generation  at.  and 
mobility  through,  the  interface  may  also  be 
important  for  embrittlement. 

A  thermodynamic  framework  is  outlined 
which  allows  results  of  solute  adsorption  studies 
for  grain  boundaries  and  free  surfaces  to  be  used 
to  estimate  alterations  in  2}',„,  due  to  solute  segre¬ 
gation.  For  light,  sub-monolayer  coverage,  the 
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critical  parameter  giving  the  decrease  of  2y„„  per 
unit  increase  of  solute  coverage  is  Agj/’-AgJ’. 
This  is  the  difference  in  the  (inherently  negative) 
free  energies  of  segregation  from  the  bulk  to  a 
grain  boundary  and  from  the  bulk  to  a  free 
surface.  That  is,  it  is  the  reversible  work  of 
moving  a  solute  atom  from  a  specific  adsorption 
site  along  a  free  surface  to  a  specific  site  along  a 
grain  boundary. 

For  the  special  case  of  dilute  temper  embrit¬ 
tling  solutes  in  steels,  or  iron,  we  summarize  data 
giving  approximate  ranges  of  the  free  energy 
difference.  This  can  be  done,  with  various  uncer¬ 
tainties,  for  carbon,  phosphorus,  tin,  antimony 
and  sulphur. 

The  effects  of  such  solute  segregation  on  shift¬ 
ing  the  DBTT  in  the  Charpy  impact  test  has  been 
summarized  in  terms  of  embrittlement  sensi¬ 
tivities  Values  have  been  summarized  here 
from  the  literature.  We  show  that  the  hypothe.sis 
that  embrittlement  can  be  understood  solely  in 
terms  of  the  effects  of  solute  segregation  on  2y,n, 
requires  that  the  ratio  of  ^  to  Agt,"  “  Ag,,**  be  the 
same  for  every  segregant.  We  attempt  to  use  the 
available  data  to  test  the  hypothesis,  but  the 
uncertainties  in  the  data  are  too  great  to  allow  any 
sharp  conclusions.  Results  for  the  detrimental 
segregants,  phosphorus,  tin,  antimony  and  sul¬ 
phur  may  plausibly  support  the  hypothesis,  but 
not  those  that  we  show  for  carbon.  This  may  be 
either  because  carbon's  effects  (beyond  tho.se  due 
to  its  displacement  of  deleterious  segregants 
through  site  competition)  are  not  explicable  in 
terms  of  the  effect  of  carbon  segregation  on  2y,„„ 
or  because  the  surface  segregation  energy  that  we 
have  used  in  the  correlation,  available  only  for 
carbon  on  (100)  surfaces,  overestimates  the 
magnitude  of  segregation  energy  for  a  po!ycry.staI 
surface  formed  by  intergranular  fracture.  If  the 
latter  is  true,  the  hypothesis  regarding  Zy,,,,  may 
hold  for  carbon  also. 

It  is  unlikely  that  experimental  techniciues  for 
study  of  surface  and  grain  boundary  adsorption 
will  improve  enough  in  the  near  future  to  signifi¬ 
cantly  reduce  the  uncertainties  that  we  have 
encountered.  Po.ssibly,  first-principles  quantum 
electronic  calculations  of  the  difference  in  bond¬ 
ing  energies  for  a  solute  in  a  grain  boundary  and 
in  a  free  surface  environment  will  provide  a 
quicker  and  more  accurate  route  to  understand¬ 
ing  alterations  of  2y„„  by  solute  segregation.  Such 
calculations  arc  encouraged  and  should  akso 
provide  useful  guidelines  on  what  factors  make 


for  large  or  small,  positive  or  negative  (i.e. 
cohesion  enhancing),  values  of  Agi,"  -  Ag,". 

More  definitive  fracture  experiments  than 
those  provided  by  the  Charpy  test  would  also  be 
of  great  help  in  testing  theoretical  concepts. 
Ideally,  one  might  measure  the  macroscopic  frac¬ 
ture  energy  G  for  bicrystal  specimens,  for  a  fixed 
set  of  adjoining  crystal  orientations  and  with 
variable  amounts  and  types  of  segregated  solutes 
for  each  such  orientation,  and  characterize  the 
extent  to  which  G  correlates  with  2y„„  or  with 
other  quantities  susceptible  to  alteration  by  solute 
segregation. 
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/Abstract 

The  intrinsic  delamination  toughness  of  inter¬ 
faces  between  thin  coatings  ofSiC  and  substrates  of 
either  silicon  single  crystals  or  Pitch-55  carbon 
fibers  can  be  determined  accurately  in  many 
instances  from  the  analysis  of  the  spontaneous 
delamination  phenomenon  of  such  coatings  when 
they  are  under  residual  tension  or  compression. 
When  the  thickness  of  such  stressed  coatings  reach 
a  critical  threshold  value,  the  elastic  strain  energy 
of  material  misfit  stored  in  the  coating  becomes  a 
driving  force  for  delamination  of  the  coatings  in 
quasi-static  equilibrium,  starting  from  defects  on 
the  interfaces  or  edges.  The  analysis  of  this  phen¬ 
omenon  has  given  delamination  toughnesses  for 
interfaces  between  SiC  coatings  and  silicon  single 
.crystals  and  Pitch-55  carbon  fibers,  which  range 
from  5.1  J  m  '-  to  5.95  J  m~-.  Although  somewhat 
high,  these  toughness  levels  are  well  within  a  factor 
of  2  of  the  expected  tnie  intrinsic  interface  tough¬ 
nesses  for  these  systems  in  the  absence  of  any 
accompanying  inelastic  deformation. 

1.  Introduction 

Interfaces  play  a  key  role  in  the  mechanical 
behavior  of  heterogeneous  solids.  They  govern 
the  mode  and  extent  of  traction  transmission 
between  phases  of  different  elastic  and  inelastic 
properties.  When  local  tractions  across  interfaces 
reach  a  critical  magnitude,  the  parting  of  inter¬ 
faces  initiates  microcracks  or  voids,  which  tran.s- 
form  a  previou.sly  continuous  solid  into  a 
discontinuous  one,  and  set  the  stage  for  final  frac¬ 
ture. 

In  many  aligned  fiber  reinforced  composites, 
the  structural  service  requirements  are  almo.st 
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entirely  met  by  the  volume  fraction  of  stiff  and 
strong,  but  brittle  fibers.  The  matrix  then  acts 
merely  to  position  the  fibers  in  space  and  to 
impart  to  the  composite  a  minimum  level  of 
transverse  and  longitudinal  shear  properties.  It  is 
now  well  recognized,  hov/ever,  that  in  such  com¬ 
posites,  the  evolution  of  sub-critical  damage 
under  stress  by  correlated  fiber  fractures  is 
governed  by  the  mechanical  coupling  between 
fibers  through  the  matrix.  When  the  interfaces 
transmit  all  tractions  fully  and  the  coupling 
between  fibers  is  too  good,  isolated  fractures  in 
fibers  with  small  variability  in  strength  tend  to 
spread  more  readily  to  surrounding  fibers,  and 
hasten  the  development  of  a  super-critical 
damage  cluster  (see  e.g.  Argon  [1,  2]).  In  such 
instances,  the  strength  of  the  composite  is  often 
less  than  the  average  strength  of  an  unbonded 
bundle  of  similar  fibers  of  equal  length  [2].  Thus, 
aligned  fiber  composites  can  often  be  made  more 
damage  tolerant,  by  decoupling  fractured  fibers 
from  their  neighbors  through  controlled  delami¬ 
nation  of  their  interfaces.  Since  many  modern 
reinforcing  carbon  fibers  are  provided  with  pro¬ 
tective  coatings,  it  becomes  possible  to  tailor  the 
strength  and  toughness  of  the  interfaces  between 
coating  and  fiber  to  act  as  mechanical  fuses  to 
decouple  broken  fibers  from  their  surroundings 
(3].  While  considerable  inelastic  deformation  in 
the  surrounding  matrix  can  accompany  the  prop¬ 
agation  of  a  crack  along  the  interface  between  the 
coating  and  the  fiber,  the  intrinsic  toughness  of 
the  interface  .sets  the  overall  scale  of  the  delami¬ 
nation  toughness  [4].  Thus,  in  controlling  the 
performance  of  the  composite  through  the  con¬ 
trol  of  the  intrinsic  interface  toughne.ss,  it 
becomes  of  paramount  importance  to  measure 
this  toughness  reliably. 

Here,  we  will  report  briefly  how,  under  special 
circumstance.s,  the  intrinsic  toughne.ss  between 
certain  coatings  and  substrates  can  be  determined 
unambiguously  through  the  analysis  of  the  phen- 
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omenon  of  “spontaneous"  delamination  of  coat¬ 
ings  when  they  are  residually  stressed.  A  more 
detailed  discussion  of  this  phenomenon  and  its 
potential  for  interface  toughness  determination 
can  be  found  elsewhere  [5]. 

2.  Residual  stresses  in  vapor-deposited  SiC 
coatings 

Because  of  its  hardness,  low  density,  and 
chemical  stability,  SiC  is  the  coating  of  choice  for 
carbon  fibers.  It  adheres  well  to  carbon  fibers  and 
to  most  metal  matrixes  in  which  carbon  fibers  are 
used.  In  the  cases  to  be  discussed  here,  the  SiC 
coatings  have  been  applied  by  plasma-assisted 
chemical  vapor  deposition  to  both  Pitch-55 
carbon. fiber  and  single  crystal  silicon  substrates 
with  (100)  plane  surfaces.  In  all  instances,  the  as- 
deposited  coatings  of  SiC  were  found  to  entrap 
large  quantities  of  hydrogen  gas— apparently  in 
solid  solution,  resulting  in  significant  incorpora¬ 
tion  of  positive  misfit  in  the  plane  of  the  coating, 
and  establishment  of  biaxial  residual  compressive 
stress.  When  the  coatings  were  applied  to  thin 
disk-shaped  silicon  single-crystal  wafers  on  only 
one  side,  the  level  of  these  residual  compressive 
stresses  could  be  readily  measured  from  the 
changed  curvature  of  the  disk  from  the  simple 
relation: 


where  R  is  the  spherical  radius  of  curvature  of  the 
substrate  silicon  disk,  and  its  Young's  modu¬ 
lus  and  Poisson's  ratio  respectively,  li  its  thick¬ 
ness,  and  t  the  thickness  of  the  coating.  This 
established  that  the  residual  compressive  stre.sses 
in  the  as-deposited  coatings  were  independent  of 
the  thicknc.ss  of  the  coating,  but  were  dependent 
only  on  the  ion  beam  energy  of  the  coating 
process,  as  shown  in  Fig.  1.  Upon  annealing  of 
the  coatings  at  600  °C  for  30  min,  the  entrapped 
hydrogen  gas  producing  the  positive  misfit  could 
be  readily  driven  out,  resulting  in  sub.stantial 
reduction  in  coating  thickness,  but  also  in  the 
development  of  substantial  net  negative  biaxial 
misfit  in  the  plane  of  the  coating  and  a.s.sociatcd 
biaxial  residual  tensile  stresses.  T*'e.se  teasile 
stresses  could  be  as  readily  measured  by  changing 
curvature  of  the  substrate  disks.  They  too  were 
found  to  be  independent  of  coating  thickne.ss.  but 
dependent  on  ion  beam  energy  in  a  .symmetrically 
reverse  way  for  the  levels  of  compres..ive  stre.ss  in 
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Fig.  1.  Measured  residual  stresses  in  SiC  coatings  as  a 
function  of  ion  beam  energy  of  the  coating  process  for  as- 
dcposited  coatings  in  compression  and  annealed  coatings  in 
tension. 

the  as-deposited  coatings,  as  shown  also  in  Fig.  1. 

Coatings  applied  to  Pitch-55  carbon  fiber  in 
the  same  manner  were  of  uniform  thickness 
around  the  circumference  of  the  fiber.  Therefore, 
they  did  not  produce  curvature  changes  in  the 
fibers,  but  showed  identical  changes  in  thickness 
and  other  delamination  behavior  upon  annealing, 
which  are  presented  below.  From  this,  it  is  con¬ 
cluded  that  they  too  were  under  very  similar  sets 
of  residual  stresses,  which  also  depended  only  on 
ion  beam  energy  and  not  on  the  thickness  of  the 
coatings. 

3.  “Spontaneous”  dclamination  of  coatings 

3. 1.  Threshold  .hickness  of  delaminalion 

While  thin  coatings  of  submicron  thicknesses 
were  found  to  remain  intact  on  both  silicon  and 
carbon  fiber  substrates  for  indefinitely  long  times, 
regardle.ss  of  the  level  or  type  of  the  residual 
stre.s.ses,  thicker  coalings  were  found  to  delami¬ 
nate  fiom  the  substrates  when  their  thicknesses 
e,xcecdcd  a  critical  level.  The  forms  of  this  de¬ 
lamination  were  radically  different  for  coatings  in 
compression  from  coatings  in  tension.  In  both 
ca.ses,  it  was  observed  that  a  hen  the  coatings 
exceeded  a  threshold  thickne.ss,  different  in 
tension  from  that  in  comprc.ssion,  the  rate  of 
delaminalion  increased  with  increasing  thickne.ss 
of  coatings  when  the  samples  were  observed  in 
laboratory  air.  Beyond  a  certain  thickness  in 
c-\ee.s.s  of  the  threshold  thickness,  the  delamina¬ 
tion  was  nearly  spontaneous  upon  removal  of  the 
samples  from  the  coating  apparatus,  and  hap¬ 
pened  even  in  the  apparatus  in  vacuum.  This 
suggests  an  element  of  stre,ss  corrvision  cracking 
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in  the  delamination  process  occurring  in  labora¬ 
tory  air  that  needs  to  be  investigated  further.  This 
conjecture  is  reinforced  by  the  observation  that 
coatings  with  thicknesses  in  excess  of  the  thresh¬ 
old  thickness  for  long-term  delamination  in  air 
could  be  maintained  intact  when  samples  were 
stored  in  vacuum. 

3.2.  Delamination  of  coatings  with  tensile  misfit 
strain 

In  annealed  coatings  with  tensile  misfit  strain 
on  silicon  single-crystal  substrates,  the  first  form 
of  delamination  was  the  formation  of  columnar 
cracks  in  the  coatings,  parallel  to  the  (110,  direc¬ 
tions  of  the  silicon  single-crystal  substrates.  The.se 
directions  are  16%  stiffer  in  the  (100)  surface  of 
the  crystal  than  the  corresponding  orthogonal  set 
of  (100)  directions.  Upon  cracking,  coatings  were 
found  to  delaminate  in  ribbon-shaped  slabs, 
starting  from  the  free  ends  where  parallel  coating 
cracks  were  arrested  by  a  previously  established 
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Fig.  2.  Example  of  a  ribbon-like  delamination  of  an 
annealed  SiC  coating  in  tension;  (ai  low  magnification  view 
showing  extent  of  delaminated  ribbon,  ,'b,  high  magnifieation 
view  showing  the  initial  tensile  material  misfit  displaeemeiit. 


crack  of  the  orthogonal  family,  as  shown  in  Figs. 
2(a)  and  2(b).  In  Fig.  2(a),  the  extent  of  coating 
delamination  from  the  substrate  is  clearly  visible 
from  the  darker  contrast  of  the  ribbon  relative  to 
its  surroundings.  The  delaminated  ribbon  con¬ 
tinues  to  lie  flat  on  the  substrate,  clearly  because 
the  residual  tensile  stress  in  it  that  has  been 
relieved  by  the  delamination  was  uniform  across 
the  thickness.  Figure  2(b)  shows  a  gap  at  the  end 
of  the  ribbon  between  it  and  the  upper  portion  of 
the  surrounding  coating  which  still  remains 
attached  to  the  substrate.  These  gaps,  which 
could  be  readily  measured  at  many  places,  when 
divided  by  the  length  of  the  delaminated  ribbon 
furnished  an  independent  measure  of  the  initial 
material  misfit  strain  £„,.  These  misfit  strains, 
when  divided  into  the  residual  tensile  stress  in  the 
coatings  prior  to  the  onset  of  the  delamination, 
permitted  the  determination  of  the  Young's 
modulus  of  the  coatings  from  eqn.  (2)  below; 


(2) 


where  the  Poisson’s  ratio  of  the  coating  was  taken 
to  be  0.3,  since  it  could  not  be  measured  inde¬ 
pendently.  These  measurements  established  that 
the  Young’s  modulus  of  the  annealed  SiC  coatings 
depended  uniquely  on  the  initial  ion  beam  energy 
of  the  coating  process,  as  shown  in  Fig.  3,  and 
indicated  that  the  ion  beam  energy  governs  the 
structure  of  the  coating. 

The  observations  of  a  well-defined  delamina¬ 
tion  thre.shold  in  the  thickness  of  the  coatings 
with  tensile  misfit  indicate  that  this  delamination 
is  driven  by  the  elastic  strain  energy  stored  in  the 
coating.  In  such  problems  of  biaxially  .stre.ssed 
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thin  coatings  resulting  from  a  constant  material 
misfit  independent  of  thickness,  the  elastic  strain 
energy  almost  entirely  resides  in  the  coating, 
with  only  a  negligible  contribution  coming  from 
the  much  thicker  substrate  [5],  Thus,  for  very  thin 
coatings  where  the  elastic  strain  energy  per  unit 
area  of  the  interface  is  less  than  the  interface 
toughness,  the  coating  remains  intact  indefinitely. 
As  the  thickness  of  the  coating  increases,  the 
available  elastic  strain  energy  per  unit  area 
increases  monotonically  until  it  becomes  equal  to 
the  intrinsic  interface  toughness*  (or  energy 
release  rate)  G„,.  Then,  the  coating  can  delami¬ 
nate  away  from  the  substrate  undei  quasi-static 
conditions,  starting  from  any  interface  defect  or 
pre-crack.  For  thicknesses  greater  than  the  criti¬ 
cal  thickness,  the  delamination  will  occur  with 
increasing  velocity.  From  elementary  considera¬ 
tions,  the  Gjo  is  given  by  [5]: 

q-(l-v)/,  ejEt, 

^CO  /  j  \  1*^/ 

£  (1-v) 

where  ct,  £,  v,  are  respectively  the  biaxial 
residual  tensile  stress,  the  biaxial  material  misfit 
strain,  the  Young's  modulus,  the  Poisson's  ratio, 
and  the  critical  (threshold)  thickness— all  of  the 
coating.  This  interface  toughness,  determined 
from  evaluation  of  eqn.  (3)  is  shown  in  Fig.  4.  It  is 
found  from  here  that  the  interface  toughness  is 
constant,  within  experimental  error,  and  does  not 
depend  on  ion  beam  energy.  Its  average  value  is 
5.1  J  m’-  for  coatings  in  residual  tension. 

3.3.  Delamination  of  coalings  with  compressive 
misfit  strain 

In  the  as-deposited  coatings,  the  residual  .stre.ss 
is  compressive,  as  stated  above.  There  too,  the 
elastic  strain  energy  stored  in  the  coating  per  unit 
area  of  the  interface  increases  monotonically  with 
thickness  of  the  coating.  The  delamination  of 
these  coatings  from  the  substrate,  however,  ex¬ 
hibits  a  very  different  form.  Here,  it  is  found  that 
coatings  of  considerably  greater  thickne.ss  remain 
attached  intact  to  the  substrate.  When  they  reach 
a  new  critical  thickness  in  the  range  of  1 .0  /rm. 
they  are  found  to  .separate  by  forming  a  blister 
which  lifts  off  the  substrate  in  a  regularly  buckled 
form,  as  shown  in  Fig.  5,  where  a  number  of  blis- 
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Fig.  5.  Dclaminaiion  blisters  in  an  as-deposited  coating  in 
bia.Mal  eoinpre.ssion.  ,A;  smallest  sue  blister  just  lifting  off. 

B.  large  blisters  growing  radially  outssard.  rsith  a  .self-similar 
and  regular  circumferential  buckled  form,  tC)  a  blister  just 
large  enough  to  assume  a  regular  circumferential  buckled 
.shape. 


ters  in  various  stages  of  separation  can  be  secii. 
At  ,A/,  the  blisters  ate  just  large  enough  to  pro¬ 
duce  iw'o  half  waves  of  vertical  buckling;  at  (B), 
large  bli.sters  have  settled  into  a  form  w'hcre  they 
propagate  radially  outward  in  quasi-static  equilib¬ 
rium.  w'iih  a  .self-similar  circumferential  buckling 
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wavelength  /.  Tnis  wavelength  appears  just  estab¬ 
lished  in  the  small  blister  shown  at  (C). 

Detailed  observations  of  the  growth  of  the  blis¬ 
ter  with  Nomarski  interference  contrast  microsc¬ 
opy  showed  that,  as  the  blister  front  advances 
radially  outward,  first  the  radial  residual  stress  is 
relieved,  appar-'  tly  by  slippage  of  the  coating 
radially  inwaio  er  a  process  zone  of  several  /rm 
in  width.  This  is  followed  by  the  partial  relief  of 
the  circumferential  stress  by  the  formation  of  the 
circumferential  buckles,  with  a  wavelength  /,  that 
depends  on  the  initial  biaxial  residual  compres 
sive  stress  a  given  by  eqn.  (4)  below  [5]: 


/=;r/i 


3(1-  V  )a(l  -  v) 


1/2 


(4) 


In  eqn.  (4),  E  is  the  Young’s  modulus  of  the  coat¬ 
ing,  t  its  thickness,  and  v  its  Poisson’s  ratio,  which 
we  take  to  be  0.3.  Since  the  residual  compressive 
stress  can  be  measured  independently  from  the 
curvature  of  the  substrate  attached  to  the  coating, 
and  /  can  be  measured  from  the  micrographs, 
such  as  Fig.  5,  the  modulus  of  the  coating  can  be 
calculated  from  eqn.  (4).' When  this  was  done  for 
a  coating  of  1.1  //m  threshold  thickness  with  a 
measured  /  of  20  /im,  and  residual  compressive 
stress  of  2  GPa,  E  was  found  to  be  1 16  GPa. 

Further  elementary  analysis  of  the  remaining 
elastic  strain  energy  L\  per  unit  area  of  interface 
in  the  post  buckled  shape  of  the  coating  estab¬ 
lishes  it  to  be  [5] 


t/f= 


nEt^ 

9(1 


(5) 


In  the  same  fundamental  parameters,  the  initial 
strain  energy  per  unit  area  of  interface  prior  to 
the  formation  of  the  blister  is  [5] 


i/.= 


k*Ei^ 
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(6) 


At  the  critical  threshold  thickness  the  differ¬ 
ence  between  (6)  and  (5)  should  provide  for  the 
intrinsic  toughness  of  the  interface,  i.e. 


G„,- 


J  r-  5 
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Evaluation  of  typical  cases  already  referred  to 
above  gave  an  interface  toughness  of  G,.„  =  5.95  J 
m'-,  which  is  14%  higher  than  the  value  deter¬ 
mined  for  coatings  in  residual  tension.  This 


difference  is  .ittributed  to  the  additional  and  pos- 
•sibly  different  dissipative  work  of  slippage 
between  coating  and  substrate  during  the  release 
of  the  radial  stress. 


3.4.  Delumination  of  touting^  from  Pitdt-55  tiu- 
bon  fibers 

The  same  phenomenon  of  spontaneous  delam¬ 
ination  of  SiC  coatings  with  tensile  misfit  was 
found  also  with  Pitch-55  carbon  fibers.  When 
such  fibers  were  coated  followed  by  the  annealing 
treatment  of  600  °C  for  30  min,  the  coatings  were 
found  to  remain  stable  and  intact,  if  their  thick- 
ne.sses  were  less  than  0.33  jum  for  coatings  de¬ 
posited  at  low  ion  beam  energy.  When  coatings 
with  thickness  slightly  exceeding  this  thickness, 
having  the  above  process  history,  were  left  in 
laboratory  air  with  the  usual  relative  humidity  of 
60%  for  several  months,  they  were  found  to 
undergo  copious  and  complete  delamination  by 
cracking  and  flaking,  as  shown  in  Fig.  6. 

The  initial  biaxial  misfit  strain  between 
coating  and  fiber  could  again  be  determined  from 
the  ratio  of  the  average  gap  size  between  flakes  to 
the  average  dimension  of  the  flakes.  With  this 
information,  and  the  assumption  that  the  modu¬ 
lus  of  the  coating  in  tension  is  given  uniquely  by 
Fig.  3  as  being  a  function  of  only  the  ion  beam 
energy,  and  the  further  a.ssumption  that  the 
Poisson’s  ratio  remained  at  0.3,  the  threshold 
elastic  strain  energy  of  the  coating  per  unit  area 
could  be  calculated  and  equated  to  the  fracture 
toughne.ss  of  the  interface  to  simply  result  in  [5] 
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Fig.  6.  J-Iake.s  of  dclaininnicd  SiC  coatings  on  a  I’itcli-55 
carlion  fiber. 
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for  coating  thickness  to  fiber  radius  ratio  tjR  <  1. 
Evaluation  of  these  results  for  a  typical  case  of 
coating  with  a  modulus  of  16  GPa  threshold 
thickness  of  0.33  //m,  and  misfit  strain  of 
2.7  X 10"^-  on  a  fiber  with  a  radius  of  5  ftm,  the 
interface  toughness  was  calculated  to  be 
Gco  =  5.47  J  m'-.  This  is  quite  clo.se  to  the  value 
of  5.1  J  m"-  determined  for  the  SiC/Si  pair. 

4.  Discussion 

The  phenomenon  of  spontaneous  delamina¬ 
tion  of  coatings  under  residual  stress  from  more 
massive  substrates  occurs  quasi-statically  when 
the  elastic  strain  energy  of  misfit  per  unit  area 
equals  the  intrinsic  work  of  separation  of  the 
coating  from  the  interface.  The  analysis  of  the 
conditions  of  such  delamination  provides  the 
much-needed  informaton  on  the  intrinsic  tough¬ 
ness  of  the  interface.  Apart  from  small  differ¬ 
ences  between  the  various  modes  of  separation 
presented  above,  the  interface  toughness  is 
independent  of  the  state  of  stress  in  the  coating. 
Furthermore,  the  toughness  of  the  interface 
between  SiC  coatings  and  carbon  fibers  is  also 
quite  close  to  that  measured  for  the  SiC/Si  pair. 

Observation  of  such  delamination  events  is  not 
new.  Evans  and  Hutchinson  [6]  have  reported 
somewhat  similar  delamination  phenomena  for 
interfaces  between  surface  layers  and  substrates 
in  microelectronics  components,  but  observed  a 
rather  different  proce.ss  in  the  delamination  of  the 
layers  in  compression,  which  was  less  informa¬ 
tive. 

It  must  be  noted  'hat  the  simplicity  of  the 
phenomenon  reporte''  above  results  from  the 
sharply  defined  nature  of  the  interface,  and  the 
condition  that  the  interface  toughness  is  evidently 
less  than  the  toughness  of  either  the  coating  or  the 
substrate,  so  that  delamination  cracks  remain  in 
the  interface  and  do  not  wander  into  either  of  the 
two  adjoining  materials. 

Under  these  conditions,  furthermore,  where 
the  elastic  .strain  energy  of  misfit  is  overwhelm¬ 
ingly  stored  in  the  coating,  the  nature  of  the  stress 
intensity  at  the  tip  of  the  interface  crack  mu.st  be 
even  more  complicated  than  the  complex  stre,ss 
intensities  and  their  associated  oscillatory  trac¬ 
tions  that  have  been  extensively  discussed  in  the 
literature  [7-91-  Clearly,  in  this  case,  the  .singular 
component  of  the  stre.ss  field  ahead  of  the  crack 
must  be  of  very  short  range  and.  while  it  must  be 
of  opposite  sign  for  the  two  ca.ses  of  tensile  and 


compre.ssive  misfit,  the  delamination  remains  in 
the  plane  of  the  interface.  A  clue  to  this  unique 
behavior  is  likely  to  be  the  Nomarski  interference 
contrast  microscopy  observation  noted  above 
and  discussed  in  more  detail  elsewhere  [5]  that,  at 
least  in  the  case  of  the  enlargement  of  the  com¬ 
pression  blister,  the  delamination  may  be  pre¬ 
ceded  by  some  slippage  in  the  interface  prior  to 
lift  off  of  the  coating.  This  may  also  account  for 
the  magnitudes  of  the  interface  toughness  that 
have  been  obtained.  Thus,  in  the  absence  of  any 
dissipative  work,  the  toughness  of  an  interface 
must  be: 

(^co~  Xb~  Xak 

where  Xa  and  Xu  are  the  surface  energies  of  com¬ 
ponents  A  and  B,  and  Xah  ^^‘e  specific  interface 
energy  between  A  and  B.  Although  good  mea¬ 
surements  of  either  the  surface  energies  of  silicon, 
or  SiC,  or  their  interface  energy  do  not  exist,  a 
simple  estimate  can  show  that  the  measured  inter¬ 
face  toughnesses  are  considerably  in  excess  of 
what  could  be  expected.  The  surface  energy  of 
silicon  measured  by  Gilman  [10]  in  cleavage 
experiments  is  1 .24  J  m  '.  If  the  surface  energy  of 
SiC  is  e.stimated  to  be  higher  in  the  ratio  of  the 
Young's  moduli  of  SiC  to  silicon,  i.e.  by  a  factor 
of  2.04,  it  should  be  2.53  J  m  \  Thus,  consider¬ 
ing  the  interface  energy  between  silicon  and  SiC 
to  be  somewhere  of  the  order  of  1  J  m  %  it  is 
clear  that  the  measured  interface  toughnesses  are 
about  twice  what  might  be  expected  from  eqn. 
{9',.  Clearly,  therefore,  even  in  this  very  short- 
range  crack  tip  stress  field,  as  it  propagates  along 
the  interface,  additional  di.ssipative  work  is  done 
which  we  propose  is  expended  by  some  relative 
slippage  between  coating  and  substrate  prior  to 
lift  off  of  the  coating. 

On  the  whole,  however,  we  conclude  that  the 
interface  toughnesses  that  we  have  reported  are 
quite  meaningful  and  that  the  spontaneous 
dclamination  experiment  can  be  u.scd  within 
these  limitations  to  monitor  changes  of  interface 
adhesion  in  tailoring  the  properties  of  interfaces 
in  the  quest  of  making  tougher  and  more  damage- 
tolerant  composites. 
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Abstract 

The  precipitation  characteristics,  the  mecha¬ 
nisms  of  accelerated  aging,  and  the  variation 
of  uniaxial  tensile  stress-strain  behavior  in 
response  to  controlled  variations  in  matrix  micro- 
structure  were  investigated  for  a  2124  Al-SiC 
whisker  composite.  The  yield  strength  of  the  com¬ 
posite  vvfli'  found  to  be  independent  of  matrix  aging 
condition.  However,  the  overall  ductility  decreased 
monotonically  with  an  increase  in  aging  time.  A 
finite  element  analysis  of  the  constitutive  response 
of  the  composite  is  presented.  The  results  of  these 
calculations,  as  well  as  the  predictions  of  several 
models  for  composite  strengthening  available  in 
the  literature,  were  compared  with  the  experi¬ 
mental  results.  The  presence  of  brittle  whiskers  in 
aluminum  leads  to  a  significant  build-up  of  hydro¬ 
static  stresses  in  the  matrix  during  plastic  deforma¬ 
tion.  Void  formation  in  the  matrix  of  the  composite 
as  well  as  at  the  whisker-matrix  interface  appears 
to  pLy  .■  ■  'mportant  role  in  controlling  the  overall 
failv..-  -nechanisms.  Transmission  electron 
microscopy  observations  of  void  formation  at 
whisker  ends  are  described  for  composite  speci¬ 
mens  strained  in  tension  a*  room  temperature  and 
at  300  °C.  A  detailed  discussion  of  matrix  deforma¬ 
tion  and  interfacial  debonding  is  presented  in  an 
attempt  to  identify  the  origins  of  low  ductility  in 
discuntinuously  reinforced  metal-ceramic  com¬ 
posites. 

1.  Introduction 

With  recent  advances  in  processing  tech¬ 
nology,  the  ability  to  produce,  in  economically 
feasible  quantities,  a  wide  range  of  metal-matrix 
composites  is  increasing  dramatically.  Metals, 
reinforced  with  brittle  particles,  often  referred 


’Paper  presented  at  the  symposium  on  Interfacial  Phe¬ 
nomena  in  Composites:  Processing,  Characterization,  and 
Mechanical  Properties,  Newport,  RI,  June  1-3, 1988. 


to  as  discontinuously  reinforced  metal-matrix 
composites,  constitute  a  large  portion  of 
these  advanced  materials.  Particle-reinforced 
metal-matrix  composites  are  both  machinable 
and  workable  using  conventional  processing 
techniques,  and  the  manufacturing  of  these  mate¬ 
rials  can  easily  be  scaled  up  to  production  quan¬ 
tities.  Experimental  results  of  stress-strain 
relations  for  these  materials  have  been  reported 
previously  [1-5],  although  the  effects  of  syste¬ 
matic  variations  in  the  matrix  microstructure  on 
the  overall  composite  properties  have  not  been 
examined.  Recent  work  has  demonstrated  that 
aging-induced  precipitation  and  microstructural 
evolution  in  the  matrix  of  whisker-reinforced 
composite  materials  can  be  significantly  accel¬ 
erated  compared  with  those  of  the  unreinforced 
matrix  material  subjected  to  identical  heat  treat¬ 
ments  [6-8].  These  results  indicate  that  conven¬ 
tional  heat  treatments  for  unreinforced  com¬ 
mercial  aluminum  alloys  should  not  be  directly 
applied  to  the  microstructural  design  of  com¬ 
posite  materials  although  this  is  often  the  practice 
[1-5,  9,  10].  A  thorough  examination  of  micro- 
structural  evolution  in  the  matrix  of  the  composite 
and  its  effects  on  overall  mechanical  behavior  is 
critical  to  a  more  complete  understanding  of  the 
constitutive  response  and  to  the  evaluation  of 
composite  strengthening  theories.  The  low  duc¬ 
tility  exhibited  by  discontinuously  reinforced 
metal-matrix  composites  is  the  primary  obstacle 
preventing  their  introduction  into  many  .structural 
applications.  Yet  the  influence  of  controlled 
matrix  microstructural  variations  on  the  strain-to- 
failure  of  whisker-reinforced  metal-matrix  com¬ 
posites  remains  poorly  understood.  This  report 
will  focus  on  experimental  observations  and  finite 
element  analysis  of  the  effects  of  matrix  micro- 
structural  variations  on  the  uniaxial  stress-strain 
response  of  a  discontinuously  reinforced 
metal-matrix  composite  in  an  attempt  to  better 
understand  the  failure  mechanisms. 
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The  material  selected  for  this  study  was  a 
2 1 24  Al- 1 5  wt.%(  1 3  vol.%)SiC  w  hisker  reinforced 
metal-matrix  composite  obtained  from  ARCO 
Chemicals,  Greer  SC,  produced  using  powder 
metallurgy  techniques.  The  2124  Al  matrix  mate¬ 
rial  had  a  nominal  composition,  in  weight  percent, 
of  4%Cu-2%Mg-0.4%Mn,  with  the  balance  Al. 
For  comparison  where  appropriate,  an  unrein¬ 
forced  alloy  of  2124  Al,  that  was  identically  pro¬ 
cessed  from  the  same  powder  batch  and 
subjected  to  identical  solutionizing  and  aging 
treatments,  was  also  studied.  The  whiskers  used 
in  this  study  were  the  highest  quality  available 
and  were  classified  as  F-9.  The  average  dimen¬ 
sions  of  the  whiskers  before  processing  were  0.5 
fim  in  diameter  and  25  nm  in  length.  However, 
due  to  the  severe  deformation  involved  in  pro¬ 
cessing  of  the  composite  material,  significant 
breakage  of  the  whiskers  occurred  and  the  aver¬ 
age  length  of  the  whiskers  in  the  as-extruded 
material  was  about  2.5  //m.  A  systematic  micro- 
structural  characterization  and  aging  study  of  the 
same  extruded  bars  of  the  composite  and  control 
alloy  was  performed  by  Christman  and  Suresh  [6j 
and  will  be  briefly  reviewed  in  a  later  section  (the 
reader  is  referred  to  the  original  paper  for  a  more 
complete  discussion).  Furthermore,  composite 
damage  mechanisms  operative  during  uniaxial 
tensile  tests  at  high  temperatures  will  be  dis¬ 
cussed  and  compared  with  damage  mechanisms 
at  room  temperature. 

A  finite  element  unit  cell  model  was  used  to 
predict  the  uniaxial  stress  strain  response  of  the 
composite  material  as  a  function  of  matrix  mic- 
rostructural  variations.  The  model  approximates 
the  stress-strain  response  of  a  single,  rigid  cylin¬ 
drical  inclusion  in  an  elastic  power-law  hardening 
viscoplastic  matrix  n  ^ten;  1.  The  matrix  and 
whisker  parameters  w  ■;  taken  directly  from 
experiments  (when  poss.bie),  thereby  minimizing 
the  number  of  adjustable  variables.  The  experi¬ 
mental  observations  were  compared  with  the 
numerical  predictions  and  the  implications  of  the 
results  are  discussed  in  the  context  of  the 
mechanisms  responsible  for  the  high  values  of 
yield  strength  and  the  low  values  of  ductility  dis¬ 
played  by  the  material. 

2.  Microstructural  evolution 

Recently,  Christman  and  Suresh  [6]  conducted 
a  study  of  the  microstructural  evolution  and  aging 
kinetics  in  the  2124  Al-SiC  whisker  composite 


and  control  alloy  used  in  this  study,  utilizing 
analytical  transmission  electron  microscopy  tech¬ 
niques,  matrix  miertthardness  measurements  and 
conductivity  measurements.  The  aim  of  the  work 
reported  in  ref.  6  was  to  examine  the  effects  on  the 
matrix  of  the  composite  pioduced  by  the  intro¬ 
duction  of  the  whiskers  in  controlled  micro- 
structures  by  a  comparison  of  reinforced  and 
unreinforced  materials. 

The  composite  and  control  alloy  were  received 
in  the  as-extruded  condition,  solution-treated  at 
504  °C  for  4  h,  water  quenched,  and  subsequently 
aged  at  177  °C  for  various  times.  The  micro- 
structural  condition  of  the  matrix  material  was 
determined  by  microhardness  measurements 
(Fig.  1(a))  and  by  analytical  electron  microscopy. 
With  the  addition  of  the  SiC  whiskers,  the  peak 
aging  time  of  the  matrix  of  the  composite  is  drasti¬ 
cally  reduced  from  12  h  (for  the  control  alloy)  to 
about  3  h.  Another  interesting  feature  of  this 


Fig.  1.  Tile  variation  of  (a)  microliardnc.ss  and  (b)  precipitate 
.size  with  aging  time  (after  ref.  6). 


graph  is  that  there  is  no  appreciable  vertical  shift 
in  the  microharclness  values,  that  is  the  composite 
matrix  is  not  significantly  harder  than  the  unrein¬ 
forced  material.  This  result  suggests  that  it  would 
be  possible  to  use  the  bulk  mechanical  properties 
of  the  control  alloy  for  the  matrbc  properties  of 
the  composite  in  theoretical  calculations  of  the 
constitutive  response  of  the  composite,  with 
proper  adjustments  for  changes  in  the  aging 
curves.  This  inference  has  a  strong  bearing  on  the 
evaluation  of  composite  strengthening  theories 
which  will  be  discussed  in  a  later  section. 

The  transmission  electron  microscopy  (TEM) 
results  showed  that  the  age-hardening  precipi¬ 
tates,  S',  evolve  into  corrugated  sheets  after 
nucleating  on  dislocations  and  growing  in  the 
three  preferential  (001)  directions.  This  type  of 
precipitation  sequence  is  typical  of  Al-Cu-Mg 
alloy  systems  and  is  well  documented  in  the  liter¬ 
ature  [1 1-13].  There  is  little  preferential  precipi¬ 
tation  or  precipitate-free  zones  at  or  near  the 
whisker-matrix  interface.  The  rate  of  nucleation 
of  the  precipitates,  however,  was  different 
between  the  reinforced  and  unreinforced  materi¬ 
als.  The  reinforced  material  showed  evidence  of 
S'  nucleation  after  less  than  1  h  of  artificial  aging 
at  177  ®C,  whereas  the  unreinforced  material 
required  up  to  4  h  of  aging  at  this  tempeiature 
before  any  S'  could  be  detected.  Fig.  1(b). 

The  accelerated  aging  of  the  composite  matrix 
material  is  aided  b>  a  decrease  in  the  incubation 
time  for  the  nucleation  of  age-hardening  precipi¬ 
tates.  The  large  thermal  contraction  mismatch 
between  the  aluminum  matrix  and  the  SiC 
whiskers  gives  rise  to  residual  stresses  upon  cool¬ 
ing  from  the  solutionizing  temperature.  Disloc¬ 
ations  are  punched  out  from  whisker  ends  during 
cooling  to  relieve  part  of  the  residual  stres.ses  at 
the  interface.  For  2124  Al-13.2vol.%SiC  compo¬ 
site,  the  dislocation  punching  distance  (calculated 
from  ref.  14)  is  sufficientl>  large  to  cover  the 
majority  (approximately  75%)  of  the  matrix  with 
excess  dislocations.  Transmission  electron  mic¬ 
roscopy  studies  by  Christman  and  Suresh  [6] 
indicate  that  the  dislocations  in  the  matrix  of  the 
composite  serve  as  nucleation  sites  for  the  forma¬ 
tion  of  S'  precipitates  during  the  aging  of  the 
composite.  This  facilitates  the  attainment  of  peak 
matrix  hardness  at  much  shorter  times  than  in  the 
control  alloy. 

The  theory  for  accelerated  aging  listed  above 
is  supported  by  a  wide  variety  of  evidence 
(Christman  and  Suresh  [6]): 


(1)  TEM  studies  of  the  composite  material  and 
unieinforced  alloy  reveal  increased  dislocation 
density  in  the  matrix  of  the  composite. 

(2)  TEM  studies  also  reveal  that  the  strength¬ 
ening  precipitates  nucleate  preferentially  along 
dislocation  lines. 

^3)  Little  preferential  precipitation  or  precipi¬ 
tate  free  zone  at  or  near  the  whisker  interfaces 
was  observed. 

(4)  Quantitative  analysis  of  the  growth  kinetics 
of  the  strengthening  precipitates  for  both  the  rein¬ 
forced  and  unreinforced  materials  shows  a  shift 
in  nucleation  time  but  not  in  growth  kinetics. 

(5)  Measurements  of  changes  in  electrical  con¬ 
ductivity  are  consistent  w.ith  the  proposed  model. 

(6)  Cold  working  of  the  unreinforced  material 
also  produces  an  accelerated  aging  effect. 

(7)  Recent  in  situ  TEM  experiments  have 
demonstrated  dislocation  punching  at  whisker 
ends  during  cooling  of  the  metal-matrix  com¬ 
posites  [15]. 

(8)  Calculations  of  dislocation  punching  dis¬ 
tance  agree  well  with  the  observed  dislocation 
distribution. 

3.  Experimental  method 

The  composite  material  selected  for  this  inves¬ 
tigation  was  the  same  material  used  in  the  previ¬ 
ously  mentioned  characterization  study  [6]  and 
was  a  2124  powder  metallurgy  aluminum  alloy 
containing  13.2  vol.%  SiC  whiskers.  In  order  to 
form  a  basis  for  comparison,  a  control  alloy  with 
an  identical  proce.s.sing  history  from  the  same 
powder  batch  containing  no  reinforcement  was 
also  studied.  The  material  was  received  as- 
extruded,  in  bars  measuring  12.74  mm  x  127 
mm  X  1 500  mm  in  size.  The  heat  treatments  were 
designed  to  achieve  identical  values  of  micro- 
hardness  in  the  unreinforced  control  alloy  and 
in  the  matrix  of  the  reinforced  material.  The  heat 
treatment  schedules  were  chosen  to  obtain  two 
underaged  conditions,  the  peak  aged  condition, 
and  two  overaged  conditions  as  outlined  in  Table 
1.  After  heat  treatment,  the  samples  were  stored 
in  a  commercial  freezer  in  ordei  to  pi  event  any 
aging  at  room  temperature. 

Tensile  tests  were  performed  on  an  Instron 
.screw -driven  testing  machine  at  room  tempera¬ 
ture  using  samples  conforming  to  ASTM  stan¬ 
dard  E8-83  foi  sub-size  specimens.  The  samples 
were  machined  prioi  to  heat  treatment  because 
machining  has  been  shown  to  alter  the  aging  state 
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TABLE  1  All  samples  solulioiiizcd  504  °C  for  4li  and  nalcr 
quenched 


Aging  lime  (h)  ai  177'C 

Condition 

Reinforced 

Unreinforced 

UAl 

1 

1 

UA2 

4 

PA 

4 

12 

OAl 

12 

16 

OA2 

16 

24 

of  the  material  [16].  The  strain  rate  applied  to  the 
samples  was  2.7xl0"'‘  s“'  and  strain  was 
monitored  with  a  clip  gage  type  extensometer 
mounted  on  the  sample.  Load  and  strain  output 
were  recorded  directly  on  a  HP  model  7044A 
XY  recorder  for  subsequent  analysis.  Micros¬ 
copic  examination  of  the  fracture  surfaces  was 
performed  with  an  AMR  model  lOOOA  scanning 
electron  microscope. 


4.  Finite  element  formulation  and  material 
model 

The  finite  element  analysis  is  based  on  a  con- 
vected  coordinate  Lagrangian  formulation  of  the 
field  equations  with  the  initial  unstressed  state 
taken  as  a  reference.  All  field  quantities  are  con¬ 
sidered  to  be  functions  of  convected  coordinates, 
y',  which  serve  as  particle  labels,  and  time,  t.  This 
formulation  has  been  employed  extensively  in 
previous  finite  element  analyses,  see,  for 
examples,  refs.  17-19. 

Attention  is  confined  to  quasi-static  deforma¬ 
tions  and,  with  body  forces  neglected,  the  rate 
form  of  the  principal  of  virtual  work  is  written  as 


A/J  r'Ull'du^JdV 

V 


=  ArJ  t'du.dS- 

s 


J  r'>dE„d 


V-j  rdu.dS 
s 


(1) 


Here,  r"  are  the  contravariant  components  of  the 
Kirchhoff  stress  [r  =  Jo,  with  o  being  the  Cauchy 
stress)  on  the  deformed  convcctcd  coordinate  net 
and  V  and  S'  being  the  volume  and  surface, 
respectively,  of  the  body  in  the  reference  con¬ 
figuration;  (•)  =  0(  )/9t  at  fixed  y'  and  the  second 
term  on  the  right-hand  side  represents  an  equilib¬ 
rium  correction  term  that  is  used  in  the  numer¬ 
ical  procedure  to  reduce  drift  from  the 


Fig  2  A  schematic  diagram  of  ihe  finite  element  model.  The 
tensile  axis,  the  >'■'  axis,  is  taken  to  be  the  centerline.  Because 
of  .symmetry  conditions,  it  is  only  necessary  to  analyze  one 
quadrant  of  the  unit  cell. 


equilibrium  path  due  to  the  discrete  time  step. 
The  nominal  traction  components,  T',  and  the 
Lagrangian  strain  components,  E,,,  are  given  by 

7<=(r'/  +  T9»^)v^  (2) 

+  (3) 

where  v  is  the  surface  normal  in  the  reference 
configuration,  are  the  components  of  the  dis¬ 
placement  vector  on  base  vectors  in  the  reference 
configuration,  and  (  ).,  denotes  covariant  differen¬ 
tiation  in  the  reference  frame. 

A  cylindrical  coordinate  .system  [r,  6,z)  is  used 
where  the  identifications  y’  =r,y-  =  6  and  =z 
are  made.  As  shown  in  Fig.  2,  we  consider 
circular  cylindrical  fibers  of  radius  /•„  embedded 
in  a  circular  cylindrical  cell  of  radius  Ro  and 
length  2L„  and  with  an  initial  spacing  of  2/),, 
between  fibei  centers.  Attention  is  confined  to 
axisymmetric  deformations  so  that  all  field 
quantities  aie  independent  of  9  and  within  each 
cell  .symmetry  is  assumed  about  the  center  line. 
Furthermore,  the  circular  cylindrical  cell  sur¬ 
rounding  each  fiber  is  required  to  remain  a 
eiieular  cylinder  throughout  the  defurmation  his¬ 
tory.  As  discussed  by  Tveigaard  [20],  this 
axisymmetric  configuiation  can  be  considered  an 


approximation  to  a  thi  ee-dimensional  aria>  of 
hexagonal  cylinders. 

The  boundary  conditions  for  the  axisymmetric 
region  analyzed  numerically  are: 


o 

li 

7’‘  =  0 

on  z  =  0 

(4) 

£co(^o  4  ^3) 

7' '  =  0  on  z  =  6,, 

(5) 

7’^  =  0 

on  r  =  R() 

(6) 

Here,  £„, 

is  a  prescribed  constant  while  U 

1 

determined  n  ^in  the  condition  that  the  average 
lateral  traction  rate  vanishes,  i.e. 

I’o 

J  7''dz  =  0  on /•  =  /?, ,.  (7) 

0 


effective  strain  rate,  E  is  the  Young’s  modulus,  v 
is  Poisson's  ratio  and 

t'=  d-  =  ir':r'  (10) 

£=  g(£)=  ao(  £'/£()+  1)''' 

So  =  oJE  (11) 

Here,  £  =  |edr  and  the  function  gie)  represents 
the  effective  stress  vx.  effective  strain  response  in 
a  tensile  test  carried  out  at  a  strain  rate  such  that 
£  =  f„.  Also,  a„  is  a  reference  strength  and  N  and 
III  are  the  strain  hardening  exponent  and  strain 
rate  hardening  exponent,  respectively. 

Combining  eqns.  (8)  and  (9)  and  inverting 
gives, 


In  addition  to  the  boundary  conditions  (4)  to  (7), 
there  is  the  requirement  that  displacement  com¬ 
ponents  vanish  on  the  surface  of  the  rigid  fiber. 

In  some  calculations,  a  second  set  of  boundary 
conditions  was  employed  consisting  of  (4)  and 
(5),  but  with  (6)  and  (7)  replaced  by  7''  =  0  on 
r  =  R^),  so  that  every  point  along  /  =R„  is  stress 
free.  Undei  these  conditions  the  outei  sidewall  of 
the  cell  does  not  remain  straight  and  vertical.  Of 
course,  for  the  entire  tension  specimen,  f '  =  0  on 
the  outer  boundary  of  the  specimen.  However, 
when,  as  here,  the  fibers  are  much  smaller  than 
the  specimen,  the  condition  that  the  circular 
cylindrical  cell  remain  a  circular  cylinder  comes 
from  enforcing  geometric  compatibility  (within 
the  axisymmetric  approximation)  for  a  uniform 
array  of  fibers  perfectly  aligned  with  the  tensile 
axis.  Relaxing  the  boundary  condition  (6;  and  (7) 
permits,  in  a  highly  approximate  manner,  con¬ 
sequences  of  deviations  from  this  highly  con- 
.strained  fiber  distribution  to  be  explored.  In 
subsequent  discussion,  predictions  based  on  (6) 
and  (7)  are  referred  to  as  results  “with  constraint’’ 
and  predictions  based  on  f '  =  0  on  r=  are 
referred  to  as  results  “without  constraint". 

The  material  is  characterized  as  an  isotropi¬ 
cally  hardening  elastic  viscoplastic  solid  and  the 
total  rate  of  deformation,  D,  is  w  ritten  as  the  sum 
of  an  elastic  part,  D"’,  and  a  plastic  part,  D'',  with 


D'  = 


1  -t-  V 
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(8) 


la 


(9) 


where  r  is  tlK  Jaumann  rate  of  Kirchhoff  stie.ss,  I 
is  the  identity  tensor,  A.B  denotes  i  is  the 
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For  use  in  eqn.  (1),  standard  kinematic  rela¬ 
tions  are  used  to  express  eqn.  (12)  as  a  relation 
between  the  contravariant  components  (on  the 
current  base  vectors)  of  the  convected  rate  of 
Kirchhoff  stress,  r",  and  Lagrangian  strain  rate. 


E.. 


The  deformation  history  is  calculated  in  a 
linear  incremental  manner  and,  in  order  to 
increase  the  stable  time  step,  the  rate  tangent 
modulus  method  of  Peirce  el  at.  [21]  is  used.  This 
is  a  forward  gradient  method  based  on  an 
estimate  of  the  plastic  stiain  rate  in  the  interval 
between  t  and  I  +  At.  The  incremental  boundary 
value  problem  is  solved  using  a  combined  finite 
element  Rayleigh-Ritz  method,  Tvergaard  [19]. 


5.  Experimental  results 

Representative  sti ess-strain  curves  for  the 
unreinfoiced  contiol  alloy  and  the  reinforced 
composite  material  are  shown  in  Fig.  3.  The  addi¬ 
tion  of  the  whiskers  causes  an  increase  in  the 
elastic  modulus,  ().2T>  offset  yield  strength  and 
ultimate  stiength,  and  a  decrease  in  the  strain  to 
failure  foi  the  composite  material.  These  effects 
aie  well  documented  in  the  litciature  [  1  -5,  9,  I ()]. 
What  is  more  surprising,  however,  are  the  effects 
of  aging  state  on  the  stress-strain  behavior  of  the 
composite  matei  iai.  'I’hough  the  aging  curve  for 
the  unreinforced  control  alloy  (variation  of  0.2% 
offset  yield  strength  as  a  function  of  aging  time) 
exhibits  the  w'ell  known  "bell-shaped’’  curve,  the 
composite  yield  stiength  is  independent  of  aging 
time  ^I'ig.  4(aii.  The  ultimate  strength  of  the 


54 


Fig.  3.  Represoiitative  strcss-.sirain  ciirve.s  for  the  composite 
material  (labelled  13%)  and  the  unteinforced  control  alloy 
^labelled  0%)  The  increase  in  the  Young's  modulus,  yield 
strength,  and  ultimate  strength  and  decrease  in  the  ductility 
for  the  composite  material  should  be  noted. 


Fig.  4.  The  variation  of  (a)  the  yield  strength  and  ib)  the 
ductility  with  aging  time. 


composite  (about  650  MPa)  is  also  independent 
of  aging  time.  However,  the  strain-to-failurc  of 
the  composite  is  a  strong  function  of  aging  time, 
decreasing  monotonically  from  about  5%  in  the 


as-quenched  condition  to  about  1.5%  in  the 
severely  overaged  microstructure,  Fig.  4(b). 

Microscopic  examination  of  the  fracture 
surfaces  revealed  a  dimpled  fracture  surface  for 
both  the  reinforced  and  unreinforced  materials. 
The  fracture  surface  of  the  unreinforced  material 
contained  a  rather  even  distribution  of  large 
dimples  connected  by  sheets  of  smaller  dimples 
indicating  a  pattern  resulting  from  ductile  void 
growth,  coalescence  and  failure,  Fig.  5.  The  frac¬ 
ture  surface  of  the  reinforced  material  contained 
only  small  dimples  similar  to  the  small  dimples  on 
the  fracture  surface  of  the  unreinforced  material. 
Fig.  6(a).  The  aging  time  had  no  detectable  effect 
on  the  appearance  of  the  fracture  surface. 
Whisker  pullout  was  sometimes  observed; 
although,  the  pulled-out  whiskers  were  coated 
with  matrix  material.  Fig.  6(b).  This  demonstrates 
that  the  failure  of  the  composite  was  pre¬ 
dominantly  through  the  matrix  and  not  along  the 
matrix-reinforcement  interface.  Similar  conclu¬ 
sions  were  also  obtained  in  the  fracture  .studies  on 
SiC  whisker  and  particulate  reinforced  2XXX 
and  7XXX  alloys  [22]. 

6,  Observations  of  void  formation  at  elevated 
temperatures 

One  mechanism  that  appears  to  contribute  to 
the  unusually  low  ductility  of  Al-SiC  whisker 
composites  involves  the  formation  of  voids  at 
fiber  ends.  Nutt  and  Duva  [23j  have  observed 
voids  forming  at  room  temperature  in  a  6061 
alloy  reinforced  with  SiC  whiskers  strained  to 
various  amounts.  Nutt  and  Neecileman  [24]  have 
developed  a  quantitative  description  of  the  void 
nucleation  process  at  fiber  ends  and  compared 
the  predicted  and  observed  modes  of  failure 
initiation.  While  further  studies  are  needed  to 
e.stablish  the  link  between  void  formation  at 
whisker  ends  and  overall  failure  mechanisms  at 
room  temperature,  our  recent  work  indicates  that 
cavitation  at  whisker  ends  plays  a  greater  role  in 
controlling  the  overall  constitutive  response  of 
Al-SiC  composites  at  elevated  temperatures  than 
at  room  temperature. 

The  initiation  of  voids  at  whisker  ends  was 
studied  in  the  same  2  i24-SiC  whisker-reinforced 
composite  described  earlier.  When  the  test  tem- 
peratuie  is  increa.sed,  the  tensile  ductility  of  the 
Al-SiC  composites  increases  significantly  [25j. 
We  have  explored  this  tempeiature-dcpendent 
phenomenon  thiough  TEM  observations  of  spec- 


I'ig  5  iTactiire  surface  morphology  of  the  iinreinforced  [.j,,  fTaciure  surface  morphologv  ol  the  composite  mate- 

control  alloy  (a)  showing  the  distribution  of  the  large  dimples  rial.  I  he  sunilarity  of  (a;  to  i-ig.  .S(b|  should  be  noted.  A 

and  (b)  showing  the  distribution  of  the  small  dimples  pulled  out  whisker  coated  with  matri.s  material  is  shown  m 
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imetis  te.ster'  iii  tension  at  300  °C.  In  tlicse  experi¬ 
ments.  V  .  have  used  the  specimens  in  tlie  'I'EM  specimens  weie  sectioned  from  tensile 

natiirall)  aged  condition,  as  the  spceimens  tested  speeimcns  that  had  uiuleigonc  diffeient  amounts 
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matrix  micro.structure.  Aftei  the  tensile  te.st.s.  fiber  ends  in  specimens  with  macio.scopic  plastic 
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strains  ranging  from  3%  to  12.5%.  The  voids 
generallj  formed  at  the  corner  on  the  fiber  end,  as 
shown  in  Fig.  7(a),  and  intense  plastic  deforma¬ 
tion  occurred  in  the  vicinity  of  the  fiber  end,  as 
evidenced  by  the  high  dislocation  density  in  that 
region.  Glide  of  the  dislocations  was  inhibited  by 
the  coarse  age-hardening  precipitates  that  grew 


Fig  7.  V'ukI  luick.iluji)  at  fiber  ends  111  2 1 2-t  A1  SiC  wliiskcr 
composite-  (le-formcd  at  .500  °C  to  a  tensile  strain  of  0.12  a, 
Void  at  corner  of  fiber  end  stirrotinded  by  dislocated  mairi.v. 
tb;  Coale,scencc  of  souls  formed  ;it  different  sile.s  on  the  liber 
end. 


during  the  high  temperature  test,  although  the 
high  local  stresses  still  produced  large  plastic 
strains  in  this  region.  With  increasing  strain,  addi¬ 
tional  voids  formed  at  othei  corner  sites  of  the 
same  fiber  end  (Fig.  7(bj),  and  eventually  the  voids 
coalesced  to  form  one  large  void  equal  in  width  to 
the  fiber  diameter. 

After  macroscopic  tensile  strains  of  12.5%, 
elongated  cavities  were  often  observed  at  fiber 
ends,  as  shown  in  Fig.  8(a).  The  salient  features  of 
the  cavitation  mechanism  are;  ( 1 )  the  cavity  width 
does  not  exceed  the  fiber  diameter,  (2)  there  is  no 
apparent  separation  along  the  fiber  side,  and  (3) 
the  tip  of  the  cavity  has  retained  the  same  basic 
shape  displayed  by  much  smaller  cavities 
associated  with  lower  strain  levels.  Furthermore, 
similar  elongated  cavities  were  observed  at  fiber 
breaks,  as  shown  in  Fig.  8(b).  These  observations 
indicate  that  large  amounts  of  shearing  at  or  near 
the  interface  can  occur  after  decohesion  at  the 
fiber  end,  and  that  the  load-bearing  capacity  of 
the  fibers  can  be  severely  reduced. 

Patterns  of  void  evolution  observed  in  2124 
Al-SiC  composites  tested  at  300  °C  resemble  the 
observations  from  room-temperature  tests  in 
other  composite  systems  in  that  voids  nucleate 
near  the  corners  of  fiber  ends  and  subsequently 
coalesce  to  form  a  single  void.  However,  the  di.s- 
tribution  of  voids  differs  in  that  voids  nucleate 
throughout  the  gage  length  during  the  high-tem- 
perature  tests,  while  in  room-temperature  tests 
the  voids  are  confined  to  regions  very  near  the 
fracture  surface.  Thus,  one  effect  of  temperature 
is  to  allow  the  damage  to  accumulate  in  the  com¬ 
posite  microstructure  prior  to  failure,  thereby 
increasing  the  ductility.  These  observations 
suggest  that  one  path  to  improving  the  room- 
temperature  ductility  of  Al-SiC  composites 
would  be  to  identify  microstructural  parameters 
that  could  control  the  development  of  cavitation. 
Toward  this  end,  calculations  based  on  an  inter¬ 
face  decohesion  model  are  being  carried  out  to 
determine  the  effects  of  microstructural  param¬ 
eters  on  void  formation. 

7.  Discussion 

'I'he  results  of  the  tensile  tests  conducted  in  this 
study  arc  useful  for  the  evaluation  of  composite 
strengthening  theiiiics.  The  Modified  '11.^  ar  Lag 
Model  (26J  predicts  the  yield  strengtn  of  the  com¬ 
posite  material  using  a  model  based  on  simple 
transfer  of  shear  acro.ss  the  whisker-matrix  inter- 
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Fig.  8.  Void  growth  in  2124  Al-SiC  whi.skcr  composite 
deformed  in  tension  at  300  °C.  (a)  Elongated  cavity  ;it  the 
fiber  end  surrounded  by  dislocations,  iby  Cylindrical  easily  at 
the  fiber  break. 


face  with  an  additional  term  u.scd  to  account  ftri 
load  transfer  acro.s.s  the  end.s  of  the  whi.sker.s.  TliLs 
theory,  a.s  well  as  the  widely  known  rule  of 
mixtures  theory,  are  not  in  cjualitative  agreement 
with  the  experimental  observations  as  they  would 
also  predict  that  the  yield  strength  of  the  compo¬ 
site  material  would  increase  with  an  increase  in 


the  yield  strength  of  the  matrix.  The  Enhanced 
Dislocation  Density  Model  [27]  attempts  to 
predict  the  yield  strength  of  discontinuously  rein¬ 
forced  metal-matrix  composites  based  on  a  mod¬ 
ified  shear  lag  model  taking  into  account  the 
differences  in  dislocation  densities  between  the 
reinforced  and  imreinforced  materials.  The  quali¬ 
tative  predictions  of  this  theory,  however,  arc  in 
contradiction  with  the  experimental  observations 
of  the  present  study.  If  the  yield  strength  of  the 
matrix  of  the  composite  is  significantly  different 
from  that  of  the  unreinforced  alloy,  then  one 
would  expect  to  see  this  difference  reflected  as  a 
uniform  increase  in  the  microhardness  values  for 
the  matrix  of  the  composite  material.  Figure  1(a) 
indicates  that  the  matrix  of  the  composite  mate¬ 
rial  has  about  the  same  hardness  as  the  unrein¬ 
forced  alloy.  Also,  this  theory  would  predict  that 
the  yield  strength  of  the  composite  material  will 
mirror  that  of  the  unreinforced  alloy  as  a  function 
of  aging  time,  although  this  is  not  observed 
experimentally.  Thus  the  Enhanced  Dislocation 
Density  Model  is  not  in  qualitative  agreement 
with  the  experimental  results  and  therefore  is  of 
que.stionabIe  value  for  identifying  the  .strengthen¬ 
ing  mechanisms  for  the  present  material. 

In  ref.  28  a  self-consistent  formulation  for  the 
hardening  behavior  of  discontinuously  reinforced 
metal-matrix  composites  was  developed,  in  an 
attempt  to  predict  the  yield  strength  and  harden¬ 
ing  exponent.  The  analysis  in  ref.  28  is  ba.sed  on  a 
path  independent  deformation  theory  of  plasticity 
and  depends  on  the  use  of  Ilyushin's  theorem 
[29j.  In  this  formulation  the  hardening  exponents 
of  the  reinforced  and  unreinforced  materials  are 
identical.  This  is  contradictory  to  the  present 
experimental  observation  that  there  is  a  differ¬ 
ence  of  about  a  factor  of  three  betw  een  the  har¬ 
dening  exponent  of  the  reinforced  and 
unrcinforced  materials.  In  view  of  the  lack  of  an 
adequate,  analytically  tractable  model  for  the 
yield  and  hardening  behavior  of  materials  rein¬ 
forced  with  discontinuous  fibers,  a  finite  element 
method  was  used  in  this  study. 

'I'he  finite  element  method  po.ssesses  .several 
inherent  advantages  over  many  of  the  more  ana- 
Ivtical  mcthud.s.  Finst.  geometrical  effects,  such  a.s 
euiner.s  at  fiber  ends,  can  be  handled  in  a  straight¬ 
forward  mannei.  The  simplification  viequired  in 
mail}  theoretical  developments/  of  reducing  the 
inclusion  from  a  c}linder  to  .m  ellipsoid  is  not 
ncee.s.sar}.  Second,  the  calculation  of  stress  and 
sliain  conlouis  within  the  matiix  and  at  the 
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matrix-reinforcement  interface  are  possible. 
Third,  complete  stress-strain  responses,  as 
opposed  to  certain  portions  of  the  stress-strain 
curves,  are  predicted.  Therefore,  a  finite  element 
approach  is  appealing  for  this  application.  Here, 
an  axisymmetric  finite  element  unit  cell  model  is 
employed  where  the  aspect  ratio  of  the  w  hisker  is 
the  average  aspect  ratio  observed  experimentally 
and  the  aspect  ratio  of  the  unit  cell  is  taken  to  be 
approximately  equal  to  the  whisker  aspect  ratio. 
A  similar  finite  element  model,  but  u.sing  a  full 
three-dimensional  cell  geometry,  is  de.scribed  in 
ref.  30. 

The  finite  element  method  predictions  for 
uniaxial  loading  are  qualitatively  in  agreement 
with  the  experimental  results.  Figure  9(a)  .shows 
the  predicted  stress-strain  curves  as  a  function  of 
the  volume  fraction  of  reinforcement  for  whisker- 
reinforced  2124  A1  in  an  underaged  state.  The 
effects  of  matrix  aging  condition  on  the 
stress-strain  response  are  plotted  in  Fig.  9(b). 


strain 


Fig.  9.  Oualitativc  rc.spoiisc  of  ilie  finiic  olcmcni  modct.  la 
F  mile  clancnt  pr^dn-Iiuns  .in  ,i  ftinLlion  of  voliinit.  ptr  of 
lilt  rcinfortNiiKni  pli.iM,.  b.  I  mik  tkiin.ni  prtditlionN  as  a 
funtlion  of  matrix  .igiiig  condition,  tlic  dasltcd  line  is  for  the 
pt.ik-.igcd  niicrostriicturc  .ind  the  solid  line  is  for  ,ni  under 
aged  condition. 


The  finite  element  model  correctly  predicts  that 
the  yield  strength  of  the  composite  material  is 
independent  of  matrix  variations  due  to  aging 
and  that  the  strain-hardening  exponent  of  the 
composite  be  quite  different  from  that  of  the 
unreinforced  material. 

The  quantitative  predictions  for  stress-strain 
re.sponse,  however,  are  not  within  acceptable 
bounds  of  the  experimental  results.  Figure  10 
.shows  the  predicted  and  experimental 
stress -strain  curves  for  an  underaged  condition 
in  the  composite  material.  The  calculated  curves, 
with  a  traction-free  lateral  side  and  with  the  side- 
wall  constraint  representing  the  periodic  array 
imposed,  bound  the  experimental  results, 
although,  they  are  not  sufficiently  close  to  be  of 
use. 

The  analysis  of  the  effects  of  the  sidewall  con¬ 
straint  on  the  response  of  the  unit  cell  is  useful  in 
attempting  to  understand  the  underlying  strength¬ 
ening  mechanism  for  these  materials.  Without  the 
imposed  constraint,  there  is  little  increase  in  the 
yield  strength  of  the  composite  over  that  of  the 
unreinforced  control  alloy.  The  increase  in  yield 
strength  of  these  materials  appears  to  originate 
not  from  direct  load  transfer  to  the  reinforcement 
phase  but  from  the  constraint  of  geometrical 
compatibility. 

The  distribution  of  hydrostatic  stre.ss  within 
the  unit  cell,  with  and  without  the  sidewall  con¬ 
straint,  elucidates  this  mechanism  further  for 
identical  geometries  and  aging  states  at  similar 
values  of  far-field  axial  strain.  Fig.  1 1 .  The  differ- 
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Fig.  11.  Distribution  of  hydrostatic  stress  (in  GPa)  within  the 
unit  cell,  with  and  without  the  sidewall  constraint.  The  values 
of  far  field  axial  strain  is  almost  identical  in  both  cases.  I'he 
shaded  portion  of  the  figure  represents  the  whisker. 


ence  in  far-field  axial  stress  is  about  300  MPa, 
which  is  approximate!)  equal  to  the  difference  in 
the  values  for  hydrostatic  stress  within  the  upper 
region  of  the  cell.  As  far-field  strain  accumulates, 
the  sidewall  in  the  upper  portion  of  the  cell 
attempts  to  contract  at  a  greater  rate  than  in  the 
lower  portion  of  the  cell.  The  sidewall  constraint 
forces  the  lateral  side  to  remain  straight,  thereby 
generating  large  compressive  hydrostatic  stresses 
within  the  lower  portion  of  the  cell  and  large 
tensile  hydro.static  stresses  within  the  upper 
portion  of  the  cell.  It  is  these  tensile  hydrostatic 
stresses  which  appear  to  increase  the  yield 
strength  of  the  composite  material  rather  than 
direct  load  transfer  to  the  reinforcement  phase. 

The  cell  model,  “with  constraint",  i.e.  based  on 
the  boundary  conditions  (6)  and  (7),  represents 
an  ideal  regular  array  of  perfectly  aligned  fibers 
and  appears  to  overpredict  the  levels  of  hydro 
static  stre.ss  generated  within  the  material.  In 
certain  regions  of  the  cell,  the  tensile  hydrostatic 
stre.ss  component  reaches  three  times  the  yield 
strength  of  the  matrix  material.  At  the  present 
time,  it  is  not  clear  that  such  high  levels  of  hydro¬ 
static  tension  are  actually  achieved  and  there  arc 
a  variety  of  mechanisms  that  could  act  to  reduce 
the  hydro.static  tension.  For  example,  deviations 


from  the  aligned  end-to-end  fiber  geometry 
assumed  in  the  calculations  would  be  expected  to 
lead  to  reductions  in  the  hydrostatic  tension 
levels  achieved.  Indeed,  preliminary  analysis  of 
this  effect  by  the  authors  indicate  significant 
reductions  are  so  attained. 

In  the  calculations  discussed  so  far  the  fiber 
has  been  taken  to  be  rigid.  A  few  calculations 
were  carried  out  accounting  for  fiber  elasticity.  In 
these  calculations  Young’s  modulus  for  the  SiC 
fibers  was  taken  to  be  450  GPa  and  Poisson’s 
ratio,  v  =  0.17  [31].  Compared  with  the  rigid  fiber 
analysis,  there  is  a  reduction  in  the  Young’s 
modulus  of  the  composite  of  8%-10%.  Also,  the 
peak  hydrostatic  tension  is  reduced  by  5%-10% 
when  fiber  elasticity  is  accounted  for.  These 
calculations  show  the  quantitative  magnitude  of 
effects  associated  with  fiber  elasticity  and  indicate 
that  in  the  Al-SiC  system  investigated  there  is  no 
qualitative  difference  in  behavior  arising  from  the 
assumption  of  rigid  fibers. 

The  present  finite  element  model  makes  no 
attempt  to  prediet  ductility.  However,  the  predic¬ 
tions,  in  conjunction  with  the  experimental 
results,  provide  some  insight  into  possible  failure 
modes  at  room  temperature.  The  failure  of  the 
composite  appears  to  be  strongly  dependent  on 
the  matrix  material.  Recent  work  by  Christman 
and  Suresh  [32]  on  the  response  of  the  composite 
material  and  control  alloy  to  fatigue  loading 
demonstrated  that  under  these  conditions  the 
behavior  of  the  composite  is  controlled  by  the 
failure  of  the  matrix  material.  The  lack  of  exposed 
whiskers  on  the  fracture  surface  and  the  strong 
dependence  of  the  ductility  on  aging  raise  ques¬ 
tions  as  to  the  relative  roles  of  voids  at  the 
whisker-matrix  interface  and  those  within  the 
matrix  of  the  composite. 

The  large  amounts  of  local  deformation 
observed  on  the  fracture  surface  in  the  form  of 
dimples  suggests  that  a  void  formation  mech¬ 
anism  is  pre.sent.  This  is  consistent  with  the  high 
levels  of  hydrostatic  stre.ss  predicted  by  the  finite 
element  model.  Even  though  the  existence  of  the 
high  levels  of  hydrostatic  tension  predicted  by  the 
finite  element  model  is  uncertain,  the  existence  of 
.significant  tensile  hydrostatic  stre.s.se.s  within  the 
matrix  material  appears  plausible.  The  generation 
of  the,se  localii'ed  tensile  hydro.static  .stre.s.scs,  in 
the  matrix  slightly  above  the  whisker,  may  be  a 
driving  force  for  void  formation  in  the  matrix 
material  at  relatively  low  values  of  far-field  axial 
.strain. 
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It  should  be  stated  that  other  metal-matrix 
composite  materials  in  other  studies  have  dis¬ 
played  strikingly  diflerent  fractographic  features 
and  failure  modes  [33,  34],  The  dependence 
of  ductility  on  reinforcement  chemistry  and 
morphology,  matrix  chemistry  and  processing 
techniques  is  evident,  although  not  well  docu¬ 
mented  or  characterized.  The  need  for  systematic 
studies  of  the  dependence  of  ductility  in  metal- 
matrix  composite  systems  on  these  parameters 
is  clear.  A  basis  for  such  a  study  should  be  a 
thorough  investigation  of  ductility  in  a  single 
metal-matrix  composite  system. 


8.  Concluding  remarks 

In  this  study,  the  uniaxial  tensile  .stre.ss-.strain 
response  of  a  2 124  Al-SiC  whisker  metal-matrix 
composite  was  investigated  as  a  function  of  con¬ 
trolled  matrix  microstructural  variations.  The 
0.2%  offset  yield  strength  of  the  composite 
material  was  independent  of  aging  time  de.spite  a 
significant  change  in  the  yield  strength  of  the 
unreinforced  control  alloy.  Several  models  avail¬ 
able  in  the  literature  for  composite  strengthening 
were  reviewed  and  discussed  in  relation  to  the 
experimental  results  of  this  study  and  an  earlier 
microstructural  characterization  study  [6J.  A 
finite  element  unit  cell  model  was  shown  to 
predict  the  correct  qualitative  trends,  although 
good  quantitative  accuracy  was  lacking.  The 
results  of  the  finite  element  model  were  di.scu.sscd 
in  an  attempt  to  develop  a  better  understand¬ 
ing  of  the  strengthening  mechanisms  in  the.se 
materials. 

The  mechanisms  involved  in  the  tensile  quasi- 
.static  failure  of  the  metal-matrix  composite  were 
investigated  at  room  temperature  and  at  300  °C. 
Void  formation  mechanisms  appeared  to  play  a 
dominant  role  in  the  failure  behavior  at  both  tem¬ 
peratures.  Although  the  precise  role  of  the  voids 
in  the  fracture  process  remains  uncleai  at  this 
time,  voids  nucleating  at  whisker  ends  appear  to 
be  more  predominant  at  elevated  tcm|tcrature.s 
than  at  room  temperature.  Further  investigation 
is  required  to  determine  the  dominant  charac¬ 
teristics  of  voids  formed  at  the  whisker-matri.v 
interface  and  those  formed  within  the  matrix  of 
the  composite.  In  addition,  the  mechanisms  influ¬ 
encing  the  strong  dependence  of  ductility  on 
aging  condition  remain  to  be  demonstrated. 


Acknowledgments 

The  work  of  T.  Christman  and  S.  Suresh  was 
supported  by  National  Science  Foundation  Grant 
NSF-ENG-8451092.  Support  for  A.  Needleman 
and  S.  Nutt  was  provided  by  the  Office  of  Naval 
Re.search  through  contracts  N0001486-K-0261 
and  N00014-86-K-0 125.  The  authors  also  grate¬ 
fully  acknowledge  the  use  of  Brown  University 
Materials  Research  Group  Central  Facilities, 
funded  by  the  National  Science  Foundation. 


References 

1  H.  J.  Rack  and  J.  W.  Mullins,  in  High  Strength  Powder 
Metiilltirgy  Aliiinintim  Alloys.  The  Mciallurgy  Society  of 
AIME.Warrendale.PA.  1985.  p.  155. 

2  T.  G.  Nieh  and  R.  F.  Karlak.  J.  Mater.  Sci.  Lett.,  2  (1983) 

1 19. 

3  M.  D.  Skibo,  SNL  Rep.  SANDSI-S212  1981  {Sandia 
National  Laboratories).  1981. 

4  D.  L.  McDanels,  Mctall.  Tram.  A,  16{1 985)  1 105. 

5  G.  Mott  and  R  K.  Luw.  Rep.  S6-71M-MAMAX-PI.  1986 
(Wcstinghousc  R  &  D  Center). 

6  '1'.  Christman  and  S.  Suresh.  Acta  .Metall.,  36  (1988) 
1691. 

7  1.  Dutta  and  D.  L.  Bourcll.  to  be  published. 

8  T.  G.  Nich  and  R.  I-.  Karlak.  Scr.  Metall..  IS  1 1 984/  25. 

9  W.  A.  Logsdon  and  P.  K.  Liaw.  Lug.  Irattiirc  Medi.,  24 
(1986)737. 

10  A  P.  Divccha.  S.  G.  Fishman  and  S.  D.  Karmarkar.  J. 
Met.,.l3(m\)i2. 

1 1  R,  N.  Wilson  and  P.  G.  Partridge.  Acta  Metall.,  13  (1965) 
1321. 

12  G.  C.  We.itherl)  and  R.  B.  Nicholson.  Philos.  .Mag..  17 
(1968)801. 

1 3  1).  J.  Thompson.  .Metall.  Tram.  A.  6 ( 1 975)  67 1 . 

14  M.TayaandT.  Mori. /Ic/HiUiVrt//..  .15(1987)  155. 

15  M.  Vogelsang.  R.  J.  Arsenault  and  R.  M.  Fisher.  Metall. 
Trans.  A.  /7[i9S6)379. 

16  T.  Chii.stman  and  S.  Sure.sh.  unpublished  resull.s.  Brown 
University.  Providence.  1987. 

17  A,  Needleman.  7.  .Mcdi  Phys.  Soluh.  20, 1972,  111. 

18  A.  Needleman.  in  li.  11.  Lee  and  R.  L.  Mallet  (eds.). 
Plasticity  of  Metals  at  T'initc  Strain;  Theory.  Computation 
and  T.xpenment.  Rensselaer  Polytechnic  Institute.  Iroy. 
NY.  1982.  p.. 387. 

1 9  V.  1  \ergaard.  J.  Met  h.  Ph\s.  Solids.  24 , 1 976 .291. 

20  V.'Werganni.  hit.  J.  I'ractarc.  /,V.  1982,  237. 

21  D.  Peirce.  C.  1-.  Shih  and  A.  Needleman.  Computers 
.Sinic..  /.V(  19841 87.5. 

22  IX  L.  Davidson.  .SRI  Rep.  M)IH>14-SS< -oUKn  1987. 
(Southwest  Research  Institute.. 

23  S.  R.NuttandJ.M.l)usa..S<r.  .l/cm/f..  26  1986  11)55. 

24  S  R.  .Nutt  and  .\.  Needleman.  .5ir  Metall..  21  1987.705. 

25  V.  C  Nardone  and  J.  R.  Strife.  Metall.  Tran',.  ,4.  IS 

1987.  109. 

26  V.  C  .  Ntirdone  aiul  K.  M.  Prewo.  .See.  Metall..  20  •  1986. 
43. 


27  R.  J.  Arsenault,  Mater.  Set.  Eng.,  64  ( 1 984)  171. 

28  J.  M.  Duva,  J.  Eng.  Mater.  Tech.,  106  (1984)317. 

29  A.  A.  Ilyushin,  Prikl.  Mat.  Mekh.,  70(1 946)  347. 

30  J.  M.  Papazian  and  A.  Levy.  Syinp.  on  Inteifacial 
Phenomena  in  Composites,  Newport  lU,  June,  I9SS. 

31  C.-H.  Andersson  and  R.  Warren.  Composites,  15  il984/ 

16.,  . 


61 


32  T.  Christman  and  S.  Suresh.  .Mater.  Sci.  Eng.  A  102(2) 
(1988)211-216. 

33  C.  P.  You.  A.  W.  Thompson  and  I.  M.  Bernstein.  Scr. 
Metall.  2/(1987)  181. 

34  J.  J.  Lewandossski.  C.  Liu  and  W.  H.  Hunt.  Jr.,  in  Powder 
.Metallurgy  Composites.  The  MctaIIurgic.il  Societ)  of 
AIME,  Warrcndalc  PA.  in  press. 


Materials  Science  and  Eni^ineering,  A 107  ( 1 989)63-69 


63 


The  Influence  of  Hydrostatic  Pressure  on  the  Ductility  of  Al-SiC 
Composites* 


A.  K  VASUDEVAN  and  O.  RICHMOND 
Alcoa  Research  Centre,  Pittsburgh  (U.S.A.) 


F.  ZOK  and  J.  D.  EMBURY 
McMaster  University,  Hamilton  (Canada) 
(Received  June  1. 1988) 


Abstract 

Tensile  tests  with  superimposed  hydrostatic 
pressures  were  performed  on  two  types  of  metal 
matrix  composite:  2014  Al  with  20%  SiC  particles 
and  2124  Al  with  14%  SiC  whiskers.  In  the  mater¬ 
ials  with  SiC  particulate,  the  ductility  increases 
rapidly  with  pressure  and  the  mode  of  damage 
initiation  is  by  particle  fracture.  Materials  contain¬ 
ing  SiC  whiskers  e.xhibit  a  different  fracture  mode 
involving  whisker  matrix  decohcsion,  and  strain 
localization  which  results  in  shear  fracture. 

1.  Introduction 

The  mechanical  response  of  melal-matrix 
composites  can  be  considered  in  terms  of  various 
microstructural  features,  such  as  the  par¬ 
ticle-matrix  interfaces  and  tlie  work  hardening 
characteristics  of  the  matrix,  and  the  procc.ss  of 
damage  accumulation  which  precedes  fracture. 
Much  of  the  work  in  the  present  conference 
relates  to  the  detailed  characterization  of  intcr- 
facial  structures  and  their  role  in  the  procc.ss  of 
load  transfer  in  meial-matrix  composites.  The 
present  paper  explores  the  pressure  dependence 
of  flow  and  fracture  in  both  paniculate-  and 
whisker-reinforced  Al-matrix  composites.  I  he 
results  suggest  that  a  combination  of  studies  of 
the  mechanical  response  under  supcrimpo.scd 
pressure,  detailed  mctallographic  and  fracto- 
graphic  studies,  and  micromcchanical  analyses 
can  yield  information  which  is  complcmentarv’  to 
the  detailed  .structural  .studies  of  interfaces.  The 
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work  ser\'es  to  delineate  some  of  the  critical 
damage  processes  which  limit  the  ductility  of 
metal-matrix  composites. 

2.  Materials  and  experimental  procedures 

Mechanical  tests  were  performed  on  two  types 
of  SiC-rcinforced  Al-matrix  composites  and 
compared  with  the  results  of  tests  performed  on 
the  matrix  materials  without  the  reinforcing 
phase. 

One  compo.site  was  a  commercial  2014  Al 
alloy  containing  20%  SiC  particles.  'I'hls  material 
was  heat  treated  to  the  T6  condition  (Fig.  Ita)). 
The  average  particle  size  was  13  nm  and  the 
average  aspect  ratio  was  1 .23  measured  in  the 
plane  containing  the  tensile  axis.  Approximately 
5%  of  the  SiC  particles  were  greater  than  40  nm 
in  size  and  had  aspect  ratios  of  the  order  of  4. 

The  second  material  was  a  2 1 24  Al  alloy  con¬ 
taining  14%  SiC  whiskers  which  were  1  nm  in 
diameter  and  5  to  10  «m  in  length  (Fig.  l(bl). 
Two  ageing  treatments  were  undertaken  in  order 
to  examine  the  influence  of  precipitates  located  at 
the  SiC-matrix  interfaces  on  the  ductility  of  the 
composite.  The  ageing  times  were  selected  to 
maintain  constant  matrix  strength  (as  determined 
from  microhardnt  ,s  measurements)  as  shown  in 
Fig.  2.  Transmission  electron  micra.scopy  (TEM) 
observations  indicated  many  more  intermctallic 
compounds  precipitated  at  the  interfaces  in  the 
overaged  conuition  than  in  the  undcraged 
condition. 

Tensile  tests  were  conducted  in  a  Harwood 
pre.ssurc  unit  with  supcrimp<»sed  pre-ssures  up  to 
loot)  MPa.  The  tensile  samples  had  a  gauge 
length  of  1 5.2  mm  ami  a  gauge  diameter  of  3.2 
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Fig.  I.  Lndeformed  micros’.ructurcs  of  (a)  particulate 
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mm.  Detailed  metallograph>  was  performed  bi  th 
on  fracture  surfaces  and  on  longitudinal  sections 
takeii  through  fractured  samples.  Additional 


0  200  400  600  800  1000  1200 

Pressure  (MPa) 

Fig.  3.  Influence  of  Hydrostatic  pressure  on  the  fracture 
strain  of  the  particulate-reinforced  composite. 


metallographic  studies  and  TEM  studies  of  inter¬ 
faces  in  these  materials  are  currently  in  progress 
and  will  be  reported  elsewhere. 

3.  Results 

For  clarity,  the  results  are  repo.  ted  in  .separate 
sections  dealing  with  particulate-  and  whisker- 
reinforced  composites. 

3.1.  Particiilate-reinjorced  composites 
The  influence  of  superimposed  hydrostatic 
pressure  on  the  ductility  of  the  particle-rein¬ 
forced  composites  is  shown  in  Fig.  3.  The 
ductility  i.s  strongly  pressure  dependent  over  the 
eiitne  range.  The  fraeiure  sui  faces  at  all  pressures 
were  inclined  at  about  45°  to  the  tensile  axis. 
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The  origins  of  fracture  in  Al-SiC  particulate 
composites  have  previously  been  suggested  to  be 
either  the  fracture  or  decohesion  of  the  SiC  par¬ 
ticles  [2]  or  failure  within  the  A1  alloy  matrix  [4]. 
To  distinguish  between  fracture  and  decohesion 
of  the  SiC  particles  in  the  present  study,  matching 
fracture  surfaces  were  carefully  examined.  Figure 
4  shows  an  example  of  matching  fracture 
surfaces,  where  the  corresponding  letters  on  the 
micrographs  show  matching  halves  of  fractured 
SiC  particles;  particle-matrix  decohesion  was 
rarely  observed.  Longitudinal  sections  through 
the  fractured  samples  also  revealed  a  number  of 
fractured  particles  below  the  fracture  surface. 
Particle  fracture  was  often  associated  with  the 
more  elongated  particles  which  were  aligned  with 
the  tensile  direction. 

In  order  to  gain  further  insight  into  the  prob¬ 
lem  of  damage  accumulation  during  deformation 
it  is  useful  to  compare  the  flow  curves  of  both  the 
composite  and  matrix  materials  at  various  super- 


Fig  4  Maiciiing  fracture  surfaces  uf  the  p.irticulate-rem- 
forced  composite. 


imposed  pressures.  Figure  5  shows  that  the  yield 
.stre.ss  and  ultimate  tensile  strength  of  the  unrein¬ 
forced  matrix  material  is  essentially  independent 
of  pressure.  This  is  in  contrast  to  the  marked 
pressure  dependence  of  the  flow  behaviour  of  the 
composite  shown  in  Fig.  6  togethei  with  the  flow 
curve  obtained  in  compression.  It  is  evident  that 
the  tensile  fiow  stress  at  a  given  plastic  strain 
increases  with  superimposed  pressure  until  it 
approaches  the  behaviour  in  compression. 
Similar  flow  behaviour  has  been  observed  in  iron 
compacts  with  various  initial  porosities  [3].  The 
results  can  be  interpreted  in  the  following  way. 
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Fig.  5.  Influence  of  hydrostatic  pressure  on  the  yield  and 
ultimate  tensile  strengths  of  the  unreinforced  2014  alumin¬ 
ium  alloy. 


Fig.  6.  Variation  of  the  tensile  I  w  behaviour  of  the  par¬ 
ticulate-reinforced  composite  with  hydrostatic  pressure. 
Alsu  .shown  IS  the  eoinpressive  flow  curve  <a  almuspherie 
pressure. 
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During  deformation  of  the  composites,  the  dif¬ 
ferences  in  elastic  and  plastic  properties  of  the 
matrix  and  the  reinforcing  phase  result  in  a  rapid 
increase  in  the  stress  supported  by  the  reinforcing 
phase.  This  is  reflected  in  the  high  work  harden¬ 
ing  rate  of  the  composite  at  small  plastic  strains. 
However,  the  stresses  borne  by  the  reinforcing 
phase  can  cause  fracture  or  debonding  of  the 
reinforcing  phase  which  significantly  lowers  the 
work  hardening  rate  of  the  composite.  The  frac¬ 
ture  events  are  pressure  dependent  and  thus  the 
pressure  dependence  of  the  flow  curves  in  Fig.  6 
indicate  in  a  quantitative  manner  the  pressure 
dependence  of  the  damage  accumulation  rate. 

This  process  can  be  considered  in  terms  of 
a  simple  mode!  of  damage  accumulation  by 
expressing  the  flow  stress  of  the  composite  a  as 

o=Oo{l-D) 

where  Oq  is  the  flow  stress  achieved  in  the 
absence  of  damage  and  D  is  a  damage  parameter 
which  can  vary  from  0  at  the  onset  of  flow  to  1  at 
fracture,  i.e.  it  reflects  the  loss  of  load  bearing 
capacity.  The  net  work  hardening  rate  can  then 
be  written  as 


de 
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The  damage  accumulation  rate,  dDIde,  decreases 
with  hydrostatic  pressure  and  thus  the  flow 
curves  of  the  composite  are  pressure  dependent. 
At  sufficiently  high  pressures  the  damage  rate  will 
be  suppressed  so  that  the  behaviour  is  similar  to 
that  in  compression. 


3.2.  Whisker-reinforced  composites 

The  influence  ol  pressure  on  the  ductility  of 
whisker-reinforced  composites  is  shown  in  Fig.  7. 
There  was  no  apparent  influence  of  ageing  treat¬ 
ment  on  the  ductility  of  the  composites.  The  frac¬ 
ture  surfaces  at  all  pressures  were  inclined  at 
about  45°  to  the  tensile  axis.  At  atmospheric  pres¬ 
sure  the  fracture  surface  exhibited  an  equiaxed 
dimple  structure  similar  to  that  usually  observed 
in  ductile  fracture.  As  the  pressure  was  increased 
a  greater  proportion  of  the  fracture  surface  con¬ 
sisted  of  elongated  shallow'  dimples  characteristic 
of  shear  failure  (Fig.  8). 

The  failure  mechanism  associated  with  the 
dimpled  regions  was  revealed  b>  examining 
matching  fracture  surfaces.  An  example  is  shown 
in  Fig.  9.  This  figure  illustrates  that  failure 
involved  the  decohesion  and  pull  out  of  whiskers 


Fig.  7.  Influence  of  hydrostatic  pressure  on  the  fracture 
strain  of  the  whisker-reinforced  composites. 


from  the  matrix.  Longitudinal  sections  also 
revealed  evidence  of  whisker-matrix  decohesion 
(Fig.  10). 

The  sheared  regions  of  the  fracture  result  from 
the  presence  of  localized  shear  bands  of  the  order 
of  5  pm  in  width  in  which  the  whiskers  are 
rotated  away  from  the  tensile  axis  until  a  critical 
point  at  which  shear  failure  occurs  (Fig.  11). 
Similar  behaviour  has  been  observed  in  direction- 
ally  solidified  Al-AljNi  eutectic  alloys  in  which 
localised  shear  bands  are  observed  to  initiate  at 
the  surface  [5].  The  surface  initiation  may  be 
associated  with  the  organization  of  surface  rugo¬ 
sities  in  accordance  with  some  recent  continuum 
models,  but  further  detailed  metallographic 
studies  are  required  to  quantify  this  process. 


4.  Concluding  discussion 

Although  the  mechanical  response  of  com¬ 
posite  materials  under  pressure  does  not  yield 
direct  structural  information  regarding  the  local 
properties  of  interfaces,  it  provides  a  useful 
framework  for  delineating  competitive  processes 
of  fracture  and  instability  for  a  variety  of  stress 
states.  In  addition,  the  experimental  observations 
may  be  compared  with  the  results  of  micro¬ 
mechanical  models  which  attempt  to  infer  local 
propel  ties  within  the  reinforcing  pha.se  and  at  the 
interfaces. 

Let  us  consider  first  the  mechanical  response 
of  2014  A1  containing  particulate  SiC.  The 
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rig  8  rratturc  surface  uf  the  Nvhiskcr-rciiiforccd  composUc 
tested  at  a  pressure  of  690  MI’a.  The  sliear  and  ductile 
regions  winch  are  shown  at  higher  magnification  in  (b/  nid  (c) 
should  be  noted. 


results  indicate  that  fractu.’-e  is  initiated  b>  brittle 
fracture  of  the  particulate  phase.  Furthermore, 
the  fracture  appears  to  occur  first  at  the  most 


elongated  particles  and  in  clusters  of  particles. 
This  suggests  that  refinement  of  particle  size  and 
homogenization  of  the  particle  distribution  ma> 
improve  the  fracture  resistance  of  the  particle- 
reinforced  composites.  The  beneficial  effects  of 
particle  homogenization  have  previously  been 
reported  by  Hunt  et  cil.  [1  ]. 

The  rapid  increase  in  ductility  with  super¬ 
imposed  pressure  suggests  that  control  of  the 
stress  state  may  be  of  value  in  producing 
formable  composites.  In  addition,  the  pressure 
dependence  of  the  flow  curves  gives  a  direct 
indication  of  the  magnitude  of  damage  accumula¬ 
tion  due  to  particle  fracture  and  its  importance 
relative  to  strain  hardening. 

The  stresses  responsible  for  the  fracture  of  the 
particulate  phase  are  difficult  to  estimate.  The 
local  stresses  operative  at  the  particle  involve 
transformation  stresses  due  to  differences  in 
thermal  expansion  coefficients  and  elastic 
moduli,  the  unrelaxed  stresses  due  to  inhomo¬ 
geneous  plastic  flow  around  the  particulate  phase 
and  the  influence  of  the  superimposed  hydro¬ 
static  pressure.  However,  the  response  of  the 
material  to  hydrostatic  pressure  suggests  that  this 
may  be  a  quantitative  method  of  elucidating  the 
local  fracture  events  by  varying  the  magnitude  of 
the  transformation  stres.ses  and  monitoring  their 
interaction  with  the  superimposed  pressure. 

Turning  to  the  whisker-reinforced  composites, 
the  results  indicate  a  more  complex  fracture 
process  involving  whisker-matrix  decohesion 
and  strain  localization.  The  data  do  not,  however, 
provide  any  conclusive  evidence  regarding  the 
role  of  interfacial  precipitates  in  the  deformation 
and  fracture  behaviours  of  the  composites. 
Further  detailed  studies  will  be  required  to  delin¬ 
eate  such  effects. 

At  high  superimposed  pressures,  where  the 
ductility  of  the  material  increases  but  the  overall 
work  hardening  rate  decreases,  the  dominant 
mode  of  failure  is  by  shear.  The  occurrence  of  the 
shear  failure  can  be  considered  in  terms  of  the 
following  sequence  of  events.  When  whisker  frac¬ 
ture  or  debonding  occurs,  there  is  locally  a  loss  in 
both  load  bearing  capacity  and  work  hardening 
rate  resulting  in  localization.  The  localization  is 
accentuated  becau.se  the  strains  in  the  shear  band 
are  sufficiently  large  to  cau‘'  •'otation  of  the 
whiskers  away  from  the  ten*  .is.  The  whisker 
lotation  is  it.self  a  foim  of  .n  softening  which, 
together  with  the  dilaiau.  ,  .ucess  of  debonding, 
leads  to  shear  failure. 
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Abstract 

When  metal  matrix  composites  are  produced  by 
molten  metal  methods  there  are  some  unique 
factors  which  have  to  be  considered.  In  this  paper, 
the  microstructure  of  SiC-reinforced  aluminium 
alloys  produced  by  this  method  are  considered.  It 
is  shown  that  the  stability  of  SiC  in  the  melt  is 
dependent  on  the  matrix  alloy  involved  and  that 
only  alloys  with  high  silicon  contents  have  a  low 
reactivity  with  this  reinforcement.  With  other  alloy 
matrices,  SiC  reacts  to  form  AfC^,  and  the  nature 
of  this  reaction  and  its  kinetics  are  considered  in 
this  paper.  Initially,  the  reaction  rates  are  very 
rapid  but  almost  saturate  after  about  I  h.  It  is  also 
shown  that  the  distribution  of  the  reinforcing  par¬ 
ticles  is  dependent  on  the  solidification  rate 
because  particles  are.  rejected  and  pmhed  ahead  of 
the  meniscus.  At  low  solidification  rates,  and 
hence  for  large  cell  sizes,  the  reinforcing  particles 
are  clustered  and  form  a  network  which  delineates 
the  cell  walls.  Because  the  SiC  particles  are  in  the 
inteniendritic  regions  they  will  be  associated  with 
any  coarse  inteimciallL  particles  present  and  this 
can  influence  the  fracture  behaviour. 

1.  Introduction 

When  composites  aie  produced  b>  a  molten 
metal  method,  the  jihenorntna  encounteied  are 
rather  different  from  those  occurring  when  the 
composites  are  produced  b>  the  more  usual 
powder  metallurg)  method.  The  contact  time 
between  the  reinforcement  and  the  molten  metal 
can  be  quite  long,  so  the  reactivity  between  the 
two  has  to  be  consiOeied.  The  molten  compo.site 
is  then  .solidified  which  means  that  .solidification 
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effects  can  be  important.  The  cast  ingot  is  then 
fabricated  to  its  final  shape  and  may  be  heat 
treated.  At  this  stage,  the  phenomena  occurring  in 
the  cast  and  powder  composites  are  expected  to 
be  very  similar. 

In  this  paper,  some  of  these  factors  are  con¬ 
sidered  for  SiC  particulate  reinforcement  in  alu¬ 
minium  alloys.  It  will  be  apparent  that  some  of  the 
effects  are  specific  to  SiC  reinforcement  while 
others  are  of  a  more  general  nature.  The  com¬ 
posites  have  been  produced  by  a  molten  metal 
mixing  technology  developed  by  Dural  Alumi¬ 
num  Composite  Corporation  (DACC). 

2.  Reactivity 

Several  studies  [1-3]  have  shown  that  SiC  will 
react  with  molten  aluminium  to  form  AI4C3 
according  to  the  reaction 

AAl  +  SSiC-AUCj  +  SSi  (1) 

This  reaction  has  several  detrimental  effects 
which  are  as  follows:  (a)  it  produces  the  reaction 
product  AI4C,  at  the  interface  between  the  rein¬ 
forcement  and  the  matrix,  which  could  result  in  a 
degradation  of  the  reinforcement  .strength  and  the 
interfacial  strength;  (b)  the  reaction  product 
AI4C,  is  unstable  in  .some  environments,  so  it 
increases  the  corrosion  susceptibility  of  the  alloy, 
(c;  the  reaction  increases  the  silicon  content  of  the 
alloy  and  hence  the  matrix  composition  of  the 
alloy  may  be  changed  significantly  if  extensive 
reaction  occurs. 

The  increase  in  silicon  content  can  be  .seen 
quite  easily  in  the  case  of  extreme  reaction, 
bccau.se  increasing  the  silicon  content  usually 
results  in  a  decrease  in  the  melting  point  of  the 
alloy.  An  example  is  shown  in  Fig.  1  where  the 
differential  .scanning  calorimeter  (DSC)  trace  of  a 
606 1  composite  in  the  as-cast  condition  is  com- 
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DSC 


Fig.  1 .  Influence  of  remelting  on  the  DSC  trace. 


pared  with  the  trace  of  the  same  composite  after 
remelting  and  holding  at  900  °C.  The  DSC  trace 
of  the  as-extruded  composite  shows  a  large 
endothermic  peak  owing  to  general  melting  at 
633  °C  and  two  small  incipient  melting  endo¬ 
thermic  peaks  at  570  and  611  °C.  In  the  6000 
series  alloys,  the  following  invariant  reactions 
may  be  a.ssociated  with  the  peak  at  570  ° 

A1  +  Si  +  FeMgjSiftAlg  at  567  °C 

A1 -F  Si  +  FeSiAls  at  575  °C 

Al  +  Si  at577*C 

The  peak  at  6 1 1  "C  is  very  close  to  the  melting 
temperature  for  the  invariant  reaction 

Al  +  FeSiAlj  at  612  X 

After  remelting  and  holding  for  1  h  at  900  X, 
the  DSC  trace  is  quite  different  with  a  major 
endothermic  melting  peak  at  577  X,  which  is  the 
temperature  for  Al-Si  eutectic  melting.  This 
shows  that  holding  for  1  h  at  900  X  increased 
the  silicon  content  to  clo.se  to  the  binary  eutectic 
silicon  content  for  this  alloy,  and  this  silicon  can 
only  have  been  produced  by  the  conversion  of 
SiC  into  AI4C,  and  silicon.  As  pointed  out  by  Jun 
and  Lloyd  [4],  changes  in  the  licjuidus  provide  a 
method  of  quantitative!)  mea.^uring  the  e.xtent  of 
the  reaction,  provided  the  effect  of  silicon  on  the 
liquidus  of  the  alloy  is  known.  Figure  2  shows  the 
extent  of  unprotected  SiC  converted  to  AI4C-,, 
after  holding  the  606 1  -SiC  compo.site  at  differ¬ 
ent  temperatures. 

In  practice,  the  kinetics  of  the  reaction  are 
important  and  these  can  be  follovscd  b\  a  \ariet\ 
of  methods  including  X  rav  diffraction.  Fiom  eqn. 


Fig.  2.  I£,\lcm  of  SiC  convened  to  AI4C,  in 
606 1  -2()vol.%SiC  after  holding  for  I  h  at  different  tempera¬ 
tures. 


tb)  i~>  -<-• 

Fig.  .V  Rate  of  reaetion  to  form  AljC,  in  6l)6l-SiC‘;  to 
AIjC.  pe.ik  mitiiMl)  for  AA()I)()I  2l)vol.  ..SiC  at  Mltl  t.b, 
silicon  peak  iniensit}  for  A/\606 1  1 0\ol.",.SiC  at  SOU  X'. 


,  1 ,.  monitoring  the  inten.sitv  of  the  AI..C;  oi  sili¬ 
con  diffraction  pettks  indicates  the  progress  of  the 
re.iction.  Figtiie  3  shuw.s  the  e.xtent  of  re.tclion 
xxith  time  in  a  6061  malri.x.  Intlialh.  the  reaction 
Occurs  veiA  rapklK  but  it  isalnio.st  saturated  after 
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60  min  and  the  extent  of  reaction  increases  w  ith 
increasing  temperature.  The  kinetics  are  not 
parabolic  but  are  best  represented  by  two  linear 
regions  with  the  region  after  60  min  having  a 
much  lower  rate  constant.  The  reaction  rate  is 
expected  to  decrease  with  time  because  the  local 


Fig.  4.  Clear  interface  in  606 1  -SiC. 


silicon  content  increases.  Howevei,  provided  the 
temperature  is  kept  sufficiently  low,  or  the  SiC  is 
protected,  only  a  limited  amount  of  AI4CJ  is 
formed. 

DACC  uses  a  proprietary  surface  treatment 
and  processing  route  to  inhibit  Al^C  j  formation. 
Under  optimum  conditions,  clean  interfaces  are 
formed  (Fig.  4).  When  reaction  occurs,  a  thin 
reaction  product  layer  is  first  formed  along  the 
interface  (Fig.  5).  Energy-dispersive  X-ray 
analysis  in  scanning  transmission  electron  micro¬ 
scopy  of  this  layer  showed  aluminium,  silicon  and 
magnesium  peaks,  indicating  the  pre.sence  of 
AIjCj  and  Mg^Si.  As  more  extensive  reaction 
occurs,  AI4C3  crystals  grow  out  from  the  interface 
(Fig.  6)  and  eventually  large  cry.stals  of  AI4C3, 
which  are  often  faulted,  are  formed  (Fig.  7).  In  a 
6061  matrix  the  AI4C3  is  often  associated  with 
the  intermetallic  MgjSi  (Fig.  7)  which  is  formed 
by  reaction  between  the  magnesium  in  the  matrix 
and  the  .silicon  produced  by  the  reaction. 

Therefore,  it  is  .seen  that  process  control  is 
critical  if  degradation  of  the  reinforcement  is  to 


Fig.  5.  .1  Thill  rLMctton  l.ivcr  .ilong  iiiicrf.ici  ,iiui  b  ilic  lig.  ft.  ,i  AI.C".  <.r\sMl-.  iun.l(..ilt«l  .si  lilt  iiucrf.itc  .ind  1> 
KI5.S  iracf.  ihe  F-I).S  inset. 
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l-ig.  7.  'a  Large  Al.C.  crysial>  awieialeil  with  Mg.Si.  aiul 
U’l. 'C!  llie  liDS  lrace.s. 


be  a\oidccl.  The  particular  reinforcement  used  is 
obvioush  important  but  so  is  tlic  matrix  allo\. 
From  eqn.  1 1  c  SiC  reacts  with  aluminium  to  form 
AUCi  and  silicon.  This  mean.,  that  there  is  a 
silicon  content  level  in  the  matrix  where  equilib¬ 
rium  conditions  will  inhibit  Al.C,  formation. 
The  silictui  content  level  reijuirevl  can  be  calcu¬ 
lated  from  the  excess  molar  free  energv  for  the 
reaction  and  the  activity  coefficient.  The 
silicon  content  levels  ret|uireil  at  different  tern- 
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Fig.  8.  Miniir.'.im  silicon  coiitcnl  level  required  to  prevent 
AbCi  romintion  in  aluminiuin  at  different  ietnperature.s. 


peratures  are  shown  in  Fig.  8  [6].  These  results 
show  that  casting  alloys  with  high  silicon  contents 
will  have  a  high  resistance  to  AI4C3  formation. 
At  temperatures  below  750  "C  no  detectable 
AI4C,  formation  occurs  during  up  to  2  h  in 
A356-15vol.%SiC  containing  7  wt.%  Si,  which  is 
slightly  below  the  optimum  silicon  content  level 
for  complete  stability.  The  interface  between  the 
reinforcement  and  the  matri.x  in  this  composite, 
cast  at  7 1 0  °C  and  solution  treated  and  aged 
according  to  standard  practice,  shows  little  evid¬ 
ence  of  a  reaction  product  (Fig.  9). 

From  this  discusson,  it  is  apparent  that  there  is 
more  flexibility  in  proce.ssing  casting  alloys,  as 
compared  with  the  wrought  alloys  with  low 
silicon  contents. 


3.  Solidification 

After  the  reinforcement  is  incorporated  into 
the  melt,  the  composite  is  ettst  into  a  mould.  Dur¬ 
ing  solidification,  the  SiC  particles  arc  rejected  at 
the  meniscus  and  pushed  ahead  of  the  .solidifica¬ 
tion  front  to  be  trapped  finally  by  converging 
dendrite  arms  in  the  intercellular  regions.  This 
means  that  the  solidification  cell  size,  and  hence 
the  solidification  r.itc.  i.c.  the  cooling  rate  during 
.solidification,  influences  the  distribution  of  SiC  in 
the  final  ingot. 

Figure  10  shows  the  microstructure  at  two 
cooling  rates  in  6061-2t)voi."..SiC'  and  in 
.•V356- 1 5vol."iiSiC'  solidified  very  slowly  in  a 
casting.  The  composite  in  Fig.  1 0*  a  vvas  .solidified 
at  a  cooling  rate  of  20  X' s  '  which  gives  a  .solidi¬ 
fication  cell  size  approximately  ei|ii,il  to  the  SiC 
particle  size.  .As  a  result,  very  little  p.irticle  push- 
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l-ig.  9.  Interfaces  in  remelied  A356-.SiC. 


ing  occurred  during  the  .solidification.  If  the  .solid¬ 
ification  rate  i.s  .slower,  e.g.  solidified  at  a  cooling 
rate  of  1.0  "C  s”'  as  in  Fig.  10(b).  the  solidifica¬ 
tion  cell  size  is  several  times  larger  than  the  par¬ 
ticle  size,  particle  pushing  is  more  e.xtensive  and 
the  reinforcement  distribution  is  more  clustered. 
At  c.xtremely  low  .solidification  rates  the  solidifi¬ 
cation  cell  .e  can  be  an  order  of  magnitude 
larger  than  the  SiC  particle  size,  and  then  particle 
pushing  during  solidification  results  in  an  SiC 
particle  network  delineating  the  cell  boundaries, 
as  in  Fig.  I0(ci.  It  should  al.so  be  noted  that. 


I  ig.  10.  .Mit.rD.sirii\.Uir<.  .invl  SiC  vliMrilnilinii  ,il(i.t  Milulitving 
60<-l-20vol."i>SiC  at  :i  CKoIiiig  r:ilc  of  a  20  *C  \  'and  b. 
1.0  *C  s  '.and  ..Cl. slowly  solidified  .A.SSfi- 1 5soI.'’..SiC. 


because  the  SiC  i.s  in  the  interdendritic  regions, 
any  coarse  constituent  particles  will  also  be 
associated  with  the  reinforcement. 

.Secstndary  fabrication,  such  as  e.xtrusion.  can 
modify  the  particle  ilistribution  but  complete  de- 
clustering  cannot  be  achieved  even  .it  the  highest 
e.xtrusion  ratios. 
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Fig.  1 1 .  Fracture  path  in  606 1  -20vol.%SiC  in  T4  temper. 


Fig.  1 2.  Crack  c.xtcnding  through  SiC  and  associated 
intcrmctallic  particle. 


4.  Fracture 

For  brevity,  a  detailed  consideration  of  the 
mechanical  properties  of  cast  composite  will  not 
be  entered  into.  However,  it  is  appropriate  to 
consider  briefly  the  fracture  processes  involved, 
because  fracture  of  particulate  composites  made 
by  powder  metallurgy  have  been  studied  (7,  Sj. 
Tensile  fracture  of  e.\truded  606 1  -SiC  in  various 
heat  treatments  shows  a  mi.xed  fracture  path  [Fig. 
1 1)  with  the  crack  propagating  through  reinforc¬ 
ing  particles,  through  the  particle-matri.x  inter¬ 
face,  and  through  the  matri.x.  This  material  was 
e.xtruded  at  450  ®C  with  an  e,xtrusion  ratio  of 
20:1,  which  results  in  there  being  verv  few 
cracked  SiC  particles  after  e,xtrusion.  However, 
there  is  the  occasional  void  as.sociated  vvith 
clusters  of  SiC  particles.  The.se  voids  arc  the 
remnants  of  voids  present  in  the  as-cast  billet 
which  have  not  been  closed  during  c.xtru.sit)n. 


Fig.  1 3.  E.xtcnt  of  SiC  particle  cracking  w.  distance  from  the 
main  crack.  The  broken  line  r  for  6061  I0\ol.“oSiC  and  the 
solid  line  for  606 1  -20vol.%SiL. 


Some  SiC  particles  are  associated  with  coarse 
intermetal  particles  and,  during  straining,  these 
intcrmetallics  crack  and  the  crack  then  prop¬ 
agates  through  both  the  intermetallic  and  the  SiC 
particles  (Fig.  12).  The  e.xtent  of  SiC  fracture 
away  from  the  main  crack  depends  both  on  the 
extent  of  aging  and  on  the  volume  fraction  of 
reinforcement.  In  the  solution-treated  condition, 
where  the  fracture  strain  is  about  7%  at  20  vol.% 
and  over  10%  at  10  vol.%,  extensive  particle 
fracture  and  voiding  occurs  over  the  whole  gauge 
length.  In  the  peak  aged  condition,  where  the 
tensile  elongation  is  about  2%.  the  damage  is 
more  localized,  particularly  in  the  composite  with 
the  higher  volume  fraction.  Figure  1 3  shows  the 
extent  of  SiC  particle  fracture  vvith  distance  from 
the  main  crack  in  10  and  20  voi.%  composites  in 
the  T6  temper.  Examination  of  the  different 
fracture  surfaces  in  the  scanning  electron  micro- 
■scope  .shows  that  the  extent  of  ductile  dimpling  is 
dccrea.sed  progrc-ssivcly  with  increa.sing  SiC  con¬ 
tent  and  with  the  extent  of  aging  |Fig.  14;.  In  the 
composite  materials,  fine  dimples  occur  in  the 
regions  of  matrix  between  the  particles  which 
have  undergone  ductile  tearing  vFig.  15;.  From 
the.se  observations  it  is  apparent  that  the  fracture 
procc.s.s  in  thc.se  materials  is  quite  complex, 
involving  .several  different  phenomena.  Voids 
a.s.sociatcd  with  clusters  of  particles  will  open  up 
and  grow  during  straining.  It  is  not  dear  whether 
the  failure  observed  in  the  particle-matrix  inter- 
fitce  is  due  to  the  opening  up  of  incipient  voids  or 
to  intrinsic  failure  of  the  interface.  In  addition  to 
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Fig.  14.  Fracture  .Mirfaec.i  in ’.i;  6061.  !b!  60fil  -  IOvol.“»SiC 
and  (cS  606 1  -20vol.”i5iC  all  in  T4  temper. 


voiding,  .some  SiC  particles,  and  any  coarse 
intermctallics  a.s.sociated  with  them,  entek  during 
tensile  straining.  Cracks  produced  by  voiding  or 
by  particle  fracture  then  link  by  ductile  failure  of 
the  matrix.  To  optimize  the  tensile  elongation  it 
will  be  nece.ssary  to  limit  particle  clustering,  to 
eliminate  any  voids  associated  with  the  particle 
clustens.  and  to  control  the  alloy  composition  and 
heat  treatment  so  that  no  coarse  intermctallics  are 
present  in  the  microstructure. 


5.  Summarizing  remarks 

When  metal  matrix  composites  arc  produced 
by  the  casting  method,  several  factors  have  to  be 
considered  which  differentiate  them  from  com¬ 
posites  produced  by  the  powder  mctallurg}  route. 
With  SiC  reinforcement,  the  technology  has  to 
limit  Al.C;  formation,  which  can  be  done  by 
proce.ss  control  or  by  a  suitable  choice  of  matrix 
alloy.  The  distribution  ol  the  reinforcement  is  a 
function  of  the  .solidification  rate:  in  general  the 
higher  the  solidification  rate,  the  more  uniform 
the  distribution.  Because  the  SiC  is  situated  in  the 
interdcndritic  regions,  the  alloy  metallurgy  has  to 
be  controlled  carefully  to  prevent  brittle  intcr- 
mctaliivS  being  a.ssociated  with  the  reinforcement 
and  this,  of  course,  is  al.so  a  consideration  in  com¬ 
posites  made  by  the  powder  metallurgy  route. 

There  arc  still  many  aspects  of  the  behaviour 
of  particulate  composites,  especially  those  asso¬ 
ciated  with  fracture,  which  are  not  fully  under¬ 
stood.  However,  the  progre.ss  made  to  date 
indicates  that  these  composites  have  consiilerablc 
potential  as  general  engineering  materials. 


Fig.  15.  F-inc  ilimpics  in  Ihc  fracliirctl  m’lnt  l>cittccn 
p.iniclcs. 
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Abstract 

Nickel  aluminide  matrix  composites  reinforced 
with  continuous  fibers,  du  continuous  fibers  and 
particulates  are  attractive  materials  for  high  tem¬ 
perature  structural  applications.  They  possess 
excellent  high  temperature  strength,  good  creep 
and  oxidation  resistance,  as  well  as  lower  density 
than  superalloys.  A  variety  of  alloys  based  upon 
NijAl  have  been  successfully  produced  and  are 
reported  to  have  improved  properties  over  stoichi¬ 
ometric  Ni^Al.  These  alloys  are  all  candidate 
matrix  materials  for  intermetallic  matrix  compo¬ 
sites.  This  paper  provides  a  comprehensive  over¬ 
view  of  the  recent  development  of  nickel  aluminide 
matrix  composites.  Various  processing  techniques 
such  as  hot  pressing,  diffusion  bonding,  hot  extru¬ 
sion,  reactive  sintering,  and  liquid  infiltration  have 
been  employed  to  consolidate  the  composites.  The 
interface  compatibility  between  various  reinforce¬ 
ments  and  nickel  aluminide  matrices  are  exam¬ 
ined.  Finally,  the  mechanical  properties  and  the 
directions  for  future  development  of  various  nickel 
aluminide  matrix  composites  are  discussed. 

1.  Introduction 

Ordered  intermetallic  alloys  such  as  nickel  alu- 
minides  are  attractive  materials  for  high  tempera¬ 
ture  stiuctural  applications  due  to  their  high 
strength  retention  at  elevated  temperatures,  com¬ 
bined  \vith  low  density  and  good  oxidation  resist¬ 
ance  [1,  2].  because  of  the  long-range  ordered 

*Pap'er  presented  at  the  symposium  on  interfacial  Phe¬ 
nomena  m  Composites.  Processing,  Characterization,  and 
Mechanical  Properties,  Newport,  RI,  June  1-3, 1988. 
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Structure,  intermetallic  alloys  tend  to  have  smaller 
self-diffusion  coefficients  than  those  of  dis¬ 
ordered  alloys.  The  restricted  atomic  mobility 
generally  results  in  excellent  corrosion  and  creep 
resistance  [3].  Also,  nickel  aluminide  is  the  most 
important  strengthening  constituent  of  commer¬ 
cial  nickel-based  superalloys  and  is  responsible 
for  their  high  temperature  strength  and  creep 
resistance.  The  yield  strengths  of  various  conven¬ 
tional  alloys  and  advanced  intermetallic  alloys  as 
a  function  of  temperatures  are  shown  in  Fig.  1  [1]. 
The  high  temperature  strength  of  advanced  inter¬ 
metallic  alloys  at  850  'C  is  superior  to  that  of 
nickel-based  superalloys.  However,  the  applica¬ 
tions  of  polycrystalline  aluminides  as  engineering 
materials  has  been  limited  primarily  because  of 
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Fig.  1.  Yield  strength  of  various  alloys  and  advanced  inter¬ 
metallic  alloys  as  a  function  of  temperature  [  1 1 
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the  severe  problem  of  poor  ductility  and  brittle 
intergranular  fractuie  at  ambient  temperatures. 
Factors  which  may  lead  to  the  brittle  failure  of 
intermetallic  alloys  include  a  limited  number  of 
easy  slip  systems,  large  slip  vectors,  restricted 
cross-slip  and  difficulty  of  transmitting  slip  across 
grain  boundaries  [4].  Nevertheless,  significant 
improvement  in  the  ductility  and  toughness  has 
been  achieved  through  various  metallurgical  tech¬ 
niques  such  as  processing  control,  grain  refine¬ 
ment,  microalloying,  macroalloying,  and  rapid 
solidincation  [5,  6].  For  example,  it  has  been 
found  that  the  addition  of  a  small  amount  of 
boron  into  NijAl  increases  the  grain  boundary 
adhesion,  thereby  inhibiting  brittle  intergranular 
fracture  of  polycrystalline  NijAl  [7],  A  tensile 
elongation  greater  than  50%  with  virtually 
100%  transgranular  failure  has  been  achieved  in 
Ni-24at.%Al  containing  about  0.5  at.%  B  [8-lOj. 
A  comprehensive  discussion  of  the  toughening  of 
various  intermetallic  alloys  is  summarized  in  refs. 
4-6. 

The  breakthrough  in  intermetallic  alloy  tech¬ 
nology  has  also  opened  up  a  significant  opportu¬ 
nity  for  developing  a  new  class  of  intermetallic 
matrbc  com.posites.  The  incorporation  of  particu¬ 
lates,  whiskers  or  continuous  fibers  into  the  inter¬ 
metallic  alloy  matriji  should  produce  a  composite 
which  possesses  a  lower  density,  improved  tensile 
strength  and  creep  resistance.  Potential  applica¬ 
tions  of  these  novel  intermetallic  composites 
include  hypersonic  aircraft,  space  vehicles,  and 
jet  engines,  etc.,  where  light  weight  and  sufficient 
specific  stiffness  and  strength  at  elevated  tem¬ 
perature  are  required.  Figure  2  shows  the  calcu¬ 
lated  specific  strength  of  various  alloys  and 
aluminide  matrix  composites  as  a  function  of 
temperature  [11].  It  is  clear  that  the  SiC  fiber- 
reinforced  aluminide  matrix  composites  have 
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Fig.  2.  Calculated  specific  .strength  as  a  function  of  tempera¬ 
ture  for  various  alloys  and  SiC/alumiiiide  composites  [  1 1  j. 


much  better  specific  properties  than  nickel-based 
superalloys. 

Recently,  extensive  work  on  developing  pro¬ 
cessing  techniques,  optimizing  the  interface  com¬ 
patibility  and  characterizing  ttie  mechanical 
properties  of  composite.^  based  upon  NijAI 
matrbc  alloys  are  being  conducted  in  many 
laboratories.  The  purpose  of  this  paper  is  to  pro¬ 
vide  a  comprehensive  overview  of  the  recent 
development  of  nickel  aluminide  matrix  compo¬ 
sites  based  upon  NijAl.  NiAl  will  be  excluded 
from  our  discussion  because  of  its  poor  high  tem¬ 
perature  strength  and  low  ductility  at  room  tem¬ 
perature. 

2.  Design  ofNijAl  matrix  alloys 

Current  efforts  on  alloy  design  of  NijAl  have 
been  focused  on  four  areas:  (1)  improvement  of 
ductility  at  ambient  temperatures,  (2)  enhance¬ 
ment  of  high  temperature  strength  by  solid 
solution  effects,  (3)  alleviation  of  dynamic 
embrittlement  in  oxidizing  environments,  and 
(4)  fabrication  improvement  [1].  Based  upon 
these  efforts,  a  variety  of  matrix  alloys  have  been 
developed  including  IC-15  (Ni-24.0at.%A1- 
0.24at.%B),  IC-50  (Ni-23at.%Al-0.5at.%Hf- 
0.2at.%B),  lC-218  (Ni-16.5at.%Al-8.0at.%Cr- 
0.4at.%Zr-0.Iat.%B),  and  lC-221  (Ni-16at.%Al- 
8.0£it.%Cr-lat.%Zr-0.1at.>oB)  [Ij.  Another  type 
of  alloy  is  represented  by  nickel-iron  aluminide 
with  composition  ranges  (at.%)  of:  Ni-18.5 
±  1.5%A1-13.5  ±  2.5%Fe-5.5  ±  2.5%Cr-0.25  ± 
0.15%Zr(Hf)-0.1±0.04%B.  These  alloys  have 
also  been  developed  for  potential  structural  use 
at  elevated  temperatures. 

In  these  aluminides,  chromium  is  added  for 
reducing  dynamic  embrittlement  in  oxidizing 
environments  at  elevated  temperatures,  and  zir¬ 
conium  or  hafnium  is  added  for  improving  high- 
temperature  strength  via  solid-solution  hardening 
effects.  Microalloying  with  boron  enhances  grain 
boundary  cohesive  strength  and  increases  duc¬ 
tility  at  ambient  temperatures.  Addition  of  iron  to 
nickel-iron  aluminides  is  to  improve  hot  fabrica- 
oility.  Excellent  tensile  and  creep  properties  as 
well  as  oxidation  resistance  have  been  achieved  in 
Ni,AI  alloys  which  serve  a.s  attractive  matrix 
materials  for  composite  development. 

3.  Processing  development 

Various  processing  methods  have  been 
employed  to  consolidate  the  nickel  aluminide 
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matrix  composites  with  continuous  and  discon¬ 
tinuous  ceramic  fibers,  as  well  as  particulates. 
The  most  representative  processes  are  discussed 
in  the  following. 

3.1.  Hot  pressing/ hot  isostatic  pressing 

Hot  pressing  or  hot  isostatic  pressing  of  mix¬ 
tures  of  prealloyed  matrix  powders  and  rein¬ 
forcements  has  been  used  extensively  to  fabricate 
metal  matrix  composites.  This  method  is  particu¬ 
larly  suitable  for  particulate,  whisker  and  short 
fiber  reinforced  nickel  aluminide  matrix  compo¬ 
sites.  Povirk  et  al.  [12]  used  a  hot  pressing  tech¬ 
nique  to  consolidate  both  IC-15  and  IC-218 
matrix  composites  with  short  alumina  fibers. 
Composites  were  fabricated  by  mixing  the  nickel 
aluminide  powders  (normally  100  mm  diameter) 
with  up  to  20  vol.%  alumina  fibers  (3  mm  in 
length)  in  a  hexane  slurry  with  a  high  shear  mixer. 
The  mixtures  were  dried  and  then  hot-pressed  in 
graphite  dies.  The  IC-15  matrk  composite  was 
consolidated  at  1300-1350  T  for  1  h  with  a 
pressure  of  20  MPa;  a  temperature  of  1250- 
1300  “C  using  20  MPa  pressure  for  1.5  h  was 
sufficient  for  IC-218  matrix.  The  lower  pro¬ 
cessing  temperature  for  IC-218  was  mainly  due 
to  the  addition  of  chromium  which  disorders  the 
material  at  high  temperatures  and  enhances  the 
diffusion  kinetics.  In  both  cases,  high  density  with 
low  porosity  were  achieved  in  the  composites. 
However,  some  fiber  clusters  and  a  substantial 
amount  of  fiber  breakage  occurred  during  the 
processing  of  the  composites. 

Bose  et  al.  [13]  have  successfully  consolidated 
an  IC-218  matron  composite  with  5  vol.%  short 
alumina  fibers  by  hot  isostatic  pressing  at 
1100  °C  for  1  h  and  at  a  pressure  of  172  MPa. 
However,  fiber  alignment  in  the  composite  can¬ 
not  be  achieved  by  HIPing,  if  directional  proper¬ 
ties  are  desired.  In  addition,  it  appears  that  the  5 
vol.%  of  alumina  fibers  is  tco  low  to  provide  ade¬ 
quate  mechanical  properties  for  structural  use. 
An  initial  effort  to  align  the  short  alumina  fibers 
in  IC-218  matrix  by  using  injection  molding  and 
subsequently  HIPmg  has  been  attempted,  but  the 
results  have  not  been  reported  [13]. 

3.2.  Diffusion  bonding 

Diffusion  bonding  is  one  of  the  most  popular 
methods  to  fabricate  metal  matrix  composites 
with  continuous  fibers  [14].  The  fiber  array  is 
generally  made  by  winding  the  fibers  on  a  drum, 
and  then  spraying  them  with  a  binder  to  form  a 


unidirectional  tape.  The  precollimated  fiber  tape 
can  also  be  made  by  plasma  spraying.  The  nickel 
aluminide  matrix  alloy  can  be  fabricated  into  the 
form  of  a  thin  sheet.  The  preform  tape  can  then 
be  sandwiched  between  layers  of  thin  nickel  alu¬ 
minide  matrix  foils  and  consolidated  into  fully 
densed  composite  by  applying  heat  and  pressure 
in  vacuum  or  in  an  inert  atmosphere.  Nieh  et  al 
[11]  have  made  reaction  couples  for  compatibility 
studies  by  diffusion  bonding  IC-50  sheets  (0.5 
mm)  and  SiC  (SCS-6)  fibers  at  700-1100  °C  for  1 
to  6  h  under  vacuum  (10  ' ’  Pa).  To  our  knowl¬ 
edge,  no  nickel  aluminide  matrix  composite 
plates  with  continuous  fibers  have  been  produced 
to  date.  The  optimum  processing  conditions  auch 
as  temperature,  pressure,  atmosphere  and  time  to 
produce  void-free  nickel  aluminide  matrix  com¬ 
posites  need  to  be  developed. 

3.3.  Hot  extrusion 

A  hot  extrusion  technique  has  been  used  to 
fabricate  TiC  and  AI2O3  particulate-reinforced 
IC-221  composites  [15].  In  this  process,  the  gas 
atomized  matrbe  powders  were  mixed  with  TiC 
or  AI2O3  particulates.  The  mixtures  were  then 
vacuum  hot  pressed  to  ingot  and  subsequently 
HIPed  at  1162°C/105  MPa/3  h  to  97%  density, 
then  hot  extruded  to  rod  at  1150  °C  to  form  a 
fully  dense  composite  billet.  Direct  hot  extrusion 
from  loose  powder  mixtures  is  also  being  studied 
at  various  laboratories.  Temperature  and  extru¬ 
sion  ratio  are  the  important  processing  param¬ 
eters  which  must  be  optimized. 

3.4.  Reactive  sintering 

Reactive  sintering  has  been  developed  by  Bose 
et  al  [16]  to  consolidate  nickel  aluminide  matrix 
composites  with  discontinui  >  alumina  fibers.  In 
this  process,  the  elemental  nickel  and  aluminum 
powders  were  mixed  in  the  stoichiometric  ratio, 
along  with  3  vol.%  of  short  (3-5  mm)  alumina 
fibers  and  boron.  The  mixtures  were  then  cold 
i.sostatically  compacted  into  rods  and  encapsu¬ 
lated  in  .stainless  steel  under  vacuum  ,5x10  ’ 
Pa)  and  hot  isostatically  pressed.  ThS  is  a  rela¬ 
tively  new  process  to  fabricate  composites.  The 
major  advantage  of  this  process  is  that  the  reac¬ 
tion  to  form  the  compound  may  occur  at  tem¬ 
peratures  far  below  the  melting  point  of  the 
«,ompound.  The  lowest-melting  eutectic  forms  in 
the  Ni-Al  system  at  640  °C.  At  moderate  tem¬ 
peratures,  the  elemental  aluminum  powders  leact 
and  form  the  desired  compound,  usually  in  a 
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highly  exothermic  reaction.  Once  the  reaction 
starts,  the  heat  of  reaction  causes  the  lower-melt¬ 
ing  constituent  to  form  a  liquid  to  produce  a  rapid 
densification.  For  example,  reactive  sintering  of 
NijAl-t-B  with  alumina  fibers  has  been  carried 
out  at  800  °C  for  30  min  at  a  pressure  of  104 
MPa.  This  is  in  contrast  to  1 100-1300  “C  for  hot 
pressing  or  HIPing.  However,  the  actual  tempera¬ 
ture  at  the  reaction  front  has  not  been  measured, 
but  was  estimated  to  be  around  1 500  °C.  As  a 
result,  one  must  consider  the  high  reaction  front 
temperature  and  duration  which  might  play 
dominant  roles  in  determining  the  interface  com¬ 
patibility.  Sintering  temperature,  heat  rate,  par¬ 
ticle  size,  composite  dimension  and  reaction 
environment  are  the  key  processing  parameters 
controlling  the  quality  of  the  composite.  Reactive 
sintering  of  the  Ni3Al  +  B  with  coated  SiC 
fibers  has  been  made  at  750  °C  for  10  min.  A 
post  reaction  heat  treatment  at  1300  "C/l  h  was 
also  used  to  homogenize  further  the  matrix 
microstructure.  However,  it  is  clear  that  the  fiber 
volume  content  in  the  composite  needs  to  be 
increased  in  order  to  obtain  the  desirable 
strengthening  effect  from  the  reinforcements. 

3.5.  Liquid  infiltration  j pressure  casting 
Liquid  infiltration/pressure  casting  has  been 
used  to  fabricate  a  Ni3Al  (IC-50)  matrix  com¬ 
posite  with  alumina  fibers  [17].  The  precollimated 
fibers  were  placed  into  a  mold,  and  the  molten 
NijAl  matrix  was  infiltrated  into  the  pre-evacu- 
ated  and  preheated  mold  followed  by  a  solidifica¬ 
tion  process.  The  casting  process  v,as  carried  out 
at  temperatures  between  1400  and  ]700°C 
under  2.7  MPa  of  argon  gas  pressure.  The  ke> 
issue  in  solidification  processing  is  wetting 
between  the  reinforcement  and  the  liquid  matrix 

[18] ,  Wetting  of  the  fiber  surface  with  a  liquid 
matrix  is  necessary  to  promote  the  formation  of  a 
chemical  bond  at  the  interface.  Extensive  work  has 
been  conducted  to  study  the  wetting  behavior  of 
various  carbides,  oxides  and  borides  with  nickel 

[19] .  The  wetting  angle  at  a  specific  temperature 
between  Ni  and  various  potential  reinforcements 


is  summarized  in  Table  1.  It  is  shown  that,  even  at 
1500  °C,  the  angle  of  contact  between  'M2O3  and 
liquid  nickel  is  125°,  i.c.  no  wetting  occurs.  How¬ 
ever  certain  alloying  additions  such  as  titanium 
could  changt  the  Ni-ALOj  systems  from  non- 
wetting  to  wetting  [20]  and  can  also  improve  the 
wetting  between  ALOj  fibers  and  Ni3Al  [17]. 
Similar  studies  need  to  be  performed  to  under¬ 
stand  the  wetting  of  Ni3Al  alloys  with  various 
potential  reinforcements. 

In  addition  to  the  above-mentioned  processing 
techniques,  several  other  methods  have  also  been 
used  to  strengthen  the  nickel  aluminide  matrix. 
For  example,  mechanical  alloying  followed  by 
HIPing  was  used  to  fabricate  oxide  (Y2O3,  AI2O3, 
or  Th02)  dispersion  strengthened  IC-50  alloys 
[21],  In  this  case,  a  dramatic  increase  in  yield 
strength  at  room  temperature  was  achieved.  This 
was  attributed  to  the  influence  of  fine  dispersoids 
on  the  refinement  of  the  matrix  grain  size  during 
consolidation,  rather  than  the  Orovvan  streng¬ 
thening  mechanism. 

4.  Interface  compatibility 

The  nature  and  propenics  of  the  interface  are 
of  paramount  importance  in  determining  the  per¬ 
formance  of  the  cc  .posite.  Although  the 
development  of  reinforcemert/matrix  interaction 
zone  of  some  thickne.s.s  is  desirable  for  establish¬ 
ing  sound  interfacial  bonding,  overgrowth  of  the 
interaction  layer  will  be  detrimental  to  the  com¬ 
posite  properties  [14].  Also,  the  .selection  of  an 
appropriate  diffu.sion  barrier  material  to  prevent 
deleterious  interaction  relies  on  a  detailed  knowl¬ 
edge  of  the  interaction  between  the  reinforcement 
and  the  matrix.  Therefore,  it  is  of  considerable 
importance  to  undenstand  the  compatibility 
between  the  nickel  aluminide  matrix  and  various 
reinforcements. 

Interface  chemical  reactions 

4.1.1.  ALOjlNi,Ai 

The  interactions  between  ALO,  fibers  and 
both  IC-15  and  lC-218  matrices  have  been 


TABLE  I  The  wcUini>  between  nickel  and  >arioiis  potential  reinforcements  1 19]  (temperature  X-contact  angle) 


SiC 

B.C 

liC 

ZrC 

life 

Ni 

1450-65 

1 460-88 

1380-2.5 

1380-24 

1 .580-23 

Al,0, 

.SiO. 

ZrO. 

TiB, 

ZrB. 

Ni 

I.5()0-I5() 

1 500- 1 25 

1,50(5-130 

148()-40 

l50(’)-42 
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TABLE  2  Reaction  belHceii  AIjOj  and  \arious  nickel-based  alloys  and  nickel  alumiiiides  [12.  16, 20, 22-27) 


Fiber 

Matrix 

Reaction  ptodticts 

Remark 

Single-crystal  ALO, 

Ni 

NiAUO^ 

Heat  treated  at  1 300  'C  for  1 00  h  in  helium 

Single-crystal  AljOj 

Ni-20Cr 

Ni-Cr-AI  Spinel 

Heat  treated  at  1 300  °C  for  1 00  h  in  helium 

Single-crystal  ALOj 

Hastciloy-X 

No  reaction  products 

Heat  treated  at  1300  °C  for  100  h  m  helium 

Single-crystal  -ALO, 

NASA  Nifeco  5 

No  reaction  products 

Heat  treated  at  1 300  °C  for  100  h  in  helium 

Single-crystal  AI,Oj 

Inconel-718 

No  reaction  products 

Heat  treated  at  1 1 00  °C  for  100  h  in  vacuum 

Single-crystal  Al,0, 

Ni- 1  OCr 

No  reaction  products 

Heat  treated  at  1 100°C  for  100  h  in  vacuum 

ALOj  powder 

Ni 

Ni,Alj 

Hot  pressed  at  1 350  °C,  2  h 

Polycrystalline  AUOj 

IC-15 

No  reaction  products 

I  lot  pre.sscd  at  1 300  °C,  0.5  h 

Polycrystalline  AUOj 

ir--218 

No  reaction  products 

Hot  pressed  at  1 250 'C,  0.5  h 

Polycrystallinc  AUO, 

NijAl-t-B 

No  reaction  products 

Reactive  sintering  at  800  °C,  0.5  It 

Studied  [12],  The  chemical  interactions  of  various 
types  of  AI2O3  w'ith  nickel-based  alloys  and 
nickel  aluminides  are  summarized  in  Table  2  [12, 
16,  20,  22-27],  No  continuous  reaction  phases 
between  the  alumina  fibers  and  both  1C- 1 5  and 
IC-218  nickel  aluminides  were  observed  from 
TEM  micrographs  and  microdiffraction  patterns. 
Concentration  profiles  measured  across  the  inter¬ 
face  by  EDS  al.so  revealed  no  evidence  of  inter¬ 
face  reaction  in  the  composite.  The  TEM  results 
did  indicate,  however,  that  the  matrix  was  in 
intimate  contact  with  the  fiber  surface,  suggesting 
that  bonding  between  the  AI2O3  fiber  and  the 
matrix  had  occurred  [12],  Metallographic  exami¬ 
nation  also  showed  no  apparent  attack  of  the  alu¬ 
mina  fibers  by  Ni3Al  +  B  (IC-15)  matrix  after 
reactive  sintering  [16],  However,  previous  studies 
had  indicated  that  the  single-crystal  AI2O3  fiber 
reacted  extensively  with  Ni  and  Ni-20%  Cr  to 
form  NiAl204  spinel  and  Ni-Cr-Al  spinal, 
respectively,  after  heat  treatment  at  1300  °C  for 
100  h  in  a  helium  atmosphere  [22],  It  was 
believed  that  the  reaction  was  the  result  of  nickel 
reacting  with  AhO,  in  the  presencf*  of  sufficient 
free  oxygen.  On  the  other  hand,  by  alloying  the 
nickel  matrix  with  102o  Cr,  it  was  found  to  be 
possible  to  prevent  the  spinel  formation  oen 
after  a  100  h  vacuum  anneal  at  ilOOT  [26]. 
Thus,  even  though  the  as-processed  AKOi/nickd 
aluminide  composite  does  not  show  any  chctnic  d 
reaction,  a  .reaction  might  take  place  during  higli 
temperature  service  environments.  It  is  apparent 
that  more  work  is  nece.ssary  to  understand 
thoroughly  the  eompatibility  between  various  alu¬ 
mina  fibers  and  nickel  aluminide  niatrix  under 
various  thermo  mechanical  environments. 


Fig  3  Brigbi  ficlJ  TEM  micrograph  of  an  annealed  IC- 
218/AI;0,  coniposiie  showing  ZrO,  particles  on  an  alumina 
filjcr.  Arrows  point  to  the  zirconia  panicles. 

Zirconia  parlieles,  1-2  in  diameter,  were 
observed  along  the  fiber/matrix  interface  in  an 
Al20i/lC-218  comno.site  (Fig.  3;  [12].  The  for¬ 
mation  of  zirconia  particles  resulted  from  the 
reaction  of  zirconium  in  solution  in  the  matrix 
with  excess  o.vygen  that  was  present  during  hot 
pre.ssing.  Similar  zirconia  particles  were  also 
olxser  ed  at  grain  boundaries  in  the  hot  pre.s.sed 
IC-218  alloy. s.  However,  the  size  of  the  particles 
was  much  smaller  (15()-3()()  mm  in  diameter^  in 
ilic  unreinforced  alloys.  Zirconia  particles  in  the 
IC-218  matrix  aw  jy  frttm  the  interface  were  the 
.same  size  as  tho.se  in  the  unrciiifttrced  alloys.  The 
unusually  large  siZe  of  zirconia  particles  was 
attributed  to  enhanced  nucleatiun  at  the  fiber  sur¬ 
face  [12[.  Cracks  Vverc  observed  between  the 
ZrO;  pjiticles  and  the  IC  21S  matrix,  indicating 
relatively  poor  bonding  at  the  interface.  Fhe 
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presence  of  the  ZrO,  particles  will  have  a  detri¬ 
mental  effect  on  the  mechanical  properties  of  the 
composite.  It  is  possible  to  eliminate  the  presence 
of  zirconia  particles  by  reducing  the  zirconium 
content  or  by  replacing  the  zirconium  with  haf¬ 
nium  in  Ni3Al  alloys. 

4.1.2.  TiCINijAl 

The  interaction  between  TiC  and  nickel  pro¬ 
cessed  by  internal  carburization  has  been  investi¬ 
gated  [28],  It  was  found  that  TiC  particles  were  too 
soluble  in  the  nickel  matrix  and  coarsened  too 
rapidly  at  temperatures  above  800  °C.  It  was  sug¬ 
gested  that  a  highly  alloyed  matrix  might  be  more 
effective  to  decrease  the  solubility  of  TiC  in  the 
matrix  and  to  lower  the  diffusion  rate  of  titanium 
and  carbon.  In  the  case  of  TiC/IC-221,  it  was  also 
found  by  SEM/EDS  that  zirconium  and  boron 
diffused  to  the  TiC  particle  surface  after  heat 
treatment  at  1100°C  for  100  h  [15].  However, 
the  detailed  reaction  has  not  yet  been  studied. 

4.1.3.  SiCINijAl 

The  interface  reactions  of  AVCO’s  SCS-6  fiber 
with  both  IC-50  and  IC-221  matrices  have  been 
investigated.  The  reaction  between  SCS-6  fibers 
and  IC-50  matrix  resulted  in  the  formation  of 
multilayer  reaction  products  at  the  interface  [1  Ij. 
Similar  results  have  been  observed  for  the  solid- 
state  reaction  between  SiC  and  \  .ous  nickel- 
based  alloys  [29].  Elemental  analysis  using 
electron  microprobe  indicated  that  the  hafnium 
and  boron  in  IC-50  were  not  present  in  the  reac¬ 
tion  layer,  nor  did  they  segregate  to  reaction  lay¬ 
ers  during  the  reactions.  A  significant  amount  of 
nickel  was  detected  at  the  reaction  surface  of  SiC 


after  high  temperature  heat  treatment,  while  no 
silicon  jr  carbon  was  detected  at  the  aluminide 
reaction  surface.  This  suggested  that  nickel  is  the 
dominant  diffusing  species  responsible  for  the 
overall  reaction.  Severe  reaction  between  SCS-6 
fibers  and  NijAl  +  B  matrix  after  reactive  sinter¬ 
ing  at  750  °C  for  10  min  was  also  ob.served  [16]. 
Again,  this  might  be  due  to  the  effect  of  high  reac¬ 
tion  front  temperature  as  stated  earlier.  The 
chemical  reactions  of  various  SiC  with  nickel- 
based  alloys  and  nickel  aluminides  are  summar¬ 
ized  in  Table  3  [1 1, 16, 29-37]. 

It  has  further  been  shown  that  the  reaction 
between  SiC  fiber  and  IC-50  is  very  similar  to  the 
reaction  between  SiC  and  nickel-based  super¬ 
alloys,  except  the  reaction  rate  for  the  former  is 
about  five  times  slower  than  the  latter  [11,  29]. 
Since  the  nickel-based  superalloy  contains  a  large 
amount  of  y'  (which  is  primarily  nickel  alumi¬ 
nide),  the  overall  chemical  reactivities  for  the 
superalloy  are  expected  to  be  similar  to  those  of 
the  nickel  aluminide.  The  rate  difference  is  con¬ 
nected  with  the  fact  that  nickel  aluminide  is 
essentially  a  stoichiom.etric  compound.  In  order 
to  react  with  SiC,  chemical  debonding  of  the 
compound  must  take  place  prior  to  the  reaction. 
In  the  case  of  the  nickel-based  superalloy,  nickel 
is  not  only  present  in  the  y'  precipitates,  but  also 
in  the  solid  solution  matrix.  It  is  the  nickel  in  the 
.solid  solution  matrix  that  leads  to  the  faster  reac¬ 
tion  in  the  SiC/superalloy  than  in  the  SiC/nickel 
aluminide  sy.stem.  It  has  been  shown  that  the 
carbon-rich  layer  outside  the  SiC  fiber  is  not  an 
effective  diffusion  barrier  to  prevent  the  chemical 
reaction  between  the  SiC  fiber  and  nickel  alumi¬ 
nide  matrix  [11].  Thu.s,  it  is  apparent  that  a  diffu- 


TABLE  3  Reactions  hclnccn  SiC  and  sarious  nickcl-liascd  allos.sand  nickel  aluminides  [I  1.16. 29-37| 


.SiC  Ni-based  alloy  Heacliom  Remark 


SiC 

Ni 

SiC 

Ni-20Cr 

SiC 

I  la.sielloy-X 

SiC 

Rene -77 

SiC  fiber 

Ma.'telloy-X 

SiC  fiber 

Waspalloy 

SiC  fiber 

NiCrAl 

SCS-6  fiber 

Ni,AI  +  B 

SiC 

IC-50 

SCS-6  fiber 

IC-50 

SCS-6  fiber 

IC-221 

<>-Ni..Si+ graphite 
d-Ni;Si  +  graphite  +  v'-Cr,Ni;SiC 
.Multilayer  reaction  products 
Multilayer  reaction  products 
Multilayer  reaction  products 
Midtilayer  reaction  products 
Multilayer  reaction  products 
Multilayer  reaction  products 
4-layer  reaction  products 
4-layer  reaction  products 
Multilayer  reaction  products 


Hot  pre.ssedat  I  COOT.  lOOh 
1  lot  pressed  iii  1 1 50  °C.  1 00  h 
Mot  pre.ssedat  1I50”C.  lOOh 
1  lot  pressed  at  1150  'C.  I  Of)  h 
Ml  Pedal  1 1.50T.  lOOh 
IllPedat  1 1.50 ’C.  lOOh 
IllPedat  I150X'.  lOOh 
Reactive  sintering  at  750  ’C  1 0  nun 
Diffusion  bonded  at  900  °C'.  I  h 
Diffusion  bonded  at  1  loO'C.  1  h 
1  lot  pressed  at  980  ’C.  I  h 


Sion  barrier  must  be  developed  for  the  SiC/Ni3Al 
composite  system. 

The  reaction  between  SCS-6  fibers  and  IC- 
221  in  a  composite  prepared  by  hot  pressing  at 
980  "C  is  shown  in  Fig.  4.  Below  980  “C,  multi¬ 
layer  reaction  products  formed  at  the  interface. 
The  thickness  of  the  reaction  zones  increases  as 
the  composites  were  subjected  to  longer  time 
exposure.  However,  when  the  composite  was  sub¬ 
jected  to  thermal  exposure  at  980  °C  for  more 
than  3  h  in  vacuum,  a  rapid  increase  in  reaction 
zone  thickness  has  been  observed  as  shown  in 
Fig.  5.  The  elemental  distribution  across  the  reac¬ 
tion  zone  is  shown  in  Fig.  6.  The  detailed  chemi¬ 
cal  composition  and  microstructure  of  the 
reaction  products  will  be  reported  elsewhere  [37]. 

4.1.4.  B,CIB-NijAl 

Optical  micrographs  of  as-processed  BjC/B 
fiber-reinforced  IC-221  matrix  composites  pre¬ 


•Ssksm. 

Fig.  4.  Chemical  inicraciion.s  of  SCS-6  fiber  wiih  IC-22 1 
mairix  after  hot  pressing  at  980  'C  for  2  h. 


pared  by  hot  pressing  at  temperatures  of  780  C 
and  980  °C  are  shown  in  Figs.  7  and  8,  respec¬ 
tively  [37].  It  is  clear  that  even  at  a  low  process¬ 
ing  temperature  (780  °C},  extensive  reactions 
occurred  betw'een  the  fiber  and  the  matrix.  Even 
with  B4C  coating,  nickel  can  still  diffuse  rapidly 
into  the  fiber  and  react  with  boron  to  form  Ni^B 
or  NijBi.  At  higher  processing  temperature 
(980  “C),  the  whole  fiber  reacted  with  lC-221  as 
shown  in  Fig.  8.  Previous  studies  had  shown  that 
boron  reacted  extensively  with  nickel  at  tempera¬ 
tures  above  700  °C  [38].  Thus,  the  B4C/B  fiber  is 
not  a  suitable  reinforcement  for  nickel  aluminide, 
unless  an  effective  diffusion  barrier  coating  is 


4.1.5.  TiByjNijA! 

Titanium  diboride  is  one  of  the  most  promis¬ 
ing  candidates  as  reinforcement  and  coating 


Fig.  6.  I:lcmciunl  disiribution  from  the  reaction  layers  of 
SCS-6/IC-22 1  after  heat  treatment  at  980  *C  for  6  h. 


m 
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Fig.  8.  Chemical  inieractions  of  B^C/B  fiber  with  IC-22 1 
matrix  after  hot  pressing  at  980  ”C  for  1  h. 


material  for  titanium  aluminide  matrix  compo¬ 
sites  due  to  its  chemical  stability  [39].  However,  a 
distinct  intergranular  phase  between  TiB,  and 
Ni3Al  has  been  observed  in  a  TiBj-Ni^Al  speci¬ 
men  processed  by  hot  pressing  at  1550  "C  for  2  h 
under  vacuum  (10"*  Pa  [40].  The  intergranular 
phase  has  been  identified  as  boride  tau  phase— 
(Ni3Ti,)23B,,  by  using  Analytical  Electron  iMi- 
crosedpy.  Aluminum  was  not  detected  in  the 
intergranular  tau  phase.  The  formation  of  this 
interphase  is  attributed  to  the  high  processing 
temperature  during  liquid-phase  sintering.  How¬ 
ever,  the  boride  tau  phase  may  not  be  present  in 
the  TiB,-reinforccd  NiAl  composites  produced 
by  solid-phase  processing  techniques.  The  inter¬ 
face  reactions  of  TiB,/Ni  and  TiBj/NijAl  sam¬ 
ples  processed  at  1 200  ®C  are  being  investigated 
[41,  42].  Meanwhile,  it  has  been  reported  that  no 
reaction  occurred  between  TiB-  particulates  and 
NiAl  matrix  processed  bj  XD  synthesis  followed 
by  hot  pressing  [43].  The  lack  of  reaction  in  TiB,/ 
NiAl  composite  is  prc:,umabl\  due  to  the  fact  that 
the  chemical  activitv  of  Ni  in  NiAl  is  three  orders 
of  magnitude  lower  than  that  of  NI  ,A1  [44]. 

4.2.  Control  of  interface  reactions 
A  substantial  amount  of  re.search  on  control¬ 
ling  the  interface  reaction  has  been  performed 
[20].  In  order  to  minimize  the  c.xcessivc  rcinfurce- 
ment/matrix  interaction  and  to  achieve  rca.M)n- 
ablc  service  life,  it  is  necessary  to  suppre.ss  the 
formation  of  undesirable  compounds  v>r  to 
reduce  the  diffusion  rate  at  the  interface.  Fiber 
surface  coating  has  been  shown  as  one  of  the 
most  effective  methods  to  provide  a  diffu.sion 
barrier  to  arrest  po.ssibic  forming  of  unwanted 


phases  at  the  interface  and  fiber  degradation.  The 
coating  layer  also  provides  wetting  for  a  molten 
matrix  alloy  if  a  liquid-phase  fabrication  method 
is  used. 

Based  upon  the  results  obtained  from  the 
above  studies,  it  has  been  identified  that  nickel  is 
the  dominant  diffusion  species  during  the  inter¬ 
action  between  SiC  and  various  nickel  aluminides 
[11].  Therefore,  an  obvious  way  to  restrict  the 
interaction  is  by  selecting  a  bai.ier  to  slow  down 
the  diffusion  of  nickel.  Comparing  the  diffusion 
coefficients  of  nickel  in  various  materials,  oxides 
are  one  of  the  most  effective  diffusion  barriers  for 
nickel.  Nieh  etal.  .studied  the  interface  interaction 
between  the  SiC  fiber  and  IC-218  matrix  foils 
which  were  preoxidized  to  form  an  Ai203  film 
[11].  The  results  show  that  there  is  no  or  little 
interaction  between  the  preoxidized  IC-218 
matrix  and  SCS-6  fibers  even  at  1100  °C.  How¬ 
ever,  preoxidizing  the  matrix  foil  might  re.sult  in 
poor  bonding  during  the  composite  consolida¬ 
tion. 

Bose  et  al.  have  shown  that  by  coating  a  thin 
layer  of  YjOj  on  the  SCS-6  fiber  by  CVD  can 
protect  the  fiber  from  the  matrix  during  the  reac¬ 
tive  sintering  cycle  [  1 6].  The  fact  that  Y2O3  pre¬ 
vents  the  destruction  of  SiC  fiber  during 
processing  is  consistent  with  the  findings  of 
Mehan  et  al.  that  YjOj  protects  SiC  in  contact 
with  nickel-based  alloys  [34].  It  has  also  been 
found  that  HfC  is  an  effective  diffusion  barrier  for 
preventing  the  deleterious  reaction  between  SiC 
fiber  and  the  nickel-based  superalioys  (Hastel- 
loy-X  and  Waspalloy/  [36].  These  preliminary 
results  have  confirmed  that  oxides  and  carbides 
are  good  diffusion  barriers  in  inhibiting  SiC/ 
nickel  aluminide  reaction.  However,  it  is  nece.s- 
sary  to  develop  a  reliable,  continuous  and 
cost-effective  coating  technique,  and  to  under¬ 
stand  the  influence  of  the  interface  layer  on  the 
composite  strength  and  the  stability  and  relia¬ 
bility  of  the  barrier  under  varioas  .service  envi¬ 
ronments.  A  thermodynamic  code— FACT  (Facil¬ 
ity  for  the  Analysis  of  Chemical  Thermo¬ 
dynamics,— has  been  developed  recently  by  Baal 
and  Palton  to  study  the  compatibility  among 
fibers,  matrices  and  coatings  [451.  This  code  cal¬ 
culation  can  be  u,scd  as  a  general  guideline  for 
eontrolling  and  predicting  the  interface  reactions. 

Recently,  a  new  technique  to  coat  a  thin  layer 
of  AKO-,  on  the  SCS-6  and  BjC/B  fiber  surfaces 
from  an  organometallic  precursor  solution  has 
been  investigated  [46J.  The  fibers  were  pa.sscd 
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through  solution  followed  b>  hydrol>sis  or  pjro- 
lysis  of  the  organometallic  compound  to  form 
AhOj  on  the  fiber  surfaces.  Preliminary  experi¬ 
mental  results  show  that  the  solution-coated 
fibers  can  reduce  the  interaction  with  nickel  alu- 
minide  matrix.  Further  work  is  unde.  »va>  to 
explore  the  potential  of  this  promising  process. 
Preliminary  study  on  CVD-coated  B.C/B  with 
AljOj  has  proven  to  be  successful  in  preventing 
interface  reaction  between  the  B^C/B  fiber  and 
IC'221  matrix  [46]. 

5.  Mechanical  properties 

The  combination  of  high  strength,  high  stiff¬ 
ness  reinforcements  and  the  high  temperature 
strength,  low  density  matrix  should  result  in  com¬ 
posites  with  attractive  mechanical  properties. 
However,  only  very  limited  mechanical  property 
data  for  the  NijAl  matrix  composites  have  been 
reported.  Table  4  summarizes  the  preliminary 
results  of  the  yield  strength,  and  the  breaking 
strain  of  some  nickel-aluminide-ba.sed  compo¬ 
sites.  It  is  shown  that  by  adding  20  vol.%  of 
random  AhO^  .short  fibers  into  IC-15  and  con¬ 
solidating  by  hot  pressing,  has  resulted  in  a  yield 
strength  (four-point  bending]  of  up  to  550  MPa 
and  more  than  5%  of  strain-to-failure  [12].  The 
annealed  Al,Oj/IC-15  composite  showed  an 
elongation  to  failure  of  10“o  under  uniaxial  ten¬ 
sion.  The  fracture  surface  showed  that  the  cracks 
often  deflected  along  the  fiber/matrix  interface 
generating  matrix  microcracks.  These  results  sug¬ 
gest  that,  at  room  temperature,  a  nickel  aluminide 
matrix  is  sufficiently  ductile  to  resist  cracks  intro¬ 
duced  from  fiber  breakage.  The  results  for 
AI2O3/IC-2I8  under  bending  showed  brittle  fail¬ 
ure  with  a  maximum  strain  of  le.ss  than  1%  and 
fracture  strength  of  less  than  200  MPa.  The  low 
ductility  wrs  attributed  to  the  weak  bonding 


between  the  large  ZrO^  particles  and  the  matrix 
at  the  interface,  as  discussed  above. 

Moore  et  al.  [13,  16]  have  also  found  that  the 
incorporation  of  random  alumina  fibers  in 
NijAH-B  produced  no  strengthening  and 
actually  caused  a  decrea.se  in  tensile  strength  due 
to  the  sharply  lowered  ductility  of  the  composite. 
However,  the  heat-treated  IC-218  containing  5"!) 
random  AI2O3  short  fibers  processed  by  reactive 
hot  isostutic  pressing  had  6%  elongation  at  room 
temperature  [  1 6].  SEM  fractographic  analysis  of 
the  composite  fracture  surface  showed  that 
matrix  fracture  is  mainly  transgranular,  although 
the  ductility  of  the  composite  was  low.  The  poor 
mechanical  properties  are  generally  attributed  to 
the  randomness  of  the  fiber  orientation,  fiber 
clustering,  relative  poor  bonding,  and  the  brittle- 
ne.ss  of  the  alumina  fibers.  Recently,  IC-221 
matrix  composites  reinforced  with  25  vol.%  of 
AKOj  and  TiC  particulates  produced  by  hot 
extrusion  have  shown  a  substantial  improvement 
in  specific  modulus  over  the  matrix  alloy  [15]. 

The  inferior  properties  obtained  in  the  AI2O3- 
reinforced  composites  seem  mainly  due  to  the 
poor  fabrication  processes.  The  mechanical 
properties  of  composites  are  strongly  affected  by 
their  constituents  as  well  as  processing  condi¬ 
tions.  It  is  apparent  that  the  optimum  processing 
conditions  for  incorporating  any  of  the  potential 
reinforcements  discus.sed  above  have  not  been 
developed.  A  nickel  aluminide  matrix  composite 
with  superior  performance  can  only  be  achieved 
with  controlled  microstructure  and  optimum 
interface  bonding. 

6.  Directions  and  future  outlook 

NijAl  matrix  composites  arc  promising  ma¬ 
terials  for  various  high  temperature  structural 
applications.  Hovvcver,  their  potential  has  not  yet 


Table  4  Mechanical  properties  of  nickel  aluminide  and  composites  1 1 2.  I  1 6| 


Material 

Test  temperature 
(•C, 

Yield  strerntth 
(MPai 

UTS 

(MPa; 

Strain 

n 

•  o 

Remark 

IC-218 

25 

1408 

23.5 

Asllll’cd  II50T 

AI:0,/Ni,..\I  +  B 

25 

474 

548 

i.n 

AslllPodSOO'C 

AI.o,/IC-2lS 

25 

66."? 

89.5 

3.5 

Asa  HIPcd  I  I50’C 

AI,OJIC-2iS 

25 

499 

756 

6.0 

liiPcdandhcatircaicdat  1 150 ’C 

AI;0,/IC-2IS 

600 

SI4 

849 

I.n 

As  HIPcd  ai  1 15U’C 

AI;O^IC-I5 

25 

5(10 

- 

>5 

As  hot  prc.s.scd  1 300  ’C.  landing 

AI;0,/IC-21S 

25 

- 

170-100 

<1 

As  hoi  pressed  1 250  *C.  landing 
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been  full)  explored.  Considerable  research  effort 
is  still  needed  to  address  the  scientific  and  tech¬ 
nological  issues  concerning  the  development  of 
this  novel  high  temperature  structural  composite. 
Some  of  the  critical  issues  are  summarized  as  fol¬ 
lows. 

6.  /.  Development  and  optimization  of  protening 
methods 

The  processing  techniques  for  fabricating  the 
nickel  aluminide  matrix  composites  are  in  the 
early  stages  of  development.  In  this  regard,  much 
can  be  learned  from  the  aluminum  and  titanium 
matrix  composites  which  have  been  .studied 
extensively.  Essentiallv,  all  of  the  i)roce.s.sing 
methods  used  in  the  fabrication  of  the  aluminum 
and  titanium  matrix  composites  are  adaptable  to 
the  nickel  aluminide  matrix  composites.  Due  to 
the  unique  properties  of  nickel  aluminidc.s,  the 
development  of  novel  processing  methods 
together  with  modifying  the  existing  techniques 
should  be  pursued.  Optimum  proce.ssing  condi 
tions  should  be  developed  by  concentrating  on  a 
selected  processing  approach  and  relate  the 
properties  of  the  composite  to  interfacial  and 
microstructural  features.  Hasty  judgements  based 
on  preliminary  data  to  eliminate  or  include  any 
material  or  process  should  be  discouraged, 
especially  in  view  of  the  unique  behavior  and 
rapid  advancement  of  monolithic  nickel  alumi 
nide  alloys. 

6.2.  Optimization  of  reinforcement! matrix 
interface 

It  is  well  established  that  the  interface  plays  a 
dominant  role  in  controlling  the  load  transfer  effi¬ 
ciency,  as  well  as  the  failure  behavior  of  the  com¬ 
posites.  The  understanding  of  the  interface 
reaction  product.s  and  their  growth  kinetics  arc 
nece.ssary  in  order  to  optimize  the  process  para¬ 
meters  during  fabrication  and  .service  environ 
ments.  The  selection  of  chemically  compatible 
reinforcements  is  desirable  but  is  often  unachiev 
able  during  the  service  conditions.  When  e.\ces- 
sive  reactions  occur  at  the  interface  as  in  the  ca.se 
of  SiC  and  nickel  aluminide  alloys,  a  diffusion 
barrier  is  needed.  An  efficient  diffusivin  barrier 
material  must  be  able  to  bond  well  with  the  rein 
forcement  and  matrix,  and  po.s.se.s.se.s  adequate 
strength. 

In  the  ca.se  of  nickel  aluminide.  work  per 
formed  so  far  seems  to  indicate  that  aluminum 
oxide  IS  probably  a  material  with  minimum  inter 


face  reactions.  It  is  therefore  recommended  that 
more  effort  be  concentrated  on  the  understand¬ 
ing  of  the  reactions  and  kinetics  between  AUO, 
and  various  nickel  aluminide  alloys.  The  develop¬ 
ment  of  an  A1,0,  coating  to  prevent  the  reaction 
degradation  of  continuous  B4C/B  and  SiC  fibers 
is  also  needed.  In  addition,  matrix  alloy  modifica¬ 
tions  to  promote  the  wetting  between  NijAl  and 
various  reinforcements  for  liquid  infiltration 
manufacturing  processes  are  required. 

6.3.  Development  of  new  matrix  alloys 

The  nickel  aluminides  recently  developed  are 
certainly  promising  for  .structural  applications  at 
elevated  temperatures,  yet  additional  develop¬ 
mental  work  is  needed  for  further  improving  their 
mechanical  and  metallurgical  properties.  The.se 
include;  optimize  the  microstructure  and 
properties  of  the  alloy  through  control  of  the  rela¬ 
tive  amounts  of  Al.  Cr.  Zr(Hf/;  (b;  improve  cold 
and  hot  fabricability,  ^c,  improve  the  weldability 
and  corrosion  resistance  through  control  of 
minor  alloy  additioas. 

It  must  be  noted  that  the  mechanical  property 
improvements  achieved  in  the  newer  nickel  alu¬ 
minide  alloys  should  not  be  the  only  considera¬ 
tion  in  the  .selection  and  de.sign  of  composite 
matrices  .systems.  This  is  due  to  the  fact  that  the 
properties  of  a  composite  are  often  dominated  by 
the  properties  of  the  reinforcements,  particularly 
for  continuoas  fiber-reinforced  compo.site.s.  In 
the  .selection  of  matrix  materials,  the  chemistry' 
differences  between  the  various  nickel  aluminide 
alloys  is  obviously  a  more  important  factor  in 
controlling  the  interface  reactions,  therefore,  the 
.serv  ice  life  of  the  composites. 

6.4.  Cliaraaerization  of  fraaure  and  deformation 
mechanisms 

.Mechanical  property  mcicsurements  on  a  com¬ 
posite  .system  are  e,ssential,  but  the  failure/defor¬ 
mation  mechanisms  and  fracture  modes  need  to 
be  investigated  simultaneously.  It  is  premature  to 
abandon  a  .system  ba.sed  simply  on  preliminary 
mechanical  properties  data.  It  is  felt  that  micro- 
analy.ses  .such  as  interfacial  and  micro.structural 
charjicterization  must  be  correlated  with  both 
stfitic  and  dynamic  propertic.s  in  order  to  estab¬ 
lish  the  potential  u.sefulne.ss  of  the  nickel  alumi¬ 
nide  composite  .systems.  A  dntaba.se  containing 
information  on  proce.vsing.microstructure/prop- 
erties  relationships  is  needed  for  design  and  life 
prcdictioii.s.  Particular  attention  should  be  paid  to 
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the  understanding  of  the  strength,  deformation 
mechanism,  and  failure  modes  of  the  composites 
at  elevated  temperatures. 
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Abstract 

Metal  matrix  composite  materials  which  utilize 
discontinuous-type  reinforcement  undergo  unit 
operations  associated  with  ingot,  powder  or  cast 
metal  manufacturing  in  addition  to  their  own 
unique  operations.  An  attempt  is  made  to  sum¬ 
marize  the  scope  of  operations  for  both  cast-  and 
powder-based  processing  and  identify  processing 
issues  which  cause  matrix-reinforcement  interface 
and  property  variability  •«  discontinuous  metal 
matrix  composites. 

1.  Introduction 

Of  all  the  variable  factors  contributing  to  the 
properties  of  metal  matrix  composites  (hereafter 
MMCs),  probably  the  single  most  important  one 
is  the  interface  between  the  matrix  and  the  re¬ 
inforcing  phase.  Considerable  effort  has  been 
devoted  to  interface  characterization  of  MMC 
materials.  However,  it  is  very'  difficult  to  make 
unambiguous  correlations  between  interface 
structure  and  MMC  properties  because  the  latter 
are  influenced  by  a  myriad  of  other  factors— 
many  of  them  quite  subtle— which  need  to  be 
carefully  controlled. 

It  is  from  this  perspective  that  .MMC  process¬ 
ing,  properties  and  interfaces  are  described  in  this 
paper. 

Although  several  processing  methods  have 
been  used  to  produce  MMC  (Ij.  the  focus  of  this 
paper  is  on  discontii  'lous  metal  matrix  com¬ 
posites  (hereafter  DMMCs)  which  are  reinforced 
with  whiskers,  chopped  or  milled  fibers,  or  par¬ 
ticulate  of  ceramic  materials.  Processing  of  com¬ 
mercial  DMMC  materials  generally  involvas  at 
least  two  operations— production  of  the  compo¬ 
site  material  itself  and  fabrication  of  this  com¬ 
posite  into  useful  product  forms.  Both  operations 
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can  affect  the  properties  and  intcrfacial  charac¬ 
teristics  of  the  final  material.  The  processes  used 
for  producing  composite  billets  will  be  discussed 
first.  To  facilitate  discussion,  these  processes  have 
been  subdivided  into  three  categories:  molten 
metal  processing,  powder  proce.s.sing  and  deposi¬ 
tion  processing.  Fabrication  processes  for  these 
composite  billets  will  then  be  coasidered. 

2.  Billet  processing 

2./.  Molten  metal  processing 

Of  the  three  categories,  this  one  encompasses 
the  widest  range  of  variations.  Three  papers  (2-4J 
have  reviewed  and  summarized  the  body  of 
knowledge  regarding  molten  metal  processing  of 
DMMC.  Considering  the  recent  date  of  these 
reviews,  there  is  little  value  in  paraphrasing  them. 
Instead,  we  will  provide  a  brief  description,  of 
molten  metal  proce.s.ses  that  have  been  commer¬ 
cialized  or  appear  to  be  moving  in  that  direction. 
Other  molten  metal  processes  which  have  been 
explored,  but  do  not  appear  to  offer  much  prom¬ 
ise  of  being  commercialized,  will  .simply  be  cited 
with  rather  terse  commentary. 

Conventional  casting  [2-15).  compocasting 
(16-29)  and  standard  .squeeze  casting  (30-37) 
methods  for  making  DMMC.  including  some 
interesting  hybrids,  have  all  been  thwarted  by  one 
major  problem:  the  extreme  difficulty  of  simul¬ 
taneously  obtaining  sufficient  wetting  of  the  re¬ 
inforcement  by  the  molten  matrix  metal  without 
incurring  c.xces.sivc  or  disastrous  reactivity 
between  the  components. 

Only  two  cases  of  apparent  success  in  making 
DMMC  billets  by  molten  metal  processes  without 
the  esc  of  reinforcement  preforms  arc  known  to 
the  authors.  Of  course  this  status  is  subject  to 
rapid  change. 

Magnesium  alloys  seem  to  have  an  inherent 
ability  to  adequately  wet  Al.O-,  and  SiC  reinforce¬ 
ment  [  1 4).  C(  mmercial  production  of  molten 
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metal  processed  magnesium-based  DMMC  is 
imminent.  Otherwise,  successful  production  of 
DMMC  material  b>  casting  is  dependent  on  the 
use  of  a  proprietarj'  process  for  coating  silicon 


carbide  particulate  'hereafter  SiCp,  [15].  Mechan¬ 
ical  properties  of  these  and  other  DMNfC  pro¬ 
duced  b>  less  promising  processes  are  gisen  in 
Table  1. 


TABLE  1  Mechanical  properties  of  cast/deposited  DMMC 


Matrix 

Reinforcement 

(vol.%) 

Process 

Yield 

stress 

(MPa) 

Ultimate 

stress 

(MPa) 

Hlon- 

gadon 

(%) 

Modulus  Ref. 
(GPa) 

0O6I-T6 

Tol:ai^-SiCw(17) 
Slip  cast  preform 

Squeeze  infiltration  at  100  MPa 
+c.xtr.  25:1  at  530  *C.  1  m/niin: 

HT  IH/530*C+ WO +  8^175*0 

421 

529 

4.8 

no 

50 

As  above 

As  above 

.Squeeze  infiltration  at  100  MPa 
as  cast 

— 

460 

— 

— 

50 

As  above 

0 

Squeeze  infiltration  at  100  MPa 
e.xtr.  25: 1  at  530  ‘C.  1  m/min 

274 

309 

16 

70 

50 

AS7G03(Ai-7Si  + 
0.25-0.4  Mg) 

Chopped  Nicalon 
fibers  ( 1 5) 

Compocast + squeeze  east  at 

25  MPa 

200 

— 

— 

— 

29 

As  aboVi’c 

0 

As  above 

100 

- 

- 

- 

29 

As  above 

Chopped  Nicalon 
fibers  (15) 

As  above +HT8H/540*C 
+  4H/160‘C 

225 

— 

— 

— 

29 

/\s  above 

0 

As  above 

170 

- 

- 

- 

29 

A357  casting  alloy 

SiC  particulate 
(20) 

Permanent  (steel)  mold 
east  ^  HIP 

386 

393 

— 

too 

15 

As  above 

0 

As  above 

214 

283 

- 

72 

15 

AZVI  Mg  alloy 

SiC  particulate  (20) 

Die  cast 

217 

- 

0.7 

- 

14 

As  above 

0 

As  above 

161 

- 

3 

— 

14 

2024-T4 

l42/(mALO, 
(20m.%)  ■ 

Compocast + squeeze  ca.st  at 

200  MPa 

— 

207 

0.3 

— 

21 

As  above 

16  /im  ALOj 
(20m.%) 

As  above 

— 

139 

0.4 

— 

21 

As  above 

5  rim  ALO, 

(20v.l.%) 

As  above 

— 

165 

0.5 

— 

21 

As  above 

5  fim  AI.O, 

(5  wt.%) 

As  above 

249 

345 

3.4 

— 

21 

As  above 

0 

As  above 

268 

388 

8.2 

— 

21 

Al-3  Mg 

1 25-1 80 /tm  zircon 
particles  (20  wt.'iii 

Voncx-.stirred  casting 
+ forged  20%  at  475  *C 

68 

82 

3.8 

— 

5 

As  above 

As  above 

Vortev-stirred  casting 

63 

73 

3.7 

- 

5 

As  above 

0 

Vonevstirred  casting 
•f- forged  20^iat  475  'C 

83 

166 

38.5 

— 

5 

AI-l2Si-l  Cu- 
1  N'i 

SalTil-RF  fiber 
(20)  preform 

Squeeze  infilt.  750  'C/150  MPa 
+ stabilized  J  h/235 *C 

283 

312 

— 

95.2 

46 

As  above 

0 

As  above 

210 

297 

- 

71.9 

46 

As  above 

Tofcama-x  SiCw 
(20)  preform 

As  above 

298 

384 

— 

III 

46 

Commercially 
pure  Al 

1 20 /<m.  spherical 
sand  (IS) 

Modified  sprav  roll 
i-  50^»  H.R.  +'b.5  H/500  'C 

5(K4  C.R'. + 0.5  H/500 'C 

94 

5 

S3 

As  above 

1 20  fim  wedge 
shaped  .sand  (20) 

As  abos'c 

— 

145 

3 

— 

S3 

As  above 

SO  1  wedge 
sh.apvJSiCl22i 

As  above 

— 

no 

8 

— 

S3 

As  above 

0 

As  above 

~ 

127 

- 

S3 

95 


Squeeze  infiltration,  in  its  most  successful  form 
for  MMC  production,  involves  placing  a  pre¬ 
heated  preform  of  reinforcement  into  a  preheated 
die  or  mold,  filling  the  die  with  molten  matrix 
metal,  squeezing  the  molten  metal  into  the  pre¬ 
form  using  a  hydraulic  press  with  a  preheated 
ram,  holding  the  pressure  during  solidifieation, 
releasing  the  pressure  and  ejecting  the  resulting 
composite.  This  process  typically  has  a  cycle  time 
of  a  few  minutes,  maximum.  Preforms  can  be 
made  by  stacking  fiber  bundles  or  woven  fibers, 
or  they  may  be  formed  from  whiskers  or  chopped 
fibers  by  blending  them  with  fugitive  organic 
binders  and  inorganic  binders  {e.g.  Si02).  The 
organic  binders  provide  shape-making  ability  and 
the  inorganic  binders  provide  strength  (after 
firing)  for  machining  and  handling.  Although 
other  terms,  such  as  liquid  metal  forging  [32]  and 
pressure  casting  [33],  have  been  used  to  identify 
this  process,  we  prefer  the  designation  “squeeze 
infiltration”  for  processes  which  employ  re¬ 
inforcement  preforms. 

Fukunaga  and  colleagues  [38-40],  and  others 
more  recently  [41-53],  have  examined  the 
squeeze  infiltration  process.  Several  aspects  have 
been  analyzed,  including  thermal  parameters  [38] 
elastic  deformation  and  fracture  behavior  of  pre¬ 
forms  [43],  melt  infiltration  characteristics  [43], 
heat  flow  and  solidification  [43],  critical  pres¬ 
sures  for  infiltration  [41],  interfacial  structure  [52] 
and  infiltration  kinetics  [53]. 

Squeeze  infiltration  provides  good  as-cast 
properties  but  it  may  be  limited  in  the  sizes  and 
shapes  of  product  that  can  be  produced.  Toyota 
[54]  has  commercialized  this  process  to  make 
MMC  diesel  pistons.  Representative  mechanical 
properties  of  squeeze  infiltration  produced 
DMMC  are  included  in  Table  1. 

2.2.  Powder  processing 

Powder  processing  has  been  used  to  fabricate 
materials  in  a  number  of  composite  s>  stems, 
including  Al-SiC  [55],  Al-Glass  [56],  Al-Met- 
glass  [57],  CU-B4C  [58],  Cu-Ti02  [59],  stainless 
steel-AUOj  [60],  and  tool  steel- VC  [61].  The 
techniques  used  for  producing  these  materials  are 
similar  to  those  used  for  powder  metallurgy  (PM) 
processing  of  unreinforced  materials,  they 
involve  converting  the  matrix  alloy  into  a  powder, 
blending  this  powder  with  the  reinforcing  phase 
and  consolidating  the  composite  blend  into  a 
solid  billet.  Most  matrix  alloys  can  be  converted 
quite  readily  into  powder.  Some  materials,  how¬ 


ever,  may  require  specialized  and  expensive 
conversion  techniques.  Many  titanium  alloys,  for 
example,  are  produced  using  PREP  (Plasma 
Rotating  Electrode  Process)  atomization  in  order 
to  minimize  contamination  [62]. 

The  matrix  and  reinforcing  powders  may  be 
mixed  together  using  a  variety  of  techniques, 
these  include  dry  blending  in  a  tumbler  [59],  wet 
blending  in  a  slurry  [63,  64]  or  co-milling  in  an 
attritor  [56,  65,  66].  Either  coated  [59,  64,  67]  or 
uncoated  reinforcement  may  be  used.  As  in 
powder  metallurgy,  the  ease  of  mixing  will 
depend  on  the  size  (and  size  difference)  of  the 
two  phases,  the  morphology  of  each  powder,  the 
density  difference  between  the  two  materials  and 
the  resilience  of  each  phase  [68].  In  wet  blending 
applications,  surface  chemistry  effects  may  also 
be  important  [69]. 

The  blend  of  the  matrix  and  reinforcement 
powders  is  then  outgassed  and  consolidated  using 
conventional  powder  metallurgy  techniques. 
Since  composite  powders  often  compact  less 
readily  and  densify  more  slowly  [70]  than  their 
unreinforced  counterparts,  most  DMMC  materi¬ 
als  are  consolidated  using  pressure-assisted  tech¬ 
niques  such  as  vacuum  hot  pressing  [55,  71],  hot 
isostatic  pressing  [58,  72]  and  direct  powder 
extrusion  [56,  73].  Reactive  phase  sintering  [74] 
and  reactive  phase  hot  isostatic  pressing  [75]  have 
also  been  used  for  some  materials.  A  number  of 
composites  have  been  prepared  by  conventional 
pressing  and  sintering  [59,  76],  but  these  materials 
generally  do  not  exhibit  full  theoretical  density. 

2.2.  /.  Powder  processing  of  commercial 
aluminum  -Si C  composites 

Since  powder  processing  has  been  used  to  pro¬ 
duce  such  a  variety  of  composite  materials  using  a 
variety  of  synthesis  routes,  it  would  be  futile  to  try 
to  discuss  the  processing  methods  u.sed  in  each 
system.  Rather,  it  appears  more  appropriate  to 
outline  some  of  the  processing  techniques  used  in 
one  particular  system— we  have  chosen  commer¬ 
cial  SiC-reinforced  aluminum  composites— in  the 
hope  that  this  may  illustnue  some  of  the  issues 
involved  in  processing  other  composites. 

Silicon  carbide  reinforced  aluminum  compo¬ 
sites  fabricated  using  powder  techniques  have 
been  reviewed  by  several  authors,  including  Nair 
et  al.  [55]  and  Divecha  et  al.  [77].  In  commercial 
materials,  the  reinforcement  is  generally  either 
SiC,,  having  a  size  of  approximately  3  to  5  /rm  or 
SiC  whi.skers  (SiCw )  having  a  diameter  of  approx- 
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imately  0.5  ^um.  The  matrix  material  is  frequently 
inertly-atomized  -325  mesh  powder  having  a 
composition  similar  to  wrought  6061  or  2124. 

According  to  the  patent  literature  [63, 78),  the 
aluminum  and  SiC  powders  are  blended  using  a 
slurry-based  technique  which  involves  suspend¬ 
ing  both  powders  in  an  organic  solvent  such  as 
toluene  or  alcohol.  This  solvent  may  contain  a 
polymeric  binder  such  as  polystyrene,  polyisobu¬ 
tanol  or  acrylic  res'n.  The  wet  blending  is  needed 
to  assure  complete  deagglomeration  of  the  re¬ 
inforcement,  even  though  it  may  cause  some 
degradation  of  the  reinforcement  and  may  intro¬ 
duce  organic  contaminants  into  the  material.  A 
micrograph  of  a  well-mixed  blend  is  shown  in  Fig. 
1.  Note  that  both  the  SiC  whiskers  and  the  spheri¬ 
cal  aluminum  powder  particles  appear  well  dis¬ 
persed. 

After  drying,  the  blend  is  cold  compacted  into 
a  die  and  placed  in  a  vacuum  hot-press.  The  press 
chamber  is  evacuated  to  about  25  Pa  and  heated 
to  about  430  “C  [63].  This  outgassing  treatment 
volatizes  any  remaining  additives  from  the  blend¬ 
ing  operation  and  removes  residual  moisture 
from  the  aluminum  powder  [79].  It  may,  however, 
also  change  the  mechanical  characteristics  of  the 
surface  oxides  on  the  aluminum  powder  [80]  and 
alter  the  surface  chemistry  of  the  powders. 
Organics  from  the  blending  additives  or  volatile 
alloying  elements  from  the  aluminum  powder,  for 
example,  may  deposit  on  the  SiC.  Such  deposi¬ 
tion  could  contribute  to  the  Mg  enrichment  of  the 
Al-SiC  interface  which  has  been  reported  by 
Nutt  and  Carpenter  [81].  The  degassing  cycle 
should  be  tailored  to  the  alloy  composition 


Fig.  1.  A  well-mixed  aluminum-SiC  blend  containing 
20  vol,%  SiC*.  Note  that  both  the  whiskers  and  the  alumi¬ 
num  powder  particles  appear  well  dispersed. 


becaase  the  form  of  hydrated  oxide  on  the  matrix 
particles  varies  with  composition. 

After  outgassing,  the  blend  is  heated  to  a  tem¬ 
perature  just  above  the  solidus  of  the  matrix  alloy 
and  pressed.  Consolidation,  under  pressures  of 
15  to  20  MPa  [63],  generally  results  in  billets 
having  densities  from  98%  to  100%  of  full  theo¬ 
retical  density.  The  microstructure  of  a  typical 
billet  is  shown  in  Fig.  2.  It  consists  of  discrete  alu¬ 
minum  regions  completely  embedded  in  a  con¬ 
tinuous  brittle  “cermet"  network  rich  in  SiC.  The 
aluminum-rich  regions  are  remnants  of  the  orig¬ 
inal  aluminum  powder  particles;  the  cermet 
network  is  the  remnant  of  the  tangled  SiC  exo¬ 
skeleton  which  encased  each  aluminum  particle 
in  the  blend.  The  structure  illustrates  why  many 
composites  are  fabricated  using  -325  mesh 
powder.  Billets  produced  from  fine  powders 
exhibit  a  finer  distribution  of  aluminum-rich 
regions  and  require  less  mechanical  working  to 
attain  a  uniform  reinforcement  distribution. 

2.3.  Deposition  processing 

Deposition  is  a  recent  DMMC  processing 
development.  As  such,  few  detailed  charac¬ 
terizations  of  the  structure  or  properties  of  depo¬ 
sition-produced  material  have  been  reported.  A 
low-pressure  plasma  deposition  (LPPD)  process 
is  being  developed  to  make  DMMC  [82].  Both 
matrix  and  reinforcement  are  injected  with  an 
inert  carrier  gas  into  a  plasma  jet  which  is  con¬ 
tained  in  a  low-pressure  (4-8  kPa)  chamber. 
While  entrained  in  the  high-velocity  plasma 
•Stream,  the  individual  particles  melt  or  become 
very  soft.  When  the  molten  or  softened  particles 
strike  a  substrate,  circular  splats  are  formed.  The 


Fig.  2.  Microstructure  of  an  as-pressed  2124-20  vol.%  SiCw 
billet. 
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process  continues  until  a  bulk  product  has  been 
deposited.  The  resulting  near-theoretically  dense 
composite  consists  of  a  uniform  distribution  of 
reinforcement  which  is  well  bonded  to  the  fine¬ 
grained,  rapidly-solidified  matrix.  Heat  treatment 
increases  the  density  to  100%  of  theoretical. 

Singer  and  Ozbek  [83]  have  experimented  with 
a  modification  of  the  spray  rolling  process  [84] 
(precursor  to  the  Osprey  process  [85])  which 
allows  them  to  inject  reinforcement  particulate 
into  an  atomized  stream  of  molten  matrix  metal. 
In  their  method,  a  homogeneous  mixture  of 
matrix  and  reinforcement  is  created  in  flight.  This 
homogeneous  stream  is  directed  onto  a  preheated 
moving  substrate  to  form  a  coherent  strip  consist¬ 
ing  of  uniformly  distributed  reinforcement 
embedded  in  rapidly  solidified  matrix.  After  a  hot 
roll,  anneal,  cold  roll,  re-anneal  cycle,  the  strip 
product  was  free  of  porosity.  However,  interfacial 
bonding  was  primarily  mechanical  as  illustrated 
by  the  fact  that  DMMC  made  with  spherical  par¬ 
ticulate  was  weaker  than  the  unreinforced  matrix 
while  composite  made  with  irregular  particulate 
of  the  same  material  at  about  the  same  size  was 
stronger  as  indicated  in  Table  1.  This  process  is 
being  developed  for  commercial  use  [86). 

A  wire-fed  flame  spraying  process  has  been 
used  [87]  to  build  up  a  DMMC  deposit  of  pure 
aluminum  reinforced  with  SiC  whiskers.  An  air 
cap,  which  included  a  modified  nozzle  with  two 
whisker  injection  ports,  was  attached  to  a  flame 
spray  gun  so  that  whiskers,  propelled  by  Nt  gas, 
could  be  sucked  into  the  flame  spray  by  the  nega¬ 
tive  pressure  generated  by  the  flow  of  com¬ 
pressed  oxyacetylene  fuel  gas.  Molten  aluminum 
droplets,  propelled  from  the  feed  wire  by  the 
flame  and  compressed-air  stream,  combined  with 
SiC  whiskers  to  produce  composite  preforms  in 
flight.  The  preforms  accumulated  to  form  a  rela¬ 
tively  thick  deposit  on  the  substrate.  This  deposit 
was  stripped  off  the  substrate  and  then  forged  at 
600  “C.  Five  minutes  were  required  to  build  up  a 
deposit  over  5  mm  thick  containing  13.6  voi.% 
SiC\v.  Forging  reduced  the  porosity  to  1.7  vol.% 
but  caused  whisker  breakage.  The  forged  com¬ 
posite  tensile  strength  was  90%  greater  than  the 
unreinforced  matrix  alloy  which  had  been  pro¬ 
cessed  identically. 

Since  deposition  processes  for  making  DMMC 
are  only  in  the  exploratory  stage,  it  is  difficult  to 
comment  substantively  on  ihcir  relative  merits. 
However,  under  proper  and  controlled  operating 
conditions,  these  new  processes  promise  excellent 


potential  for  producing  DMMC  with  uniformly 
dispersed  reinforcement. 

2.4.  Sources  of  interface  and  property  variability  in 
billet  processing 

There  are  miny  interdependent  variables  to 
consider  in  designin',  n  effective  DMMC  mater¬ 
ial.  Since  the  upper  bound  on  DMMC  properties 
is  established  by  the  properties  of  the  matrix  and 
reinforcement  material,  careful  selection  of  these 
components  is  necessary.  However,  the  full 
potential  uf  these  composites  cannot  be  realized 
unless  the  effectiveness  of  load  transfer  from 
matrk  to  reinforcement  is  maximized.  This  is 
only  possible  when  the  pre-selected  size  and 
shape  of  the  reinforcement  is  retained  by  the  final 
product  and  when  an  adherent  interface  is  devel¬ 
oped  between  the  reinforcement  and  matrix. 

In  the  following  sections,  the  effects  of  re¬ 
inforcement,  matrix,  and  processing  method  on 
DMMC  properties  and  interfaces  are  discussed. 

2.4.1.  Reinforcement 

Two  choices  must  be  made  regarding  re¬ 
inforcement:  one  is  the  type  of  material  and  the 
other  is  the  supplier. 

When  selecting  the  reinforcement  material,  its 
chemical  compatibility  with  the  matrix  and  the 
following  aspects  must  be  considered: 

size— diameter  and  aspect  ratio; 

shape— chopped  fiber,  whisker,  spherical  or 

irregular  particulate,  flake,  etc.; 

surface  morphology— smooth  or  corrugated 

and  rough; 

poly-  or  single-crystal; 

structural  defects— voids,  occluded  material, 
second  phases  [88, 89]; 

surface  chemistry— e.g.  Si02  or  C  on  SiC^  or 
other  residual  films; 

impurities— Si,  Na  and  Ca  in  sapphire  whiskers 
[90]; 

inherent  properties— strength,  modulus,  and 
density. 

Even  .. n  a  specific  type  has  been  selected 
[e.g.  beta  SiC^v)  reinforcement  inconsistency  will 
persist  because  many  of  the  aspects  cited  above, 
plus  contamination  from  processing  equipment 
and  feedstock  [91],  vary  among  producers. 

Most  of  the  reinforcement  variability  is  elimi¬ 
nated  once  a  particular  type  of  reinforcement  and 
its  producer  are  chosen.  However,  on  a  caution 
ary  note,  if  reinforcement  is  obtained  from  a 


98 


given  supplier  over  a  period  of  time,  it  would  be 
prudent  to  verify  that  the  reinforcement  charac¬ 
teristics  have  not  changed  as  a  result  of  process 
modifications. 

Ceramic  reinforcement  material  is  often 
coated,  generally  with  a  metal.  These  coatings  are 
applied  for  three  purposes:  (a)  to  protect  re¬ 
inforcement  from  damage  in  handling  and  from 
excessive  reaction  with  the  matrix  metal;  (b)  to 
promote  wetting;  and  (c)  to  improve  dispersibility 
prior  to  addition  to  the  matrbc.  Coatings  are 
applied  in  a  variety  of  ways  including  CVD, 
several  forms  of  PVD,  electroplating,  cementa¬ 
tion,  plasma  spraying  [1]  and  by  sol  gel  processes 
[92].  Factors  such  as  strength,  ductility,  adher¬ 
ence,  porosity,  contamination,  reactivity  and 
coating  uniformity  can  vary  substantially  with 
coating  method.  Sometimes  the  choice  of  coating 
material  dictates  the  method  of  application;  in 
other  cases,  the  coating  method  should  be  evalu¬ 
ated  in  terms  of  cost  and  performance  require¬ 
ments. 

Choice  of  coating  material  involves  compro¬ 
mises  [93]  between  cost,  wettability,  excessive 
reactivity  with  the  matrix,  and  effects  of  dissolved 
coating  material  on  the  properties  and  heat  treat¬ 
ment  responses  of  the  matrix  itself.  To  enhance 
wettability,  an  alternative  to  metallic  coatings  is  to 
coat  the  reinforcement  with  an  oxide  fluxing  com¬ 
pound  to  eliminate  the  oxide  film  often  associated 
with  molten  matrix  material  [94]. 

In  addition  to  the  coating  material  and  its 
method  of  application,  coating  thickness  is  also  a 
potential  source  of  interface  and  property  varia¬ 
bility.  Excessively  thick  coatings  may  not  permit 
effective  load  transfer  to  the  reinforcement  or 
they  may  debond  due  to  stresses  developed 
during  the  deposition  process  [95].  If  coatings  are 
too  thin,  they  may  be  abraded  off  too  easily  or 
they  may  dissolve  too  quickly  to  provide  ade¬ 
quate  protection  in  molten  matrix  metal. 

2.4.2.  Matrix  material 

Because  it  is  much  more  than  a  dispersing  glue 
in  DMMC  [96],  the  matrix  alloy  should  be  cho.sen 
only  after  giving  careful  consideration  to  its 
chemical  compatibility  with  the  reinforcement  (or 
coating),  to  its  ability  to  wet  the  reinforcement  (or 
coating),  and  to  its  own  characteristic  properties 
and  processing  behavior. 

Historically,  commercial  DMMC  producers 
have  elected  to  use  commercial  wrought  or  cast¬ 
ing  alloy  compositions  for  the  matrix  material. 


This  selection  is  understandable  but  not  neces¬ 
sarily  the  best  one.  For  example,  commercial 
wrought  alloys  generally  contain  relatively  high 
solute  concentrations.  As  a  result,  coarse,  brittle 
constituent  (intermetallic)  particles  form  during 
solidification  and,  sometimes,  during  heat  treat¬ 
ment  or  hot  working.  These  constituent  particles 
can  be  tolerated  to  a  degree  in  unreinforced 
matrix  material,  but  the  presence  of  brittle  re¬ 
inforcement  greatly  reduces  this  tolerance  in 
DMMC  material;  ductility  and  toughness  [97,  98] 
become  very  sensitive  to  additional  brittle  parti¬ 
cles.  In  fact,  the  recognition  that  brittle  inter¬ 
metallic  particles  limit  fracture  toughness  [99]  led 
to  the  development  of  “cleaner”  aluminum  alloys 
(2124  and  7475)  to  replace  the  standard  2024 
and  7075  alloys  in  toughness  critical  applications. 
Since  the  reinforcement  is  added  to  the  matrix 
metal  to  provide  added  strength  and  stiffness  for 
most  DMMC,  it  seems  unnecesary  to  sacrifice 
ductility  and  toughness  by  maintaining  the  solute 
level  used  in  commercial  unreinforced  alloys  for 
strengthening. 

Commercial  wrought  alloy  compositions  also 
include  solute  additions  to  control  grain  size.  In 
the  case  of  aluminum  alloys,  manganese  and  zir¬ 
conium  are  used  for  this  purpose.  These  elements 
combine  with  aluminum  during  elevated  temper¬ 
ature  treatments  to  form  dispersoid  particles 
which  inhibit  grain  growth.  Although  these  grain- 
growth-inhibiting  dispersoid  particles  are  not  as 
deleterious  to  toughness  as  constituent  particles, 
their  presence  is  not  required  in  DMMC  because 
me  reinforcement  itself  generally  inhibits  grain 
growth  [100]. 

One  very  crucial  issue  to  consider  in  selecting 
the  matrix  alloy  composition  involves  the  natural 
dichotomy  between  wettability  of  the  reinforce¬ 
ment  and  excessive  reactivity  with  it.  Good  load 
transfer  from  the  matrix  to  the  reinforcement 
depends  on  the  existence  of  a  strongly  adherent 
interface.  In  turn,  a  strong  interface  requires  ade¬ 
quate  wetting  of  the  reinforcement  by  the  matrix. 
However,  the  attainment  of  wetting  and  aggres¬ 
sive  reactivity  are  both  favored  by  .strong  chemi¬ 
cal  bonding  between  matrix  and  reinforcement. 
Obviously,  the  desired  compromise  permits  suffi¬ 
cient  reactivity  for  wetting  without  vigorous  reac¬ 
tion  which  can  .seriously  degrade  the 
reinforcement  [95,  101].  Adjusting  or  controlling 
chemical  composition  to  accomplish  this  delicate 
compromise  is  difficult— man>  subtleties  are 
involved.  To  illustrate  the  complexity,  several 
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examples  concerning  alloy  additions  to  aluminum 
matrix  metal  relative  to  Al-SiC  DMMC  are  item¬ 
ized  below: 

lithium  (93,  102]  and  magnesium  (20,  43,  52, 
93]  promote  wetting  and  interfacial  bonding 
without  producing  excessive  Al-SiC  reactivity; 
indium,  lead  and  thallium  (103]  reduce  the  sur¬ 
face  tension  of  molten  aluminum; 
tantalum,  vanadium,  zirconium,  titanium, 
hafnium  and  niobium  enhance  molten  alumi¬ 
num’s  ability  to  wet  SiC  but  the  extent  of  reac¬ 
tion  is  limited  to  a  thin,  stable  carbide  reaction 
product  at  the  interface  (104]; 
silver,  as  a  coating,  does  not  react  with  SiC  but 
is  readily  wetted  by  aluminum  (105]; 
gold,  copper,  and  palladium  react  relatively 
virorously  with  SiC  (105]; 
aluminum  reacts  with  SiC  to  form  AI4C3; 
silicon  additions  mitigate  the  formation  of 
AI4C3  (106-109]  without  affecting  wettability 
(106].  (Similar  alloying  effects  on  the  suppres¬ 
sion  of  interface  reaction  have  been  noted 
(110]inTi-BMMC.) 

As  a  note  to  interface  analysts,  AI4C3  reacts  with 
moisture  in  the  air  or  in  sample  polishing  media 
to  form  AUO3  (106].  Consequently,  care  should 
be  exercised  when  examining  Al-SiC  interfaces 
for  AI4C3. 

Additional  factors  to  consider  relative  to  the 
matrbt  metal  and  its  interaction  with  the  re¬ 
inforcement  are  illustrated  by  other  s /stems; 

low  concentrations  of  impurities  in  the  matrix 
can  interfere  with  matrix-reinforcement  bond¬ 
ing  (90]; 

with  oxide  reinforcement,  oxygen  in  the  matrix 
assi.sts  (20],  and  may  be  e.s.sential  (111],  to 
matrix-reinforcement  bonding; 
dissolution  of  the  reinforcement  may  affect  the 
matrix  properties  significantly  (1 12, 1 1 3]. 

These  are  just  examples  of  the  subtleties  involv¬ 
ing  the  matrix  metal,  including  its  intentional 
alloying  additions  and  the  insidious  impurities  of 
various  origins. 

2.4.3.  Billet  processing  method 
The  properties  of  most  composites  are  deter¬ 
mined  by  a  complex  interplay  between  the  inter¬ 
facial  and  microstructural  characteri.stics  of  the 
material.  Production  Of  high-strength  DMMC 
with  higli  ductility  and  toughness  such  as 
described  by  Niskanen  and  Mohn  [114]  appears 


to  require  a  strong,  high-integrity  matrix- 
reinforcement  interface  and  a  uniform  micro¬ 
structure  free  of  internal  discontinuities  which 
might  cause  premature  failure  of  the  material. 
Attaining  ore  without  the  other  is  of  limited 
value.  Accordingly,  the  processing  methods  de¬ 
veloped  for  these  materials  seek  to  balance  the 
two,  sometimes  contradictory,  requirements.  The 
primary  causes  for  failure  to  achieve  these 
requirements  during  DMMC  bilLt  production 
processes  are  discussed  here. 

A  uniform  reinforcement  distribution  is  essen¬ 
tial  to  effective  utilization  of  the  load-carrying 
capacity  of  the  reinforcement.  Non-uniform  dis¬ 
tributions  of  reinforcement  in  the  early  stages  of 
processing  tend  to  persist  to  the  final  product  in 
the  form  of  streaks  or  clusters  (47]  of  uninfiltrated 
reinforcement  with  their  attendant  porosity  (115], 
all  of  which  lower  ductility,  strength  and  tough¬ 
ness  of  the  material.  Several  sources  or  causes  of 
non-uniform  reinforcement  distributions  may  be 
identified  as  follows. 

(a)  Inadequate  deagglomeration  of  the  re¬ 
inforcement  before  mixing  with  the  matrix  mater¬ 
ial;  this  is  especially  troublesome  with  whiskers 
and  other  high-aspect-ratio  forms  of  reinforce¬ 
ment. 

(b)  Inability  to  dispense  the  reinforcement  in 
molten  matrix  metal  due  to  sedimentation  (den¬ 
sity  differences)  and  surface  tension  of  the  melt; 
this  is  a  major  reason  that  several  molten  metal 
processes  have  not  been  successful. 

(c)  Compocast  and  PM  processed  DMMC 
billets  have  inherent  non-uniform  reinforcement 
distributions  which  arise  from  the  fact  that  the 
reinforcement  is  confined  to  the  boundaries  of 
the  solid  matrix  particles.  The  nature  of  this  non- 
uniform  distribution,  shown  in  Fig.  2,  has  also 
been  revealed  in  compocast  [115],  .squeeze  cast 
(21  ]  and  hybrid  squeeze  cast  (29]  composites. 

Despite  the  importance  of  a  uniform  reinforce¬ 
ment  distribution,  too  much  exuberance  for 
achieving  this  goal  can  cause  reinforcement 
damage  or  breakage.  Stirring  (20,  26],  squeezing 
(35, 41,  43,  47]  and  blending  operations  have  all 
caused  reinforcement  breakage,  especially  when 
the  reinforcement  aspect  ratio  is  high.  Aspect 
ratios  of  whiskers  and  chopped  fibers  have  been 
reduced  by  factors  three  or  more  [35, 47]. 

It  is  appropriate  at  this  point  to  return  briefly 
to  the  issue  of  wetting  versus  excessive 
matrix-reinforcement  reactivity  as  it  relates  to 
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process  selection.  Since  interface  reactions  con¬ 
tinue  well  after  the  time  wetting  has  occurred,  the 
potential  for  a  process  to  produce  excessive  reac¬ 
tion  product  and  its  undesirable  consequences 
can  usually  be  correlated  with  time  at  higher  tem¬ 
peratures,  particularly  at  temperatures  above  the 
liquidus  of  the  matrix  material.  Assuming  the  pro¬ 
cesses  are  conducted  properlv,  the  following 
process  hierarchy  for  avoidance  of  excessive 
reaction  product  is  suggested. 

(a)  Deposition  processes,  while  employing 
high  temperatures,  involve  rapid  solidification 
and  high-temperature  matrix-reinforcement 
durations  of  milliseconds  typically. 

(b)  Squeeze  infiltration  processing  permits 
control  of  superheat  by  proper  adjustment  of  pre¬ 
form  and  tooling  temperatures  (38,  43)  while  the 
high  pressures  are  conducive  to  rapid  heat  extrac¬ 
tion;  these  factors  combine  to  hold  solidification 
durations  to  seconds. 

(c)  During  partial-liquid-phase  hot-pressing  of 
PM  billets,  temperatures  barely  exceed  the  soli¬ 
dus  but  time  at  high  temperatures  can  be  substan¬ 
tial  depending  on  pressures  and  equipment 
design. 

(d)  Conventional,  compo-  and  squeeze  casting 
all  involve  relatively  high  temperatures,  generally 
well  above  the  liquidus  (except  for  compocast- 
ing),  and  rather  extended  cooling  times. 

While  this  hierarchv  clearly  rev  eals  the  proce.ss 
of  choice  in  terms  of  interface  reactivity,  this  is  by 
no  means  the  only  basis  for  selecting  a  DMMC 
process. 

Only  recently  has  the  effect  of  reinforcement 
on  solidification  structures  become  apparent. 
There  is  now  a  convincing  body  of  evidence  [29, 
40, 43, 116]  that  reinforcement  modifies  dendrite 
structure  and  that  solute-rich  zones  engulf  the 
reinforcement  particles.  This  solute-enriched 
zone  solidifies  cutectically  to  produce  a  network 
of  brittle  intermetallics  and  brittle  reinforcement 
encompa.ssing  solute-impoverished  matrix  graias. 
This  probably  explains,  in  part  at  least,  the  billet 
structure  in  Fig.  2  and  the  observations  of  inter- 
metallic  phases  observed  in  DMMC  products 
[81,  100).  At  least  one  producer  [1 14]  has  .sought 
to  modify  the  matrix  chemistry  of  aluminum- 
based  DMMC  material  in  order  to  minimize  the 
intermetallics. 

A  final  i.s.suc  worthy  of  mention  is  contamina¬ 
tion  of  powder  processed  billets.  As  with  all  PM 
materials,  contamination  and  variability  of  both 


the  matrix  and  reinforcement  powders  is  always  a 
concern,  since  both  can  introduce  heterogeneities 
into  the  final  microstructure.  In  powder  pro¬ 
cessed  DMMC  this  problem  is  aggravated  by  the 
abrasive  reinforcement  particles  which  readily 
create  and  collect  wear  debris  during  cleaning, 
pretreating  (if  used]  and  mixing  operations.  This 
debris  is  difficult  to  detect  and  remove,  especially 
from  blends  of  reinforcement  and  matrix  parti¬ 
cles.  Enumerable  premature  DMMC  fractures 
were  traced  to  the  presence  of  debris  in  test 
samples  of  finished  product  during  the  earlier 
development  of  these  materials. 

3.  Deformation  and  thermal  processing 

Most  DMMC  billets  intended  for  engineering 
applications  receive  some  sort  of  thermal  and/or 
deformation  processing  before  use.  Like  many 
wrought  materials,  billets  processed  using  liquid- 
phase  or  partial-liquid-phase  techniques  are  fre¬ 
quently  given  a  high  temperature  homogenization 
treatment.  The  objective  of  this  treatment  is  to 
minimize  solute  concentration  gradients  in  the 
composite  without  inducing  excessive  cotirsening 
of  dispensoids,  constituent  phases  or  reaction- 
product  layers.  Because  of  differences  in  both 
billet  micro.structure  and  coarsening  kinetics, 
appropriate  homogenization  cycles  for  compo- 
.sites  may  be  quite  different  from  those  used  for 
unrcinforced  materials.  Since  ca.st  DMMC  mater¬ 
ials  exhibit  a  smaller  dendrite  .secondary  arm 
.spacing  than  unreinforced  alloys  [116],  for  exam¬ 
ple,  they  may  require  shorter  homogenization 
times.  With  appropriate  schedules,  homogeniza¬ 
tion  may  be  quite  berijficial.  Skibo  [117]  found 
that  homogenizing  2024  aluminum  matrix  com¬ 
posites  for  72  h  at  510  °C  produced  improved 
response  to  heat  treatment  and  higher  strengths. 
Similarly,  Liaw  and  Gungor  [118]  .showed  that  a 
2124-25  vol%  SiCp  DMMC  containing  copper- 
rich  eutectic  could  attain  a  SO^o  improvement  in 
ultimate  tensile  strength  through  control  of 
homogenization. 

3.  /.  Defonualion  processing 

After  homogenization,  DMMC  materials  for 
structural  applications  are  frequently  given  some 
.sort  of  def^ormation  processing.  Mo.st  SiC-re- 
inforced  aluminum  DMMC  billets  are  finst 
broken  down  by  extrusion.  This  extrusion  is  typi¬ 
cally  done  using  a  streamlined  extrusion  die  [  1  1 9] 
and  an  extrusion  ratio  of  at  least  1 0  or  20  to  1 . 
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Although  few  extrubion  temperatures  are  quoted 
in  the  open  literature,  Di\ccha  and  Fishman  [120) 
did  report  extruding  material  containing 
15vol.%SiC\v  at  480  °C.  After  extrusion,  the 
composite  may  be  fotged  or  hot  rolled  (either 
perpendicular  or  parallel  to  the  original  extrusion 
direction  [55])  into  final  shape.  Hot  rolling  tem¬ 
peratures  of  450  “C  [120]  and  427  °C  to  510  °C 
[121]  have  been  reported. 

One  of  the  major  purposes  of  deformation 
processing  is  to  impro\e  the  strength  and  ductility 
of  the  composite.  It  has  been  recognized  for  some 
time  [77,  122]  that  improving  reinforcement  dis¬ 
tribution  uniformitv  should  improve  the  strength 
and  ductility  of  DMMC  materials.  In  1982, 
Harrigan  etal.[\2\]  demonstrated  that  hot  rolling 
billets  of  SiCp-reinforced  6061  alloys  to  rolling 
reductions  of  at  least  80%  both  improved  the 
SiCp  distribution  and  dramatically  increased  the 
ductility  and  strength  of  the  materials.  Similarly, 
Nieh  and  Karlak  [123]  found  that  hot  rolling  of 
SiQv^reinforced  2024  and  606 1  alloy.s  at  27.8  °C 
above  the  solidus  temperature  of  the  matrix  pro¬ 
duced  significant  increa.ses  in  elongation,  and 
they  attributed  this  increase  to  the  increased 
uniformity  of  the  rolled  microstructure. 

Hot  working  clearly  docs  improve  the  micro- 
structural  uniformity  of  DMMC  materials.  Figure 
3  shows  the  microstructure  of  a  PM-processed 
2124-20  vol.%  SiC\v  billet  (the  same  billet  as 
that  shown  in  Fig.  2)  after  extrusion.  The  top 
photo  represents  an  L-LT  section  [124],  the  right 
photo  shows  an  L-ST  .section  and  the  left  photo 
shows  an  LT-ST  section.  Extrusion  has  largely 


Fig.  3.  Microstriiciure  of  a  2124  20v()|.'’nSiCvi  c.Mrusion. 
The  maiorial  uas  obtained  b>  c.\truding  the  billi;l  >lunvn  in 
Fig.  2  using  an  e.Mrusion  ratio  of  1 1 : 1 . 


broken  up  the  prior  SiC-rich  cermet  network  in 
the  billet,  producing  a  more  uniform  SiC  distribu 
tion.  As  in  wrought  materials,  extrusion  may  also 
help  heal  residual  porosity  and  other  defect.s  in 
the  billet  microstructurc. 

Additional  mechanical  working  can  improve 
micro.structural  uniformity  even  more.  Figure  4 
shows  the  microstructure  of  the  same  material 
after  it  was  subsequently  hot  rolled  down  to  1.8 
mm  sheet.  The  .structure  is  now  fairly  uniform. 
Figures  2  and  4  also  illustrate  why  some  compo 
sites— especially  PM-based  composites— often 
require  a  substantial  amount  of  mechanical  work¬ 
ing.  Mo.st  -  325  mesh  aluminum  powders  have  a 
mean  particle  diameter  on  the  order  of  20  /rm.  As 
shown  in  Fig.  4,  an  alumsnum-20  vol.%  SiC^^ 
composite  vv  ith  a  uniform  reinforcement  distribu¬ 
tion  has  an  interparticle  spacing  on  the  order  of  2 
/«n.  Assuming  uniform  deformation,  a  100  to  1 
extrusion  ratio  would  be  required  to  reduce  ihe 
20  nm  dimension  down  to  the  required  2  «m 
spacing. 

In  addition,  mechanical  working— especially 
extrusion— tends  to  align  whisker  and  chopped 
fiber  reinforcements  parallel  to  the  working 
direction.  This  alignment  can  .strongly  affect  the 
mechanical  properties  of  the  material.  Table  2, 
for  example,  .shows  tensile  properties  obtained  on 
two  2124T6-20  vol.%  SiCw  composites  contain¬ 
ing  different  degrees  of  whisker  orientation.  The 
corresponding  whisker  orientation  distributions 
for  the  materials  are  shown  in  Figs.  5  and  6.  Both 
composites  exhibited  the  .same  meat;  SiC\\  aspect 
ratio.  They  were  cut  from  the  same  extrusion. 


I  ig.  4.  MicroMrui-iiirc  of  .1  1.8  niin  g.mgc  hot  rolled 
2124  20  vul,".. SiC«  sheet.  Ihe  m.iten.il  ss.is  obl.iined  b> 
rolling  the  c-virusion  .shosvn  in  l-ig.  3. 
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TABLE  2  Tensile  properties  of  2124-20!4SiC«  coinposiles 


Composite  A 

Composite  B 

Long. 

Trans. 

Long. 

Trans. 

0.2%  yield  strength 
(MPa) 

517 

530 

646 

495 

Tensile  strength 
(MPa) 

652 

691 

817 

595 

Young's  modulus 
(GPa) 

116 

121 

1.30 

106 

Total  elongation  {%) 

5.0 

6.8 

3.7 

4.5 

Each  result  represents  the  mean  of  triplicate  tensile  tests. 
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Fig.  5-  SiC  whisker  orientation  distribution  observed  in 
Composite  A. 


WHISKcn  ORIENTATION 

Fig.  6,  Sic  whisker  onentation  distribution  observed  in 
Composite  B. 


hot  rolled  using  the  same  practice.s  and  given  the 
same  heat  treatment.  Composite  A,  however, 
received  a  proprietary  working  treatment  before 
rolling  to  modify  whisker  alignment. 

Deformation  may  also  crack  or  fracture  .some 
of  the  reinforcement  particles.  Wcb.ster  {125j 
cited  one  study  in  which  0.5  /<m  diameter  SiC« 
reinfoi  cement  having  an  initial  mean  length  of 


49/tm  was  blended  wnh  aluminum  powder, 
pressed  into  a  billet  and  then  extruded  using  a  16 
to  1  extrusion  ratio.  After  billet  compaction,  the 
mean  length  of  the  whiskers  was  found  to  be  33 
//m;  after  extrusion,  this  mean  length  was  reduced 
to  9  fim.  Since  the  amount  of  reinforcement 
damage  in  a  DMMC  material  is  likely  to  vaiy  with 
a  number  of  process  variables,  including  re¬ 
inforcement  content,  extrusion  schedule  and  die 
design,  these  data  should  clearly  not  be  consid¬ 
ered  typical  of  all  DMMC,  or  even  all  SiC^^ 
reinforced,  materials.  Nevertheless,  they  at  least 
illustrate  the  magnitude  of  the  problem. 

Discontinuously-reinforced  metal  matrix  com¬ 
posites  are  also  somewhat  more  difficult  to  hot 
work  than  unreinforced  materials.  At  hot  working 
temperatures,  for  example,  SiC-reinforced  alumi¬ 
num  alloys  generally  exhibit  higher  flow  stresses, 
and  sometimes  lower  elongations,  than  their 
unreinforced  counterparts  [126].  These  higher 
flow  stresses  increase  both  the  amount  of 
mechanical  energy  required  for  deformation  and 
the  local  heating  of  the  workpiece.  Accordingly, 
DMMC  materials  must  generally  be  hot  worked 
at  both  lower  strain  rates  and  lower  temperatures 
(or  with  tighter  temperature  control)  than  un¬ 
reinforced  materials  to  avoid  incipient  melting 
and  hot  cracking  problems.  Workpiece  lubrica¬ 
tion  also  appears  to  be  more  critical  for  the  com¬ 
posites. 

The  effect  of  hot  working  on  the  metal- 
reinforcement  interface  in  DMMC  materi¬ 
als  has  not  been  widely  investigated.  Most 
authors  agree  that  this  deformation  does  not  dis¬ 
rupt  the  SiC-matrix  bond  in  SiC-reinforced  alu¬ 
minum  alloys  [55j.  Indeed,  the  deformation  may 
improve  bonding  by  "smearing"  nascent  metal 
across  the  surface  of  the  reinforcement  particles. 
In  other  composite  .systems,  however,  defor¬ 
mation  may  cause  local  tearing  near  matrix- 
reinforcement  interfaces  becau.se  of  strain 
incompatibilities.  As  in  unreinforced  materials, 
the  working  is  also  likely  to  alter  the  grain  struc¬ 
ture  of  the  matrix  alloy.  In  addition,  the  elevated 
temperature  exposure  required  for  working  may 
promote  dispensoid  coarsening  and  interfacial 
reactions. 

3.2.  Heal  treatment 

After  working,  DMMC  compo.sitc.s.  particu¬ 
larly  commercial  aluminum-SiC  compo.sitc.s,  may 
be  heat  treated  to  attain  optimum  propertie.s.  The 
heat  treatment.s  u.sed  are  generally  .similar  to 
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those  used  in  unreinforced  alloys  of  similar  com¬ 
position.  Indeed,  some  investigators  have  used 
the  same  heat  treatments  for  DMMC  composites 
as  for  the  unreinforced  alloys.  Aging  kinetics  in 
DMMC  materials,  however,  are  generally  quite 
different,  and  usually  much  faster,  than  in  un¬ 
reinforced  materials  [127-132].  The  difference  is 
particularly  dramatic  for  heat  treatment 
sequences  such  as  T8  aluminum  tempers  which 
incorporate  stretching  or  other  forms  of  plastic 
deformation.  The  distribution  of  matrix  phases  in 
DMMC  materials  also  appears  to  be  more  heter¬ 
ogeneous  than  in  unreinforced  materials  (81j. 
Some  aluminum-SiC  composites,  for  example, 
exhibit  precipitation  of  phases  at  the  SiC-matrix 
interface  [8lj.  Heat  treatment  may  also  introduce 
vastly  different  residual  stresses  into  the  matrix  of 
the  composite  than  into  the  matrix  of  an  un¬ 
reinforced  alloy  [133]. 


4.  Concluding  comments 

In  this  review,  we  have  attempted  to  outline 
some  aspects  of  composite  processing  which  can 
affect  the  interfacial  and  mechanical  properties  of 
metal  matrix  composites  containing  discontinu¬ 
ous  reinforcement.  VVe  have  also  tried  to  touch  on 
some  of  the  interrelationships  between  interfaces, 
microstructures  and  mechanical  prop  irties  which 
exist  in  these  materals.  Clearlj,  the  processing  of 
these  DMMC  materials  has  not  yet  evolved  to  the 
point  where  one  can  study  the  effects  of  inter¬ 
feces  on  structure-sensitive  properties  [such  as 
tensile  properties)  without  making  detailed  refer¬ 
ence  to  tile  microstructure  of  the  composite. 

In  the  last  decade,  great  strides  have  been 
made  in  processing  of  DMMC  materials  such  as 
aluminum-SiC  composites.  In  1979,  Divecha  and 
Fishman  [120)  reported  mechanical  properties  on 
some  of  the  first  laboratory  samples  of  rolled 
2024- 1 5  vol.%  SiC^v  sheet  which  they  produced 
using  whiskers  obtained  from  Silag  Inc.  These 
properties  arc  shown  in  Table  3.  In  1988,  Nis- 
kanen  and  Mohr.  [114]  reported  mechanical 
properties  they  obtained  on  hot  rolled 
2124T6-15  vol.%  SiC\\  sheets  fabricated  using 
state-of-the-art  processing  technology  and 
current-generation  whiskers  from  Silag  [now 
Advanced  Composite  .Materials,  a  division  of 
Tateho  America).  The.se  data  are  also  shown  in 
Table  3.  The  improvement,  especially  in  ductility 
and  toughne,s.s,  is  quite  dramatic. 


TABLE  3  Tensile  properties  012124-15%  SiC,,  rolled 
sheet 


I979[\1QY 

Long. 

/9SS(II41 

Long. 

Trans. 

0.2%  yield 
strength  (MP.i) 

— 

573 

386 

Tensile  streneth 
(MPa) 

442 

718 

559 

Younit  s  modulus 
(GPa)‘ 

95.8 

114 

95 

Total  eloncation 
{%) 

0.006 

5.3 

8.5 

Fracture  tough¬ 
ness  (.\lPa-M  V-) 

— 

59 

64 

‘Matrix  alloy  actually 

2024  rather  than 

2124. 

Nevertheless,  effects  of  microstructural  vari¬ 
ables  on  the  performance  characteristics  of 
DMMC  materials,  and  the  associated  microstruc¬ 
tural  variability  of  these  materials,  are  likely  to 
remain  as  important  technical  issues  for  a  number 
of  years.  At  present,  for  researchers  who  are 
.seeking  to  reduce  the  effects  of  these  microstruc¬ 
tural  variables  on  •.omposite  behavior,  we  can 
only  offer  the  following  suggestion.s. 

[r.  Whenever  possible,  use  reinforced  materi¬ 
als  as  both  control  and  experimental  samples. 
B<*  ause  of  the  different  consolidation,  mechani¬ 
cal  working  and  heat  treatment  characteristics  of 
reinforced  and  unrcinfoiccd  materials,  it  is 
extremely  difficult  to  produce  unreinforced 
materials  which  are  metailurgicaily  equivalent  to 
the  matrix  of  the  reinforced  materials. 

(2)  Carefully  evaluate  and,  whenever  po.ssible, 
quantify  differences  in  reinforcement  distribution 
and  morphology  between  experimental  and 
control  samples.  Reinforcement  distribution  can 
often  be  a.sse.sscd  using  quantitative  micro.scopy 
[134j.  Morphology  may  have  to  be  a.ssc.ssed  by 
extracting  the  reinforcement  from  the  composite. 

(3)  Verify  that  observed  differences  in  mater¬ 
ial  behavior  cannot  be  attributed  to  unintentional 
extrinsic  factors  such  as  porosity,  reinforcement 
agglomerates,  large  constituent  particles  or  for¬ 
eign  contaminants.  Generally,  this  means  that 
bulk  material  should  be  tested  after  extrusion  or 
other  mechanical  working  and  that  all  mechanical 
testing  should  be  accompanied  by  ro.iii.ie  frac- 
tography. 

(4)  When  reporting  data  on  experimental 
composites,  try  to  report  the  date  the  material 
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was  produced  in  addition  to  the  source  and  com¬ 
position  of  this  material.  If  the  composite  was  not 
obtained  from  a  standard  commercial  source, 
also  include  a  low-magnification  micrograph 
( 100-400  x)  of  the  material.  This  information 
will  aid  in  differentiating  the  composite  from 
other  generations  of  material  having  a  .similar 
composition. 

These  suggestions  are  clearly  not  a  panacea  for 
all  of  the  problems  associated  with  studying  metal 
matrix  composites  containing  discontinuous  re¬ 
inforcement.  But  they  may  at  least  help  identify 
what  aspects  of  composite  behavior  are  due  to 
proce.ssing  limitations  rather  than  to  inherent 
metallurgical  characteristics  of  the  material. 
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Abstract 

Research  into  the  fabrication  of  intermetallic 
matrix  composites  is  presented  using  the 
h'ijAl-AhOj  system  as  the  baseline.  The  approach 
combines  reactive  sintering,  powder  injection 
molding,  and  hot  isostatic  compaction  to  form  an 
aligned  fiber  composite.  The  individual  compo¬ 
nents  to  this  process  are  described  with  example 
microstructures  and  mechanical  properties.  The 
initial  successes  and  problems  are  described.  The 
paper  concludes  with  a  description  of  the  major 
remaining  processing  challenges  in  the  fabrication 
of  intermetallic  matrix  composites. 

1.  Introduction 

Intermetallic  compounds  are  emerging  as  the 
next  generation  of  high  temperature,  oxidation- 
resistant  materials.  Among  the  intermetallic  com¬ 
pounds,  NijAl  is  the  most  popular  and  forms  the 
basis  for  our  efforts.  An  important  attribute  of 
this  compound  is  its  anomalous  thermal  harden¬ 
ing  behavior,  where  the  strength  increases  with 
temperature  up  to  approximately  800  °C.  Thus, 
alloys  based  on  NijAl  offers  a  strength  advantage 
over  other  high  temperature  alloys  at  tempera¬ 
tures  around  600  to  900  °C.  Additionally,  Ni3Al 
exhibits  advantages  in  terms  of  creep  resistance, 
stress  rupture  resistance,  and  fatigue  crack 
growth  rates  in  comparison  with  superalloys  [1]. 

In  spite  of  all  the  advantages,  the  initial  com¬ 
mercial  interest  in  NijAl  was  low  because  of  its 
intrinsic  brittleness.  However,  alloying  with  boren 
improves  the  ductility  of  NijAl;  the  addition 
of  1000  ppm  of  boron  imparts  up  to  50%  elonga¬ 
tion  at  room  temperature  in  an  otherwise  brittle 
compound  [2].  Another  concern  is  the  environ¬ 
mental  stability  of  Ni3Al  at  high  temperatures. 
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The  ductility  decreases  sharply  at  temperatures 
greater  than  600  °C  [3].  One  solution  to  this  prob¬ 
lem  is  to  add  chromium  to  the  system  [4].  Thus, 
the  advanced  nickel  aluniinides  contain  various 
alloying  additions  to  overcome  earlier  problems 
and  improve  properties. 

The  current  effort  is  directed  at  high  tempera¬ 
ture  structural  materials  fabricated  from  the  light 
weight  corrosion-resistant  high  strength  compo¬ 
sites,  via  the  use  of  intermetallic  compounds  as 
the  matrix  phase.  This  paper  reports  on  a  fabrica¬ 
tion  route  applicable  to  Ni3Al-based  composites. 
Casting  is  one  possible  route,  but  it  has  several 
problems,  especially  for  composites.  Alterna¬ 
tively,  powder  metallurgy  based  fabrication  has 
some  obvious  merits.  This  paper  presents  the 
logic  and  problems  associated  with  a  powder 
metallurgy  based  fabrication  of  an  Ni3Al  matrix 
composite  with  alumina  fibers  as  the  reinforcing 
phase. 

2.  Fabrication  logic 

The  fabrication  logic  for  the  Ni3Al-Al203 
composite  involves  three  initially  parallel  efforts. 
First,  matrix  fabrication  to  full  density  via  powder 
metallurgy  processes  is  needed.  Two  approaches 
are  available  for  this:  reactive  sintering  elemental 
powders  and  hot  isostatic  compaction  of  pre¬ 
alloyed  powders.  The  former  was  selected  for  this 
research  because  of  powder  availability, 
especially  small  particle  sizes;  there  are  fiber 
alignment  problems  with  the  coarse  pre-alloyed 
particles.  This  is  evident  in  Fig.  1  which  contrasts 
the  fracture  surfaces  of  molded  samples  using 
small  and  coarse  particles.  The  fiber  alignment  is 
superior  with  the  smaller  particle  size  matrix 
phase. 

The  second  parallel  research  effort  was  in  fiber 
incorporation  and  alignment  in  the  matrix.  For 
this  research,  powder  injection  molding  with  an 
organic  binder  was  identified  as  most  viable.  This 
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Fig.  1.  Scanning  electron  micrographs  contrasting  the  frac¬ 
ture  surfaces  for  molded  fiber-powder  composites  with 
differing  particle  sizes  (alumina  diameter  was  20  /<m  in  both 
cases);  (a)  coarse  70  /<m  powder  with  5  vol.%  alumina  fiber 
showing  poor  alignment,  and  (b)  small  5  /<m  iron  powder 
with  5  vol.%  alumina  fiber  showing  good  aligntnent. 


process  allows  incorporation  of  the  fibers  and 
powders  into  a  vi.scous  mass  that  can  be  subjected 
to  extrusion  or  injection  molding.  With  proper 
tooling  design  and  flow,  the  fibers  can  be  aligned 
in  the  molded  structure.  Fiber  alignment  is  then 
dependent  on  the  elongation  flow  of  the  mass  as  it 
undergoes  .sheai  in  passing  through  a  cios.s- 
sectional  area  change.  To  maximize  fiber  align¬ 
ment,  it  is  most  desirable  to  have  long,  thin  fibers 
with  a  low  mass.  Furthermore,  as  the  flow  \elocit> 
and  fluid  \i.scosit>  increase,  the  fiber  orientation 
improves.  The  final  fiber  alignment  depends  on 
the  flow  conditions.  Figure  2  shows  how  expand¬ 
ing  flow  leads  to  perpendicular  fiber  orientation 
while  contracting  flow  gives  longitudinal  orienta 
tion.  Ai,  a  demonstration  of  this  concept,  Fig.  3  is 
an  optical  microgi  aph  taken  from  a  molded  mix¬ 
ture  of  iron  powder  and  alumina  fibers  formed  b> 
binder-assisted  molding. 

Finall>,  it  is  evident  that  full  deiisification  is  nv>t 
possible  via  pressureless  sintering  when  reinforc¬ 
ing  ceramic  phases  are  incorporated  in  the  reac- 


'.ll,' 1 1 1, 1 1' ' 1 1  \ '  i 

I, i'll, 'I  U'/IM 


_Lii' 

expanding 

flow 


Fig.  2.  A  sketch  of  the  fiber  alignment  possibilities  using 
binder-assisted  molding  and  either  an  expanding  flow  oi 
contracting  flow  to  induce  specific  fiber  orientations  from  a 
random  mixture. 
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Fig.  .3.  An  optical  micrograph  taken  from  a  sectioned 
sample  of  iron  particles  and  alumina  fiber  showing  the  align¬ 
ment  possible  with  elongation  flow  in  the  presence  of  a  bin¬ 
der. 


tivc  sintering  mixture.  Figure  4  shows  the 
microstructure  after  reacting  a  compact  contain¬ 
ing  alumina  fibers.  The  large  porositj  is  charac¬ 
teristic  of  the  densification  restraining  effect  from 
the  fibers.  Consequent!),  a  third  research  area 
was  initiated  that  combines  the  attributes  of  hot 
isostatic  compaction  and  reactive  sintering.  B) 
this  process,  termed  reactive  hot  isostatic  pre.s.s- 
ing(RIIIP;,  full  densit)  .Ni^Al-AFOj  composites 
have  been  fabricated.  Full  density  composites 
have  also  been  fabricated  b)  convention<il  hot 
i.sostatic  compaction  of  a  pie-allo)ed  Ni,Al 
powder  mixed  with  AbO,  fibers. 
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Fig.  4.  A  metallographic  cross-section  taken  through  a  reac- 
tively  sintered  compact  containing  alumina  fibers.  In  this  case 
the  fibers  prevented  significant  densification  during  reactive 
sintering. 


TABLE  1  Pouder  characteristics 


Property 

Nickel 

Aluminum 

Vendor 

INCO 

Valimet 

Designation 

123 

H-3,  H-10,  H-15, 
H-30  and  H-90 

Powder  type 

carbonyl 

gas  atomized 

Purity  (%) 

99.99 

99.7 

FSSS  sizef/tm) 

2.8 

3,10,15.30.95 

Apparent  density  (g  cm  ‘ 

2.2 

— 

Major  impurities  (ppm) 

Ca=10 

Fe  =  30 

Fc=  1200 
volatiles  =  200 

As  detailed  in  this  paper,  there  are  problems 
remaining  with  the  overall  fabrication  approach. 
In  spite  of  these  problems,  sufficient  progress  has 
been  made  to  isolate  possible  benefits  and  key 
research  areas.  A  remaining  problem  is  with  the 
interfacial  character  of  the  composite.  Improved 
bonding  between  the  fiber  and  matrix  is  needed 
and  an  organic  binder  is  needed  that  does  not 
contaminate  the  reactive  sintering. 

3.  Experimental  materials  and  procedures 

The  research  relied  on  reactive  sintering  of  ele¬ 
mental  powders  to  form  NijAl.  The  nickel  pow¬ 
der  was  type  123  from  INCO.  Various  aluminum 
powders  were  obtained  from  Valimet,  designated 
as  H-3,  H-10,  H-15,  H-30  and  H-95  with  nomi¬ 
nal  particles  sizes  of  3,  10,  15,  30  and  95  //m. 
Table  1  gives  the  characteristics  of  these  powders 
and  Fig.  5  provides  scanning  electron  micro¬ 
graphs.  Prior  experiments  have  determined  that 
the  15  //m  aluminum  particle  size  was  optimal. 


Fig.  5.  Scaimmg  electron  micrograph  showing  the  nickel  ami 
aluminum  powders  used  in  the  reactive  sintering  e.vperi- 
mems. 


The  Stoichiometric  Ni-Al  composition  was 
formed  with  86.7%  Ni. 

Mixing  of  the  loose  powders  was  carried  out  in 
a  turbula  mixer  for  30  min.  Compaction  pres¬ 
sures  near  300  MPa  were  typically  applied  to  the 
mixed  powder,  giving  green  densities  equal  to 
70%  of  theoretical.  Reactive  sintering  was  per¬ 
formed  in  a  horizontal  laboratory  tube  furnace. 
For  vacuum  sintering  a  pressure  of  less  than  10'- 
Pa  was  typical.  The  sintering  temperature  was 
750°C,  with  a  heating  rate  of  30  K  min"'  and  a 
hold  time  of  15  min.  Figure  6  is  a  schematic  dia¬ 
gram  showing  the  general  fabrication  process  and 
key  variables. 

Chopped  Du  Pont  FP  alumina  fibers  20  /rm  in 
diameter  and  initially  40  mm  long  were  used  to 
form  the  composite  (after  mixing  the  fibers  were 
roughly  3  to  5  mm  long).  A  scanning  electron 
micrograph  of  this  fiber  is  shown  in  Fig.  7.  Addi¬ 
tionally,  -325  mesh  boron  powder  from  Cerac 
was  added  to  some  compositions  to  improve  duc¬ 
tility. 

A  pre-alloyed  nickel  aluminide  powder  wa.> 
also  used  to  provide  a  baseline  material.  The 
powder  was  produced  at  Homogeneous  Metals 
by  gas  atomization,  giving  an  average  particle  size 
of  70  fim.  As  seen  in  Fig.  8,  the  particles  w'ere 
spherical  in  shape.  The  composition  of  the  pow¬ 
der  was  7.67%  Cr,  8. 1 8%  Al,  0.80%  Zr,  0.02%  B, 
balance  Ni,  which  is  close  to  the  alloy  designated 
IC-218. 

For  fiber  orientation  in  molding,  a  low-density 
polyethylene  wax  was  selected.  The  wax  was  a 
homopolymer  designated  A6,  from  Allied,  with  a 
■softening  temperature  of  90  "C.  The  polyethylene 
wax  was  melted  and  combined  with  the  powders 
and  fibers  in  a  double  planetary  mixer  under 
vacuum  at  I30“C,  with  a  final  mixing  time  of  30 
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Fig  6  A  schematic  diagram  of  the  processing  sequence  developed  in  this  research  for  the  fabrication  of  dense  NuAI  through 
reactive  sintering  of  the  component  powders. 


Fig.  7.  A  scanning  electron  micrograph  of  the  alumina  fiber 
used  in  the  fabrication  of  the  composites. 


Fig.  8.  The  pre-alloyed  IC-218  atomized  NijAl  based 
powder. 


min.  For  injection  molding,  a  sample  of  1  kg  of 
the  IC-218  with  5  vol.%  alumina  fiber  was  mbced 
with  polyethylene  wax.  The  wax  was  initially 
melted  in  the  heated  basket  of  a  double  planetary 
mbcer,  and  the  fibers  introduced  into  the  melicd 
wax  Subsequently,  the  particles  were  added  to 
give  a  final  composition  of  66  vol.%  solids,  com¬ 
posed  of  5  vol.%  fiber.  This  mixture  was  molded 
in  a  reciprocating  screw  type  injection  molding 


machine  at  a  pressure  of  7.5  MPa  and  a  tempera¬ 
ture  of  125°C.  The  mold  produced  two  different 
types  of  tensile  bars:  one  is  shown  in  Fig.  9  as 
molded  and  after  presintering.  On  cooling,  the 
samples  were  carefully  released  from  the  mold 
and  the  tensile  bars  were  cut  from  the  gates.  The 
binder  was  thermally  removed  from  the  compacts 
by  a  wicking  treatment  where  fine  alumina  pow¬ 
der  is  used  to  soak  out  the  wax  during  heating. 


II 


I&218  +  6 -v/o.  Alumina  Fiber 
Injection  Molded 


IC-2I8  +  5  v/o  Aiumina  Fiber 
Dcbinded  and'Prc-sintercd  at  1200*C,  1  hour 

2cm 


.'ig.  9.  A  photograph  of  two  injection  molded  tensile  bars 
formed  from  the  IC-2 1 8  intermetallic  powder  with  5  vol.%  of 
alumina  fiber,  molded  with  polyethylene  wax  as  the  binder. 
The  upper  bar  is  as-molded,  while  the  lower  bar  is  debinded 
and  pre-sintered  at  1200°C  for  1  h. 


4.  Pro  cessing  routes 
4.1.  Reactive  sintering 

Reactive  sintering  of  NijAl  involves  the  forma¬ 
tion  of  a  transient  liquid  phase  [5,  6].  The  initial 
compact  is  composed  of  mixed  nickel  and  alumi¬ 
num  powders  in  the  75:25  atomic  stoichiometry 
which  are  heated  to  approximately  700  °C  where 
they  react  to  form  NijAl.  Heat  is  liberated 
because  of  the  thermodynamic  stability  of  the 
compound.  Consequently,  reactive  sintering  is 
nearly  spontaneous  once  the  liquid  forms.  The 
liquid  provides  a  capillary  force  on  the  structure 
which  leads  to  densification.  The  liquid  is  tran¬ 
sient  since  the  process  is  conducted  at  a  tempera¬ 
ture  below  the  melting  temperature  of  the 
compound,  typically  near  the  eutectic. 

Figure  10  shows  the  Ni-Al  binary  phase  dia¬ 
gram  [7,  8].  The  system  is  characterized  by  five 
intermetallic  compounds,  with  particular  interest 
in  this  study  on  Ni3Al.  For  this  system,  reactive 
sintering  near  640 ‘'C  (the  lowest  eutectic  tem¬ 
perature),  is  most  appropriate.  Nickel  and  alum¬ 
inum  powders  are  randomly  mixed  in  a 
stoichiometric  ratio.  This  mixture  is  sintered 
under  precise  conditions  of  atmosphere,  heating 
rate,  time  and  temperature.  At  the  first  eutectic 
temperature,  liquid  forms  and  rapidly  spreads 
throughout  the  structure.  The  liquid  consumes 
the  elemental  powders  and  forms  precipitated 
Ni^Al  behind  the  advancing  liquid  interface. 
Interdiffusion  of  nickel  and  aluminum  is  quite 
rapid  in  the  liquid  phase  and  the  compound  gener¬ 
ates  heat  which  further  accelerates  the  reaction.  If 


wt.%  Ni 


Fig.  10.  The  nickel-aluminum  binary  phase  diagram  [7, 8). 

the  reaction  is  controlled,  then  the  compound  will 
be  nearly  dense  and  suitable  for  containerless  hot 
isostatic  compaction  to  full  density.  Boron  is 
added  at  concentrations  up  to  O.I  wt.%  to 
improve  the  final  ductility. 

4.2.  Injection  molding  and  fiber  alignment 

Injection  molding  of  a  5  vol.%  alumina  fiber 
reinforced  nickel  aluminide  has  been  performed. 
Injection  molding  is  important  in  attaining  the 
desired  fiber  orientation  in  the  matrix  while  form¬ 
ing  complex  shapes.  Full  density  has  not  yet  been 
achieved  with  this  process,  but  it  is  expected  that 
final  densification  will  probably  involve  hot  iso¬ 
static  pressing  using  the  hot  glass  envelope  tech¬ 
nique. 

Molding  was  performed  in  various  heated  and 
chilled  die  cavities,  using  packing  pressures  up  to 
14  MPa.  No  significant  problems  were  encoun¬ 
tered  in  either  mixing  or  molding.  However,  the 
removal  of  the  polyethylene  wax  from  the  molded 
component  proved  to  be  difficult,  hence  various 
debinding  conditions  were  studied.  Initial  debind¬ 
ing  was  carried  out  on  the  mixture  without  fibers. 
Considerable  slumping  and  shape  distortion  was 
observed  when  the  binder  was  removed  without 
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any  support,  even  with  slow  heating  rates.  By 
embedding  the  compact  in  loose  alumina  powder 
(1  nm.  particle  size)  the  rate  of  binder  removal 
was  improved  by  wicking  of  the  binder  from  the 
compact  into  the  alumina  by  capillary  action.  As 
an  example  of  the  rapid  debinding  cycle,  the  pel¬ 
let  was  embedded  in  alumina  powder  and  heated 
in  dry  hydrogen  with  the  following  cycle:  1  K 
min"'  to  150°C,  hold  for  60  min,  2  K  min"'  to 
400 °C,  hold  for  120  min. 

Some  problems  with  slumping  and  shape  dis¬ 
tortion  were  encountered  when  a  mixture  of  the 
pre-alloyed  IC-218  was  prepared  without  fibers. 
However,  for  the  composite  mixture  (powder  plus 
fiber)  this  was  significantly  reduced.  The  fibers 
and  supporting  alumina  wick  provided  sufficient 
support  to  offset  the  low  viscosity  condition  dur¬ 
ing  debinding.  A  major  difficulty  was  encoun¬ 
tered  in  that  the  polyethylene  wax  binder 
contaminated  the  test  samples  and  impeded  den- 
sification  in  reactive  sintering.  This  is  a  major 
problem  that  is  being  addressed  in  our  current 
research. 

4.3.  Full  densification 

In  spite  of  near  full  densification  via  reactive 
sintering,  pores  often  form  near  the  center  of 
large  compacts  after  the  reaction,  leading  to 
reduced  mechanical  properties.  The  formation  of 
large  pores  relates  to  the  heating  conditions;  the 
liquid  first  forms  near  the  surface  and  the  reac¬ 
tion  motion  is  toward  the  center.  The  result  is  a 
void  due  to  mass  depletion  at  the  center  of  the 
compact.  It  was  hypothesized  that  the  residual 
porosity  could  be  removed  by  pressurizing  the 
compact  during  the  reaction.  This  process  is 
termed  reactive  hot  isostatic  pressing  (l^IP). 

Experiments  involving  simultaneous  reaction 
and  hot  isostatic  compaction  were  performed 
near  the  NijAl  stoichiometric  composition.  Com¬ 
pacts  were  prepared  with  and  without  boron 
additions,  and  with  either  alumina  or  yttria 
phases.  The  powder  mixtures  were  cold  isostatic- 
ally  pressed  at  208  MPa  into  rods  of  approxi¬ 
mately  20  mm  diameter  with  a  length  of  160  mm. 
The  pressed  green  density  was  approximately 
70%  of  theoretical.  These  rods  were  inserted  in 
thin  walled  stainless  steel  tubes.  The  tubes  were 
evacuated,  sealed,  and  hot  isostatically  pressed  at 
800  °C  for  30  min  at  a  pressure  of  104  MPa. 
The  heating  rate  was  10  K  min"'  to  the  max' 
mum  temperature.  To  compare  with  the  proper¬ 
ties  of  the  boron-treated  alloy,  an  undoped 


elemental  nickel-aluminum  mixture  was  fabri¬ 
cated  under  similar  conditions.  In  a  ss^parate  set 
of  experiments,  RHIP  was  performed  at  1100°C 
for  60  min  under  a  pressure  of  172  MPa. 

To  get  a  fully  densified  composite,  reactive  hot 
isostatic  pressing  was  carried  out  using  randomly 
mixed  particles.  One  composite  was  fabricated 
with  3  vol.%  of  randomly  oriented  alumina  fiber. 
In  another  experiment,  20  vol.%  of  yttria  powder 
was  incorporated  in  the  boron-treated  mixture  of 
elemental  nickel  and  aluminum  powders.  The 
reactively  hot  isostatically  pressed  composite  was 
dense  and  test  bars  machined  from  the  HIP  can 
were  mechanically  tested. 

Finally,  compacts  of  the  pre-alloyed  IC-218 
powder  were  formed  by  hot  isostatic  compaction 
with  and  without  alumina  fibers.  These  compacts 
provided  the  baseline  against  which  the  other 
fabrication  approaches  could  be  evaluated.  For 
these  samples  the  consolidation  took  place  at 
1100°Cand  172  MPa  for  1  h. 

5.  Results 

With  the  successful  development  of  reactive 
sintering  for  the  fabrication  of  Ni3Al,  some 
mechanical  property  assessments  vvere  per¬ 
formed.  Transverse  rupture  strength  and  tensile 
specimens  were  tested,  giving  strength  estimates 
of  470  MPa  (transverse  rupture)  and  230  MPa 
(tensile),  which  agree  with  the  published  values 
for  unalloyed  Ni3Al  [4,  9].  The  samples  gave 
some  ductility,  with  the  elongation  being  in  the 
range  of  1%.  The  bulk  hardness  was  52  HRA  and 
the  microhardness  was  measured  as  264  Knoop 
(100  g  load),  which  agrees  favorably  with  a  value 
of  240  measured  on  hot  isostatically  compacted 
and  extruded  pre-alloyed  powder  compact. 
Furthermore,  preliminary  oxidation  tests  on  the 
material  indicate  good  resistance  up  to  900  °C. 

The  compacts  formed  by  reactive  sintering 
were  largely  free  of  pores  and  represent  better 
comparison  specimens  with  cast  alloys.  The 
mechanical  properties  of  the  RHIP  samples  are 
listed  in  Table  2.  Also,  the  properties  of  the  pre- 
alloyed  powder  consolidated  by  hot  isostatic 
compaction  are  given  in  Table  2.  Generally,  the 
strengths  are  comparable  to  prior  reports  for  cast, 
unalloyed  Ni3Al  [10].  However,  the  ductility  with 
boron  is  lower  in  the  RHIP  material  than  in  the 
HIP  material.  The  addition  of  alumina  fibers 
increa,sed  the  yield  strength  and  decreased  the 
ductility.  The  hot  tensile  properties  (600  °C, 


113 


TABLE  2  Tensile  properties  ofRHIP  compounds  at  25  °C 


Composition 

RHIP  conditions 

Yield 

strength 

(MPa) 

Ultimate 

strength 

(MPa) 

Elongation 

(%) 

NijAi 

800 'C,  30  min,  104  MPa 

363 

0 

NijAl  +  B 

800  °C,  30  min,  104  MPa 

265 

722 

10 

NijAl  +  B/Ai^Oj 

800 “C,  30  min,  104  MPa 

474 

548 

1 

NijAl  +  B 

1100'C,60min,  172  MPa 

494 

677 

2 

NijAl  +  B 

1 1 00  °C.  60  min,  1 72  MPa  +  heat  treat  1 050  °C,  1  h  + 

800  °C,  24  li,  vacuum 

591 

827 

5 

Fig.  11.  Fracture  surfaces  for  reactively  hot  isostatic  com¬ 
pacted  NijAl  specimens  fabricated  ^a,  without  boron  and  vb, 
w-ith  boron  at  0.06  wt.%.  The  untreated  sample  has  lower 
ductility  and  intergranular  fracture. 

3x10'^  Pa)  of  the  boron-treated  Ni3Al-Al203 
were  measured.  The  yield  strength  and  the  ulti¬ 
mate  tensile  strength  were  544  and  617  MPa, 
respectively,  with  a  ductility  of  0.4%,  the  higher 
strengths  at  the  elevated  test  temperature  are 
typical  of  the  Ni3Al-type  alloys. 

Figure  11  compares  the  fracture  surfaces  for 
the  RHIP  specimens  fabricated  with  and  without 
boron  additives.  The  RHIP  Ni3Al  failed  by  an 
intergranular  mode  whereas  the  beron-treated 
RHIP  Ni3Al  displayed  a  mixed  mode  of  failure. 
This  may  be  explained  by  the  boron  distribution 


Fig.  12.  Optical  micrograph  showing  the  microstructure 
after  RHIP  processing  of  the  NijAl  matrix  com  .osite  con¬ 
taining  randomly  oriented  alumina  fibers  (3  vol.%'. 


in  the  initial  powder  mixture,  which  is  re  '’ccted  in 
the  final  RHIP  properties.  Polycrystalline  Ni3Al  is 
intrinsically  brittle,  yet  the  addition  of  boron 
results  in  a  ductility  increase  [4,  10).  Uniform 
segregation  of  boron  to  the  grain  boundaries 
results  in  improved  ductility  in  cast  and  pre¬ 
alloyed  powder  products.  In  the  RHIP  product, 
the  boron  is  initially  inhomogeneously  distri¬ 
buted.  The  short  processing  time  does  not  allow 
the  boron  to  enter  solution  and  attain  a  uniform 
distribution  along  the  grain  boundaries  during 
cooling.  Instead,  there  are  local  areas  rich  in 
boron  which  contribute  to  the  ductility,  whereas 
other  areas  fracture  intergranularly.  This  exp'.a'ns 
the  mixed  mode  of  fracture  shown  by  thv  *  - 

treated  NiyAl  samples. 

The  presence  of  either  the  yttria  particles  or 
the  alumina  fibers  sharply  reduced  the  d  >  tiiity  of 
both  the  RHIP  and  hot  isostatically  compacted 
pre-alloyed  materials.  The  samples  were  fully 
densified,  as  illustrated  in  Fig.  12  for  the  Ni3Al 
containing  alumina.  Note  that  the  alumina  fibers 
were  not  aligned.  Both  ceramic  pha.ses  increased 
the  RHIP  yield  strength  to  .some  extent,  but  not 
the  HIP  pre-alloyed.  The  randomly  aligned  fibers 
were  poorly  bonded  to  the  matrix  and  initiated 
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failure  at  low  strains.  Figure  13  shows  a  scanning 
electron  micrograph  of  the  fracture  surface  of  the 
alumina-fiber  containing  sample. 

The  optical  micrograph  of  the  RHIP  boron 
treated  NijAl  shown  in  Fig.  14  displays  no 
retained  porosity.  However,  there  are  areas  of  a 
second  phase  which  is  aluminum-rich.  This  phase 
can  be  partially  removed  by  high  temperature 
heal  treatment,  resulting  in  improved  strength  as 
illustrated  in  Table  2.  The  heat  treatment  has  not 
been  optimized.  We  suspect  that  these  aluminum- 
rich  regions  result  from  the  short  duration  of  the 
liquid  during  RHIP.  The  applied  pressure 
removes  the  residual  porosity,  but  also  causes  the 
aluminum-rich  liquid  to  Ho  -  into  pores,  leaving  a 
nonhomogeneous  microstructure. 

6.  Discussion 

The  '  eactivity  of  the  nickel  and  aluminum 
powders  results  in  relatively  high  sintered  densi- 


Fig.  13.  Scanning  eleciron  micrograph  of  the  fracture  sur¬ 
face  of  the  NijAI-AUOj  composite  fabricated  by  reactive  hot 
isostatic  compaction. 


Fig.  1 4.  An  optical  micrograph  of  the  reactive  hot  isostatic- 
ally  compacted  NijAl  treated  with  boron,  but  not  subjected 
to  heat  treatment  after  reacting. 


ties  (97%  of  theoretical)  with  low  apparent  sinter¬ 
ing  temperatures  (the  reaction  can  be  initiated  as 
low  as  550°C)  and  short  sintering  times.  The  high 
final  density  results  from  the  presence  of  a  liquid 
during  a  portion  of  the  sintering  cycle.  Any  pro¬ 
cessing  conditions  which  influence  the  reaction 
between  the  constituent  powd  will  alter  the 
amount  of  liquid,  length  of  .  .  .  ^  liquid  is 

present,  and  its  distribution  i  i  h "  ■  . .  v  (Structure. 
In  transient  liquid-piiasc  >*.  liquid 

quantity,  distribution  ;mc.  .ar  .‘1  .ate  the 
final  sintered  density  and  mec.  a  -al  properties 
[11-13].  The  role  of  the  various  .process  param¬ 
eters  can  be  explained  in  terms  r;  their  effects  on 
the  liquid-phase  formation  and  iDutior.  dur¬ 

ing  sintering. 

Control  of  the  processing  coi.  iiions  and  par¬ 
ticle  sizes  of  the  elemental  pow.lers  allows  the 
intermetallic  compound  to  be  synthesized  at  tem¬ 
peratures  less  than  he.  of  its  melting  point 
(1385°C)  and  in  times  less  than  15  min.  This  suc¬ 
cess  can  be  attributed  to  the  following  factors:  ( 1 ) 
the  reaction  is  exothermic  and  spontaneous  once 
initiated,  due  to  the  heat  liberated  .n  forming 
NijAl;  (2)  the  proper  particle  size  ratio  of  the  ele¬ 
mental  nickel  and  aluminum  powders  ensures 
that  an  interconnected  network  of  liquid  can  form 
during  the  reactive  sintering  process;  (3)  rapid 
heating  minimizes  solid-state  interdiffu  ion  which 
inhibits  the  reaction;  and  (4)  sintering  in  vacuum 
prevents  heal  io  .5  and  gas  entrapment  within  the 
pores. 

A  liquid  is  formed  by  heating  mixed  elemental 
powders  through  the  lowest  eutectic  temperature 
in  the  Ni-Al  phase  diagram  (at  640  °C).  This  alu¬ 
minum-rich  liquid  reacts  with  the  nickel  and 
generates  heat  which  melts  (within  seconds)  the 
remaining  aluminum.  Under  proper  conditions, 
densification  and  compound  formation  occurs 
simultaneously. 

In  injection  molding,  major  problems  were 
associated  with  removal  of  the  binder  after  mold¬ 
ing.  The  interparticle  friction  is  a  key  to  dimen¬ 
sional  control  during  the  debinding  process.  A 
major  problem  was  slumping  which  occurred 
with  the  coaise  .spherical  pre-alloyed  powder 
during  binder  removal.  Fiber  additions  and 
embedding  in  alumina  greatly  increased  the 
re.si.stance  to  distortion,  allowing  rapid  debinding 
by  wicking  with  shape  retention.  Samples  formed 
from  the  composite  were  succe.s.sfully  proce.ssed 
using  embedding  alumiut?  and  slow'  heating  rates. 
With  a  higher  volume  fraction  of  alumina  fibers 
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the  system  will  be  stiffer  during  debinding  and 
distortion  will  be  minimized. 

Reactive  hot  isostatic  compaction  gives  near 
full  density  Ni3Al  from  inexpensive  elemental 
powders.  The  product  strength  is  comparable 
with  previous  reports  for  wrought  Ni^Al.  Further 
efforts  are  needed  to  optimize  the  microstructure 
(fiber  alignment  and  homog.”ieity).  Howevei,  a 
major  benefit  is  that  composuional  variations  can 
be  explored  rapidly  by  this  route.  Furthermore, 
processing  temperatures  are  low  and  times  are 
short.  This  may  be  of  most  benefit  in  the  fabrica¬ 
tion  of  high-performance  composites  since  the 
small  particles  (5-8  pim  in  this  case)  needed  L 
fiber  alignment  are  available  in  the  elemental 
powders. 

1  he  future  activities  m.ist  focus  on  some  key 
issues  as  isolated  by  thi-  research.  First,  fiber 
alignment  techniques  have  been  mastered  based 
on  u: of  binder-assisted  molding.  Ui.fortunately, 
the  reactivity  of  the  compacts  is  degraded  by 
residual  binder  ivhen  the  reaction  begins.  A  new 
bmder  is  needed  to  provide  the  lubrication  and 
flow  characteristics  for  fiber  alignment,  while 
simultaneously  not  contaminating  the  interfaces 
in  the  mixture.  When  this  problem  is  cured, 
then  debinding  can  occur  at  temperatures  below 
the  initiation  temperature  for  reactive  hot  iso¬ 
static  pressing.  Finally,  then,  specific  attention 
can  be  addressed  to  improving  the  final  micro¬ 
structure,  boron  distribution,  and  interfacial 
quality  b -.tween  the  fiber  and  matrbc.  An  alterna¬ 
tive  '■.ised  on  small  particles  of  pre-alloyed  NijAl 
consolidated  by  hot  isostatic  compaction  is  also 
possible.  The  fibers  could  be  aligned  in  processing 
and  full  densification  attained  by  the  simultane¬ 
ous  pressure  and  sintering  cycle. 

7.  Conclusions 

This  paper  describes  the  initial  progress  in 
applying  low  temperature  reactive  sintering  to  the 
fabrication  of  Ni3Al-Al203  composites  using 
mixed  elemental  powders.  Full  densification  is 
possible  through  appropriate  .selection  of  particle 
sizes,  composition,  heating  rate,  consolidation 
pressure,  temperature,  and  hold  time,  Densifica¬ 
tion  depends  on  the  amount  of  liquid  formed  at 
the  first  eutectic  temperature  and  the  connectivity 
of  this  liquid  during  the  reaction.  In  this  sense, 
reactive  sinter'og  analoi'of.s  to  tmasient  liquid- 
phase  sintering.  Since  the  liquid  persists  for  only  a 
short  time,  it  is  important  that  the  several  process 


parameters  be  carefully  controlled  to  optimize 
the  sintered  density.  By  reacting  the  material 
under  an  applied  stress,  reactive  hot  isostatic 
compaction,  full  density  composites  have  been 
fabricated  from  simple  elemental  powder  blends. 

The  process  outlined  in  this  paper  for  forming 
intermetallic  matrix  composites  may  have  general 
applica'  ility  to  other  systems.  Elemental  powders 
are  relatively  inexpensive,  widely  available,  easily 
mixed  to  adjust  composition,  can  be  alloyed  using 
other  additives,  and  are  easily  compacted.  The 
low  processing  temperature  contributes  to  the 
novel  nature  of  the  final  mak.ial.  Consider  the 
relatively  low  proces.‘;ing  temperatures  that  are 
being  applied  to  the  f  .orication  of  high  tempera¬ 
ture  materials.  The  total  processing  time  is  short 
and  the  product  is  dense  with  good  strength  and 
ductility.  By  performing  the  reactive  sintering 
process  under  an  imposed  external  stress  via  hot 
isostatic  compaction,  full  density  composites  have 
been  fabricated.  The  remaining  challenge  will  be 
to  combine  fiber  alignment  v  ia  injection  molding 
with  the  reactive  hot  isostatic  compaction  pro¬ 
cess.  This  requires  attention  to  the  development 
of  new  binders  and  interfacial  strengthening 
agents. 
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Abstract 

Reaction  bonded  ceramic  matrix  composites 
offer  the  potential  of  improved,  reliable  high  tem¬ 
perature  properties  with  near  net-shape  processing. 
Reaction  bonded  CMCs  consolidate  by  filling  the 
void  space  within  the  green  part  with  reaction 
product,  rather  than  shrinking  as  occurs  during 
conventional  sintering,  so  sintering  aids  are  not 
required  to  relieve  stresses  through  particlelrein- 
forcement  rearrangements.  The  absence  of  sinter¬ 
ing  aids  in  the  grain  boundaries  gives  superior  high 
temperature  and  corrosion  properties.  Even 
though  processing  temperatures  are  lower  than 
those  used  in  conventional  sintering  processes, 
times  are  long  and  the  internal  atmosphere  is 
active  with  respect  to  the  reinforcement  phase.  It  is 
particularly  critical  to  avoid  degrading  the  load- 
bearing  reinforcements  or  their  protective  coatings 
in  the  porous,  low  modulus  matrices.  Recently 
developed  high  strength,  oxidation  resistant,  reac¬ 
tion  bonded  SijN^  that  reacts  to  completion  in 
unusually  short,  low  temperature  nitriding  cycles, 
makes  these  composites  feasible  for  the  first  time. 

1.  Introduction 

Recently,  the  perfection  of  ceramic  materials 
has  been  improved  dramatically  as  researchers 
have  sought  means  of  improving  property  values 
and  making  parts  with  adequate  levels  of  relia¬ 
bility.  This  research  has  focused  on  eliminating 
defects  th  "gh  the  use  of  improved  powders  and 
processing  techniques  [1].  Strengths  exceeding 
700  MPa  with  low  fracture  toughness  materials 
(/C,c "  2.0-3.0  MPa  m'”)  are  being  reported, 
indicating  the  achievement  of  very  high  levels  of 
microstructural  and  surface  perfection. 
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Although  dramatic,  these  strength  levels  can¬ 
not  be  approached  as  design  stresses.  Even  pre¬ 
suming  that  parts  could  be  reliably  made  with 
maximum  flaw  dimensions  limited  to  5-15  /tm,  it 
is  unlikely  that  this  level  of  perfection  would  be 
retained  when  parts  were  subjected  to  normal 
impacts  and  chemically  active  environments. 
Thus,  strength  and  reliability  remain  compro¬ 
mised  by  service  exposures,  even  though  we  have 
now  learned  enough  about  processing  to  make 
defect-free  parts  in  many  cases.  Attaining  higher 
fracture  toughness  values  is  the  key  for  achieving 
adequate  reliability  with  ceramic  parts  used  at 
high  stress  levels. 

Significantly  improved  toughness  values  in 
monolithic  ceramics,  like  Si3N4  and  ZrOj  based 
materials,  have  been  achieved  by  materials  scien¬ 
tists.  Although  values  have  been  improved 
for  these  ceramics  when  used  at  low  to  moderate 
temperatures,  there  have  been  no  solutions  that 
apply  for  high  temperature  applications.  The 
metastable  phases  responsible  for  the  high  tough¬ 
ness  values  in  the  ZrO,  based  materials  are  lost 
with  exposures  to  even  moderate  temperatures 
(500-600  'C)  (2).  High  fracture  toughness  values 
are  achieved  in  Si3N4  by  optimizing  the  alpha/ 
beta  ratio  in  high  density  materials  [3,  4]  that 
employ  large  quantities  of  liquid-phase  sintering 
aids,  typically  these  sintering  aids  limit  the 
service  temperature  to  a  maximum  of  1200  “C. 
All  of  the  more  refractory  monolithic  materials, 
such  as  SiC,  have  fracture  toughness  values 
(/C,(-=  2.3-3.5  MPa  m' '-)  that  make  them  so  sen- 
.sitive  to  damage  incurred  during  service  that 
design  stresses  must  be  limited  to  levels  far  below 
the  strengths  of  defect-free,  as-processed 
samples. 

Composites  repre.sent  an  important  opportu¬ 
nity  for  improving  the  toughne.ss  and  reducing  the 
flaw  sensitivity  of  ceramic  materials  used  at  tem¬ 
peratures  ranging  from  low  to  high  values.  Figure 
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FURTHER  MATRIX 
FRACTURE/CRACKl 


TENSILE  STRAIN 


Fig.  1.  Ideal  stress-btram  behavior  of  ceramic  matrix  com¬ 
posite  reinforced  unidiik..tionall>  with  long,  weakly  bonded 
fibers  [5l  BMC  denotes  before  matrix  cracking  and  AMC 
after  matrix  cracking  regions  of  the  stress-strain  curve. 

1  is  an  idealized  stress-strain  curve  [5]  for  a  uni- 
directionally  reinforced,  uniaxially  loaded 
ceramic  matrix  composite.  The  toughening  repre¬ 
sented  by  the  area  under  this  idealized 
stress-strain  curve  has  in  fact  been  observed  in 
many  cases.  Significantly  increased  fracture 
toughness  values  have  also  been  observed  with 
random,  short  fiber  reinforced  crystalline-  and 
glass-phase  ceramic  matrices  (6,  7].  Toughening 
in  these  ceramic  matrix  composites  (CMCs) 
results  primarily  from  a  combination  of  matrix 
microcracking  and  crack  deflection  with  short 
fiber  and  whisker  reinforcements  and  a  combina¬ 
tion  of  fiber  pull-out  and  crack  bridging  mechan¬ 
isms  with  continuous  or  long  fiber  reinforcements 
[8,  9].  Tough  composite  ceramics  are  tolerant  of 
overstrains,  they  can  be  made  insensitive  to 
matrix  flaw  size,  and  they  are  resistant  to  impact, 
machining  and  thermal  shock  damage.  Properly 
designed  composites  should  extend  u.seful 
properties  to  very  high  temperatures. 

Ceramic  composites  based  on  cry.stalline 
matrices  have  not  achieved  the  same  level  of 
improvement  as  those  based  on  glass  matrices  [61- 
Although  these  crystalline-matrix  composite 
materials  should  exhibit  superior  mechanical  and 
thermodynamically  controlled  properties,  pro¬ 
cessing  issues  have  n:  ’de  it  virtually  impo.ssibie  to 
fabricate  high  density  parts  without  resorting  to 
combinations  of  liquid-phase  sintering  mechan¬ 
isms,  high  consolidation  pressures  and  high  pro¬ 
cessing  temperatures. 

Shrinkage  of  the  matrix  around  the  rigid, 
dimensionally  stable  fibers  is  a  persistent,  funda¬ 


mental  problem  for  crystalline  matrix  composites. 
Stresses  that  result  can  arrest  the  densification 
process  and/or  cause  cracks  to  form  in  the  matrix 
[lOj.  Stresses  have  been  relieved  by  using  liquid- 
phase  sintering  aids  that  permit  rearrangement  of 
powder  particles,  a  feature  that  severely  limits 
service  temperature  levels.  With  or  without 
liquid-phase  sintering  aids,  most  researchers  have 
resorted  to  hot  pressing  or  HIPing  to  achieve  high 
densities.  These  pressure-induced  densification 
processes  are  costly,  cannot  easily  produce  com¬ 
plex  shapes,  and  do  not  provide  precise  dimen¬ 
sional  control;  also,  the  high  pressures  frequently 
damage  the  fibers. 

Reaction  bonding,  or  either  reaction  sintering 
or  reaction  forming  as  the  process  is  sometimes 
called,  circumvents  these  issues  that  have 
remained  primary  obstacles  to  successful  applica¬ 
tion  of  crystalline  matrix  composites.  Reaction 
bonding  is  particularly  applicable  for  cases  w'here 
net  shape  formation  and  high  temperature  capa¬ 
bilities  are  important.  In  the  most  highly 
developed  reaction  bonded  material,  a  green 
body  made  from  silicon  powder  is  nitrided  to 
form  a  reaction  bonded  silicon  nitride  (RBSN) 
part.  Consolidation  in  the  net  shape  fabrication 
process  occurs  by  filling  the  void  space  between 
silicon  particles  with  the  Si3N4  reaction  product. 
Reaction  bonding  of  silicon  carbide  (RBSC)  is 
also  an  established  process.  Other  reaction 
formed  borides,  carbides,  nitrides,  oxides  and  sili- 
cides  can  be  contemplated.  Two  important 
advantages  of  this  type  of  process  for  crystalline 
CMCs  are  the  absences  of  both  shrinkage  during 
reaction  bonding,  and  liquid-phase  sintering  aids. 

2.  Reaction  bonded  ceramic  matrix  composites 

2  /.  General  background 

Research  with  reaction  bonded  ceramic  matrix 
composites  has  been  limited  despite  their  poten¬ 
tial  advantages.  Low  strength  and  only  moderate 
resistance  to  internal  oxidation  have  been  the 
principal  .sources  of  hesitancj  about  using  this 
matrix  material  for  CMCs.  Fortunately  there  is 
important  related  re.search  with  SiC  fiber  rein¬ 
forced  hot  pres.sed  and  sintered  SijN..  iHPSN  and 
SSN)  that  defines  both  the  potential  as  well  as 
difficulties  that  can  be  anticipated  with  the 
RBSN/SiC  compo.sites  [7,  11,  12].  The  be.st 
HPSN  matrix  samples  used  short,  randomly 
oriented,  small  diameter  whisker  type  fibers  while 
the  most  successful  RBSN  matrix  samples 
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employed  large  diameter,  unidirectional,  continu¬ 
ous  fibers  made  by  the  CVD  technique. 

In  the  United  States,  research  with  reaction 
bonded  matrices  has  beer  done  primarily  at 
Georgia  Tech,  Los  Alamos  National  Laboratory, 
MIT,  NASA-Lewis,  Norton  Co.  and  Rutgers  Uni¬ 
versity.  These  studies  have  used  RBSN  matrices 
in  combination  with  SiC  fibers  or  whiskers  as 
reinforcements  because  of  the  modulus  differen¬ 
tial  and  probable  thermal  expansion  coefficient 
and  thermodynamic  compatibilities  up  to 
« 1450  “C.  Recently,  there  has  been  some 
interest  in  sintered  or  HIPed  reaction  bonded  sili¬ 
con  nitride  matrices  that  add  a  sintering  aid  for 
Si3N4  to  the  silicon/reinforcement  mixture  [13, 
14].  After  the  silicon  powder  is  nitrided,  parts  are 
densified  with  normal  Si3N4  densification  heat 
treatments.  These  latter  processes  may  achieve 
superior  dimensional  control  through  reduced 
shrinkage,  but  the  resulting  parts  will  not  enjoy 
any  advantages  with  respect  to  their  high  tem¬ 
perature  properties  or  in  terms  of  other  charac¬ 
teristics,  like  corrosion  resistance,  that  are 
dominated  by  grain  boundary  phases. 

Very  significantly  improved  fracture  toughness 
levels  (up  to  12.5  MPa  m''-)  were  achieved  using 
uncoated  VLS  SiC  whiskers  to  reinforce  HPSN 
[7]  in  one  of  the  first  investigations  of  the  Si3N4/ 
SiC  CMC  system.  Demonstrating  values  that 
are  approximately  twice  the  levels  normally  mea¬ 
sured  for  highly  optimized  HPSN,  clearly  indi¬ 
cates  that  this  ceramic  composite  system  has 
merit.  More  recent  studies  with  the  same  type  of 
composite  materials  have  also  demonstrated 
difficulties  that  are  inherent  to  these  high  modu¬ 
lus,  high  temperature  materials.  I’sing  rice  hull 
derived  whiskers  in  HPSN  [10]  ".ave  maximum 
Kxq  values  (up  to  6.5  MPa  m"*)  that  are  le.ss  than 
state-of-the-art  levels  [3,  4]  for  HPSN  (up  to  8.9 
MPa  m'^-).  Using  a  different  (unspecified  process) 
SiC  whisker  in  sintered  SisNj  (SSN),  other 
authors  [12]  ob.served  only  degraded  tougline.ss 
and  strength  values.  Creep  rates  for  1200  *C 
observed  for  similar  CMCs  were  unimproved  or 
degraded  by  SiC  whisker  additions,  effects  that 
were  attributed  to  liquid-phase  in  the  grain 
boundaries  [15, 16].  It  is  likely  that  the  differences 
between  the  initial  and  the  latter  re.sult.s  ari.se 
largely  from  the  strengths  of  the  reinforcement 
fibers  that  were  used:  however,  other  factors  such 
as  purity  of  the  con.stituent  materials  and  amount 
of  sintering  aid  would  certainly  play  important 
roles.  This  first  result  should  be  viewed  as  an 


indication  of  the  property  levels  that  are  acces¬ 
sible  with  RBSN/SiC  composites  if  they  are  pro¬ 
cessed  correctly.  Further  improvements  will 
almost  certainly  be  achieved  with  optimizations 
of  the  fiber-matrix  bonding,  the  fiber  architec¬ 
ture,  and  processing  details. 

The  RBSN/SiC  composite  system  introduces 
several  additional  issues  that  must  be  resolved 
successfully  in  making  these  materials.  Pores 
throughout  the  RBSN  matrix  must  remain  open 
and  connected  with  the  ambient  atmosphere  to 
achieve  complete  nitridation  of  interior  regions, 
but  must  close  off  quickly  to  prevent  internal  oxi¬ 
dation.  One  important  consequence  of  the  rela¬ 
tively  high  matrix  porosity  levels  is  that  loads  are 
largely  carried  by  the  SiC  fibers  since  the  matrix’s 
modulus  of  elasticity  decreases  (rates  varying 
between  linear  and  exponential)  with  increasing 
porosity.  Consequently,  it  is  critical  that  the  fibers 
and  their  coatings  not  be  degraded  appreciably 
either  by  the  nitriding  process  or  by  service  expo¬ 
sures.  The  absence  of  matrix  shrinkage  makes  it 
especially  important  to  achieve  defect-free  green 
microstructures  since  no  void-filling  rearrange¬ 
ments  occur  during  consolidation.  Historically, 
the  low  density  levels  have  also  resulted  in  poor 
matrix  strength  and  uncertain  resistance  to  oxy¬ 
gen  penetration  to  the  matrix-fiber  interfacial 
region.  While  nitriding  is  undertaken  at  tempera¬ 
tures  as  much  as  400  °C  below  hot  pressing  or 
sintering  temperatures  used  for  Si3N4  (typically 
1650-1800  °C),  the  times  are  long  (up  to  200  h) 
and  the  atmospheres  are  chemically  active  [17J. 
The  fibers  and  their  coatings  have  proven  vulner¬ 
able  to  interactions  with  the  silicon  particles,  at 
least  during  the  initial  .stages  of  the  nitriding  pro¬ 
cess.  Despite  these  additional  problems,  the 
initial  results  with  RBSN/SiC  CMCs  are  very 
promising  and  they  provide  clear  directions  for 
future  research. 

12.  Rcsulls  mill  RBSX/SiC  composites 
Two  of  the  most  thorough  investigations  of 
RBSN'/SiC  CMCs  were  undertaken  simultane- 
ou.sly  and  independently  by  NASA-Levvis 
[18-21]  and  the  Norton  Co.  [22-24].  The.sc  pro¬ 
grams  initially  focused  on  the  u.se  r)f  the  large 
diameter  dibout  144  CVD  SiC  fibers  pro¬ 
duced  by  the  AVCO  Co.  These  fibers  were 
.selected  because  of  their  high  strength,  thermo¬ 
dynamic  stability  and  low  siirfate-to-volume 
ratio.  Unidirectional  and  cro.s.s-ply  composites 
were  made  by  hand  layup  and  pressing.  Using 
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unidirectional  as-received,  SCS-6  tvpe  SiC  fibers 
that  had  coatings  about  2-4  /<ni  thick,  with  a  vari 
able  Si/C  ratio  on  top  of  an  amorphous  carbon 
layer,  NASA  achieved  very  impressive  improve 
ments  relative  to  the  values  laeasured  for  mono¬ 
lithic  RBSN  made  from  the  silicon  powders  used 
in  this  studv.  Ultimate  flexural  surface  stress  at 
failure  '3  and  4  point  loading)  increased  up  to  9.5 
times,  the  flexural  stress  at  which  the  matrix  first 
cracked  increased  up  to  2.7  times,  and  the  fail¬ 
ures  were  not  brittle,  even  in  tension.  Thermal 
shocki.ig  bj  quenching  from  1 200  “C  into  water 
had  no  effect  on  room  temperature  properties. 
Work  of  fracture  values  for  the  Norton  compos¬ 
ites  improved  10-20  times  iclative  to  monolithic 
RBSN;  otherwise,  the  results  were  similar  to 
those  reported  b>  NASA.  Properties  generally 
improved  with  increasing  volume  fraction  of  the 
fibers. 

Microstructura!  analysis  indicated  that 
debonding  during  fracture  occurred  by  splitting 
along  the  carbon  rich  coating-matrix  interfaces. 
Hence,  the  dc.elopment  of  reduced  nitriding 
schedules  through  the  use  of  small,  high  purity 
silicon  powders  was  one  of  the  important  accom¬ 
plishments  of  both  research  programs;  NASA 
showed  that  properties  degraded  with  longer 
time  and  higher -temperature  nitriding  schedules 
and  with  thinner  coatings  on  the  fibers.  The 
mechanisms  responsible  for  the  degradation  were 
not  completely  identified,  but  increasing  bond 
strengths  between  the  fiber  and  matrix  appear 
likely. 

Cross-plied  laminates  made  at  NASA  also 
showed  great  promise.  The  strains  at  first  matrix 
failure  were  unchanged  from  the  unidirectional 
composites,  indicating  that  the  same  level  of 
matrix  perfection  had  been  achieved  with  the 
more  complex  architectures.  Because  the  modu 
lus  was  reduced,  the  strength  at  first  matrix  crack 
ing  was  lower  for  the  cro.ss-plied  composite,  as 
was  the  ultimate  strength.  N-\S.\  indicated  that 
improved  propert'^.^  in  cro.vs-plied  compo.sites 
would  crmc  from  improved  matrix  strength  and 
fiber-mat.  ix  bonding;  we  would  also  suggest  the 
iLsc  of  .smaller  diameter  fibens. 

No  transverse  or  shear  data  were  reported  for 
cither  RBSN  .study.  It  is  likely  that  the  lransver.se 
and  shear  strengths  of  the  unidirectional  RBSN 
composites  akso  would  be  lower  than  lho.se  of  the 
RBSN  matrices.  Weakly  bonded  fibers  .icl  as 
flaws  to  stre.vs  comjxments  aligned  perpendicular 
to  the  fiber  a.\es,  thereby  vlcgrading  transverse 


and  shear  strengths.  For  this  re.ison  and  factors 
relating  to  formability.  small  diameters  will  likely 
be  favored  over  large  diameters  for  weakly 
bonded  reinforcement  fibers.  The  use  of  small 
diameter  SiC  fibers  will  accentuate  proce.ssing 
issues  that  must  be  resolved  before  they  can  be 
utilized  to  advantage  in  RBSN  matrix  composites. 

Norton  h.is  also  demonstrated  the  feasibility  of 
using  long,  uncoated  and  coated  polymer  derived 
SiC  reinforcement  fibers  in  an  RBSN  matrix.  The 
key  to  this  success  was  using  nitriding  schedules 
that  had  been  reduced  from  100- 140  h  to  either 
S  or  4S  h  at  1 350  'C  because  each  of  the  five 
fiber  types  .studied  still  was  at  least  partially  amor- 
phou.s.  The  means  by  which  this  reduction  was 
accomplished  was  not  revealed;  Itowcver,  both 
Norton  and  Rutgers  [25J  indicated  that  nitriding 
kinetics  arc  enhanced  by  the  presence  of  the  SiC 
fibens.  Postulated  mechanisms  include  enlarged 
channel  dimensions  into  the  interior  of  the  matrix 
and  the  presence  of  accelerators  such  as  Fc  and 
SiO. 

Using  the  uncoated  Nicalon^'  Ceramic  Grade 
and  Dow  Corning  MPDZ  grade  poly  met -derived 
SiC  fibers,  Norton  observed  non-britllc  failures 
when  the  shorter  )S  h)  nilriding  cycle  was  used. 
All  other  combinations  gave  completely  brittle 
failures  at  stress  levels  that  were  below  .strengths 
of  monolithic  RBSN.  Any  toughening  should  b< 
viewed  as  highly  encouraging  since  only  a  very 
small  range  of  process  conditions  was  accessible 
that  achieved  complete  niiridalion  without 
damaging  the  polymer  derived  fibers.  Subsequent 
studies  with  different  coatings  on  Nicalon^* 
fibers  showed  that  the  thickest  carbon  coatings 
gave  the  best  propcrtic.s.  All  of  the  investigated 
coatings  ,A1.0j.  SiC,  Si-N^  and  C,  reacted  to 
•some  extent  during  nitriding,  tending  to  bund  the 
fibers  to  the  matrix.  The  carbon  coatings  reacted 
with  the  unreacted  silicon,  forming  SiC.  Thicker 
carbon  coatings  worked  because  they  were  thick 
enough  to  survive  the  nitriding  .schedule  and  .ilso 
fiirmed  a  weak  region  at  the  location  where  sili¬ 
con  vv.^s  first  detected  in  the  reaction  zone 
between  the  coating  and  matrix. 

Four  groups  have  studied  short,  randomly 
oriented  fiber  reinforced  RBSN.  a  C.MC  that 
should  have  the  potcnti.iI  of  matching  the  results 
.ichicvcd  by  Los  .Alamos  with  the  HPSN/SiC.w. 
CMCs.  Georgia  Tech  126)  invotigalcd  the  use  of 
.several  types  of  fibers  in  RBSN  nwiriccs,  includ¬ 
ing  polymer  derived  Nic.rlon''’  and  rice  hull 
derived  whisker  Sil.ir^^'  SiC  filvcr.s.  T he  niiriding 
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schedule  employed  by  Georgia  Tech  was  so 
severe  (150  h  with  temperatures  up  to  1400  °C) 
that  all  of  the  fibers  were  degraded  or  completely 
converted  to  Si3N4.  As  a  consequence,  the 
mechanical  properties  were  poor  even  by  com¬ 
parison  with  monolithic  RBSN.  Rutgers  [25] 
investigated  SiC  whisker  reinforced  RBSN  com¬ 
posites  made  by  colloidal  pressing.  Their  best 
materials  achieved  nearly  complete  reaction  with¬ 
out  damaging  the  SiC  whiskers  in  parts  with 
reasonably  high  matrix  densities  (<59%)  and 
correct  volume  fractions  (20-40  %)  of  whiskers. 
Though  strengths  were  2.4-4.0  times  higher  than 
would  be  expected  for  the  achieved  matrbt  densi¬ 
ties,  they  were  not  improved  over  conventional, 
good  quality  RBSN.  Fracture  toughness  and  work 
of  fracture  measurements  were  not  made.  Los 
Alamos  [27,  28]  has  studied  RBSN/SiC  compo¬ 
sites  that  are  based  on  the  high  purity,  high 
strength  SiC  whiskers  made  by  the  VLS  process 
at  that  laboratory.  Using  conventional  nitriding 
schedules,  the  small  diameter  whiskers  were  com¬ 
pletely  converted  to  Si3N4,  precluding  any  hope 
of  reinforcement.  Los  Alamos  found  that  the 
nitriding  accelerators  such  as  iron  oxide  actually 
enhance  the  attack  of  the  SiC  whiskers  even 
though  they  reduce  the  severity  of  the  nitriding 
schedule.  In  collaboration  with  Los  Alamos,  MIT 
incorporated  the  VLS  SiC  whiskers  into  ver^  high 
purity  Si  powders  (final  matrix  density  =  70%) 
and  subjected  the  parts  to  the  nitriding  schedule 
in  use  at  MIT  at  that  time  (1  h,  1400  °C).  These 
results  showed  that  the  combination  of  high 
purity  and  reduced  nitriding  conditions  permitted 


Fig.  2.  SEM  fracture  surface  of  SiC  VLS-whisker  reinforced 
RBSN  part  made  from  laser-derived  silicon.  Extensive  pull¬ 
out  and  an  absence  of  fiber  degradation  arc  illustrated. 


complete  nitridation  without  any  evidence  of 
attacking  the  uncoated  fibers  [27].  The  SEM 
micrograph  of  a  fracture  surface  shown  in  Fig.  2 
shows  pull-out  lengths  equal  to  many  fiber  diam¬ 
eters.  The  use  of  high  purity  materials  would 
appeal  to  eliminate  any  fundamental  barrier  to 
making  these  composites. 

In  combination,  these  results  with  the  RBSN/ 
SiC  system  demonstrate  the  feasibility  of  making 
this  composite  and  achieving  improved  proper¬ 
ties.  They  also  make  clear  several  issues  that  must 
be  resolved  to  make  them  practical.  Most  im¬ 
portantly,  the  nitriding  temperature  and  time 
must  be  minimized  without  using  nitriding 
accelerators  to  avoid  damaging  the  fibers.  Matrix 
strength  must  be  improved  to  avoid  premature 
matrix  cracking,  thereby  exposing  the  reinforce¬ 
ments  to  damage  from  the  ambient  atmosphere. 
Similarly,  related  research  shows  that  the  inherent 
oxidation  resistance  of  the  RBSN  matrix  must  be 
improved. 

2.3.  RBSN  improvements 

As  part  of  an  extensive  ceramics  processing 
research  program,  MIT  has  synthesized  nearly 
ideal  silicon  powders  from  laser  heated  silane 
(SiH4)  gas  [29-31]  and  has  developed  powder 
handling,  di.spersion,  shaping  and  drying  tech¬ 
niques  that  permit  defect-free,  green  parts  to  be 
made  without  introducing  contaminants  [32].  The 
green  silicon  bodies  have  been  made  into  high 
quality  RBSN  parts. 

Many  of  the  RBSN  properties  have  been  mea¬ 
sured  already  [32,  33].  A  ball-on-ring  biaxial 
strength  test  was  used  to  determine  the  room 
temperature  strengths  of  the  nitrided  samples  in 
the  as-processed  condition  and  after  exposures  to 
1000  and  1400  °C  air  (with  and  without  post¬ 
oxidation  etching);  fracture  toughnesses  were 
measured  using  a  Vickers  indenter  and  by  analy¬ 
sis  of  fracture  surfaces  and  measured  strengths; 
hardness  was  measured  by  the  Vickers  technique. 
Oxidation  resistance  was  measured  for  1000  and 
1400  “C  exposures  to  air  for  1  and  50  h.  Nitrid¬ 
ing  kinetics  have  been  modelled  experimentally 
a.id  meehanistically  [34].  Results  siiow  that 
RBSN’s  deficiencies  as  a  CMC  matrix  have  been 
largelv  corrected. 

If  th?  powders  remain  free  of  contaminants 
through  all  of  the  fabrication  steps,  parts  nitride 
to  completion  at  unusually  low  temperatures  and 
in  shor'  times  [32].  Our  standard  nitriding  sched¬ 
ule  emph.ys  a  1  °C  min  '  ramp  to  1200  °C  fol- 
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lowed  by  a  0.5  °C  min  '  ramp  from  1200  to 
1400  °C  and  a  1  h  hold.  The  total  exposure  of  7  h 
to  nitriding  temperatures  (r>1200°C)  repre¬ 
sents  a  major  reduction  from  normal  schedules. 
More  recent  results  [34]  show  that  this  time 
period  can  be  reduced  dramatically.  If  as-synthe¬ 
sized  purities  are  maintained  until  the  nitriding 
step,  these  silicon  parts  will  react  to  completion  in 
much  less  severe  combinations  of  time  and  tem¬ 
perature,  such  as  1  h  at  1150  °C  or  10  min  at 
1250  °C.  The  use  of  a  pre-nitriding  nucleation 
step  callows  complete  conversion  in  1  h  at 
1050  °C.  Preliminary  nitriding  studies,  of  these 
high  purity  silicon  powders  in  the  presence  of 
high  purity  SiC  powders,  indicate  that  the  SiC 
enhances  the  reaction  rate  [35].  Beyond  a  simple, 
important  cor*-oboration  of  ‘he  Norton  and 
Rutgers  observations,  these  results  do  not  yet 
provide  any  basis  for  mechanistic  interpretation. 
However,  it  is  evident  that  nitriding  times  and 
temperatures  can  be  reduced  by  using  high  purity, 
small  diameter  powders  a-.d  correct  processing 
techniques. 

Figure  3  shows  average  fracture  stresses  for 
lapped,  as-processed  MIT  RBSN  samples  having 
densities  of  »  65  %  (300  MPa)  and  «  75  %  (d31 
MPa).  The  error  bars  correspond  to  the  standard 
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Fig  3.  Room  temperature  itrength  of  mIicoh  nitride  li. 
density.  Experimental  data  points  were  derived  for  MIT 
RBSN  having  two  density  levels;  standard  deviations  arc 
shown.  The  lines  ,ire  drawn  from  literature  surveys  cited  m 
ref.  36. 


deviations  in  density  ( ±  2-3  %)  and  strength 
( ±  55  MPa).  Fracture  sources  were  usually  either 
5-15  /rm  diameter  voids,  or  occasional  lenticular 
cracks  le.‘  than  50  /rm  deep.  Recently  improved 
processl  "chniques  have  yielded  »  75  %  dense 
RBSN  sa.  _4es  with  strengths  up  to  695  MPa.  For 
comparison,  Fig.  3  also  includes  three  different 
lines  representing  least-square  fits  of  exponential 
functions  to  RBSN,  SSN  and  HPSN  strength  data 
from  the  literature  [17,  36,  37];  these  data  repre¬ 
sent  both  laboratory  and  commercial  samples 
with  all  surface  finishes.  Silane-originating  RBSN 
specimens,  that  were  diamond  lapped  to  4  /rm, 
exhibit  average  strengths  that  are  2.5  to  5.0  times 
the  average  reported  values  at  both  correspond¬ 
ing  density  levels.  The  more  recent  75  %  dense 
samples  exhibited  by  far  the  highest  strengths 
ever  reported  for  RBSN.  Exposure  to  1000  and 
1400  “C  air  for  1  and  50  h  had  no  measurable 
effect  on  the  room  temperature  strengths  [33]  of 
etched  and  unetched  samples.  These  room  tem¬ 
perature  strength  levels  are  well  into  the  range 
previously  observed  only  with  high  density,  high 
purity  Si3N4  [4,  38].  The  absences  of  both  liquid- 
phase  sintering  aids  in  this  material  and  oxidation 
induced  defects  should  result  in  the  highest 
strength  Si3N4  at  elevated  temperatures. 

Vickers  hardness  values  were  determined  on 
polished  surfaces  using  300  and  500  g  loads. 
Observed  hardness  values  ranged  from  3.5  to 
11.0  GPa,  as  density  increased  from  60  to  80  % 
[32,  39].  The  hardness  of  77  %  dense  RBSN 
( “  10  GPa)  is  higher  than  that  of  85  %  dense, 
highly  optimized  commercial  RBSN  ( ~  8.3  GPa) 
[40].  Calculated  from  analysis  of  flaw-size 
strength  results,  the  KicS  are  2.35  and  2.70  MPa 
m'/^  for  the  67  and  77  %  dense  RBSN  respec¬ 
tively  (33,  41];  these  values  are  higher  than  opti¬ 
mized  commercial  RBSN  ( «  2.0  MPa  m'/^)  [40] 
and  approach  those  of  high  density,  high  purity 
Si3N4  [4].  As  is  typical,  the  indentation  technique 
gave  slightly  lower  values  (2.1  MPa  m'^^,  [39])  for 
77  7o  dense  RBSN. 

Figure  4  summarizes  the  results  of  the  oxida¬ 
tion  studies  [33]  for  the  77  %  dense  RBSN,  along 
with  the  results  reported  by  others  for  RBSN  [42] 
and  HPSN  [43].  The  77  %  dense  SiH4-originating 
RBSN  exhibits  up  to  two  orders  of  magnitude 
lower  weight  gain  than  results  for  two  more  dense 
RBSN  materials,  and  up  to  an  order  of  magnitude 
better  behavior  than  HPSN.  The  high  purity 
RBSN  samples  formed  protective  films  less  than 
1  ^m  thick  for  all  combinations  of  investigated 
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Fig.  4.  Oxidation  weight  gains  for  RBSN  and  HPSN  samples 
at  1000  and  1400  °C  for  1  and  50  h.  MIT  measurements  and 
data  cited  in  the  literature  are  shown.  Procedures  and  cita¬ 
tions  are  given  in  ref.  33. 


times  and  temperatures.  Previous  results  with  the 
SiH^-originating  RBSN  show  that  our  low  density 
specimens  undergo  significant  internal  oxidation 
before  saturation  is  attained  at  1250  'C  [32],  as 
was  anticipated  from  Thummler’s  results  [42]. 
Although  our  results  have  not  been  analyzed 
mechanistically,  it  would  appe  >•  that  the  same 
microstructural  features  that  give  high  strengths 
for  the  SiH4-originating  RBSN  alsc  give  it 
improved  oxidation  resistance  relative  to  more 
dense  RBSN.  This  superior  performance  very 
likely  results  from  a  combination  of  our  samples 
having  very  small  pore  diameters,  uniform  micro¬ 
structures,  and  an  absence  of  impure  grain 
boundary  phases.  The  impure  grain  boundary 
phase  is  responsible  for  the  surface  defects  that 
cause  strength  reductions  in  HPSN  after  high 
temperature  oxidizing  exposures  [44]  and  allows 
rapid  transport  of  oxygen  into  the  interior  of  the 
parts. 

At  least  on  an  experimental  basis,  these  results 
indicate  that  the  principal  deficiencies  exhibited 
by  RBSN  as  a  composite  matrix  have  been 
resolved.  Nitriding  kinetics,  matrix  strength,  and 
oxidation  resistance  have  all  been  improved  to 
needed  levels. 


3.  Summary  and  conclusions 

If  processing  issues  can  be  resolved,  ceramic 
matrbc  composites  based  on  reaction  bonding 


forming  processes  offer  important  opportunities 
for  structural  ceramics  that  must  exhibit  reliable, 
superior  properties  at  temperatures  extending  to 
high  levels.  Composites,  more  than  monolithic 
ceramics,  are  likely  to  achieve  high  fracture 
toughnesses  that  can  survive  high  and  cyclic  tem¬ 
perature  exposures  because  they  do  not  depend 
on  metastable  effects  or  on  intergranular  micro¬ 
cracking  through  impure  grain  boundary  phases. 
Although  high  purity  crystalline  CMCs  should 
exhibit  the  best  properties  based  on  thermo¬ 
dynamic  characteristics  and  other  properties, 
these  materials  have  not  been  made  successfully 
by  conventional  ceramic  powder  processing 
routes  because  of  excessive  stresses  that  result 
from  shrinkage  and  differential  thermal  expan¬ 
sion  coefficients.  Reaction  bonding  may  resolve 
these  issues  because  consolidation  occurs  without 
shrinkage  as  the  reaction  product  fills  me  void 
space  between  particles  and  there  is  no  need  to 
employ  additives  that  concentrate  in  grain  bound¬ 
aries.  The  absence  of  shrinkage  has  obvious 
economic  importance  by  permitdng  net-shape 
fabrication  of  complex  parts. 

Reaction  forming  by  the  reaction  bonding 
route  appears  to  have  significant  advantages  .>  ela- 
tive  to  the  related  chemical  vapor  infiltration 
(CVI)  type  processes.  In  the  CVI  processes,  very 
critical  levels  of  supersaturation,  temperature  and 
pressure  must  be  maintained  that  allow  deposits 
to  grow  deep  within  a  porous  part  having  a  com¬ 
plex  pore  structure.  The  deposition  processes  are 
slow  (weeks  to  months),  and  the  outer  surfaces 
frequently  close  off,  terminating  further  internal 
deposition  until  the  part  has  had  its  exterior  sur¬ 
face  removed  by  machining.  Reaction  bonding,  as 
practised  with  Si3N4,  permits  rapid,  full  penetra¬ 
tion  reactions  without  surface  closure,  if  done 
correctly. 

Reaction  bonding  does  introduce  new,  difficult 
processing  issues  that  must  be  resolved  to  make 
them  feasible.  Although  the  processing  tempera¬ 
tures  for  Si3N4  matrix  CMCs  are  reduced,  the 
combination  of  longer  times,  free  silicon  and  fre¬ 
quently  employed  nitriding  accelerators,  tends  to 
degrade  the  fibers,  whether  coated  or  not.  This 
potential  degradation  is  critical  because  fibers 
must  be  load  bearing  in  the  reduced-modulus, 
porous  matrix.  This  degradation  is  particularly 
serious  for  the  small  diameter  fibers  that  must  be 
employed  to  achieve  adequate  shea*'  and  trans¬ 
verse  properties.  The  solution  to  these  problems 
appears  to  be  one  of  lessening  the  nitriding  sche- 


124 


dule  through  the  route  of  using  small  diameter, 
very  high  purity  materials  for  the  reinforcement 
and  the  Si  powder.  Appropriate  high  purity  coat¬ 
ings  could  block  adverse  effects  of  lesser  purity 
reinforcements  while  protecting  them  from 
attack.  Once  the  silicon  has  been  converted  to 
o  3N4,  service  temperature  levels  can  very  likely 
be  raised  beyond  those  that  degrade  fibers  during 
nitriding. 

The  procedures  developed  at  MIT  for  making 
RBSN  have  already  achieved  the  superior  matrix 
properties  needed  for  high  performance  compos¬ 
ites,  and  have  reduced  nitriding  times  and  tem¬ 
peratures  to  values  that  do  not  cause  either 
degradation  of  the  silicon  whiskers  or  develop¬ 
ment  of  excessively  strong  matrix-fiber  bonds. 
Strength  (up  to  695  MPa),  fracture  toughness  (up 
to  2.7  MPa  m‘^“),  and  hardness  (up  to  1 1  GPa) 
values  essentially  equal  those  of  fully  dense,  high 
purity  Si3N4.  Because  pores  arc  extremely 
sniall  in  diameter  and  are  uniformly  distributed, 
oxidation  resistance  of  this  RBSN  is  excellent;  the 
formation  of  an  effective  passivating  layer  is  par¬ 
ticularly  important  with  lespect  to  protecting  the 
reinforcements  in  these  porous  matrix  compos¬ 
ites.  With  their  low  specific  gravities  ( *  2.0),  com¬ 
posites  based  on  a  RBSN  matrix  should  exhibit 
exceptional  specific  properties  for  the  entire  tem¬ 
perature  range  of  interest. 

The  RBSN-SiC  composite  is  an  important 
system  based  on  the  demonstrated  properties  of 
the  constituent  materials  and  the  characteristics 
of  the  fabrication  process.  It  also  serves  as  a 
model  system  for  other  potential  reaction  bonded 
matrices. 
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Abstract 

SiC  whisker-reinforced  AUO^  composites,  with 
enhanced  strength  and  creep  failure  strains,  have 
been  fabricated  by  dispersion  processing,  pressure 
filtration  and  hot  pressing.  This  method  minimizes 
fiavjs  that  otherwise  cause  premature  failure.  High 
stre.s  creep  measurements  demonstrate  that  true 
steady-state  creep  does  not  develop  in  these  com¬ 
posites  for  whisker  loadings  above  some  critical 
level;  creep  rates  continue  to  decrease  with  increas¬ 
ing  creep  strain.  Also,  an  anelastic  strain  recovery 
is  observed  on  load  removal  at  creep  temperatures. 
Existing  creep  models  are  inadequate  to  explain 
these  observations.  The  development  of  new 
models  for  composite  creep  requires  measurements 
on  composites  with  systematically  varied  micro¬ 
structures,  which  currently  are  being  prepared. 

1.  Introduction 

Whisker-reinforced  ceramic-matrix  compo¬ 
sites  have  potential  applications  as  high  tempera¬ 
ture  structural  materials  in,  for  example, 
advanced  heat  engines.  In  previous  experiments, 
a  15  vol.%  SiC-whisker  reinforced  AI2O3  was 
shown  to  creep  up  to  two  orders  of  magnitude 
more  slowly  than  a  control  fine-grained  poly¬ 
crystalline  AI2O3  (1,  2].  The  stress  exponent  for 
creep,  n,  in  the  expression  e  =  /la",  where  e  is  the 
steady-state  outer-fiber  strain-rate,  a  is  the  outer- 
fiber  stress  and  /I  is  a  constant,  was  -  5  in  the 
composite  compared  to  =  2  for  the  AI2O3.  How¬ 
ever,  premature  failure  limited  the  total  outer- 
fiber  strains  observed  in  these  composites  to 
=  1%. 

Processing  flaws  were  identified  as  the  creep 
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failure  origins  in  the  conventionally  processed 
composites  and  a  dispersion-processing/pres- 
sure-filtration/hot-pressing  technique  was  devel¬ 
oped  to  fabricate  composites  devoid  of  strength- 
limiting  flaws  [2).  The  creep  experiments  re¬ 
ported  here  for  the  dispersion-processed  com¬ 
posites  show  that  existing  models  for  composite 
creep  are  inadequate  to  explain  the  observed 
creep  response  and  new  concepts  behind  a  model 
under  development  are  introduced. 

A  secondary  consequence  of  the  dispersion 
processing  approach  is  that  oxidation  rates  at 
creep  temperatures  are  reduced  in  the  absence  of 
processing  flaws.  The  reactions  observed  on 
composite  oxidation  are  presented  later. 

2.  Processing 

The  processing  procedure  has  been  described 
previously  [2]  and  related  experiments  have 
recently  been  described  by  Sacks  et  al  [3].  Com¬ 
posites  were  fabricated  from  SiC  whiskers  (Silar 
SC9,  ARCO  Chemical  Co.,  Greer,  SC)  and  high 
purity  AI2O3  powder  (AKP30,  Sumitomo  Chemi¬ 
cal  America,  Inc.,  New  York,  NY).  Similar  SiC 
whiskers,  characterized  in  detail  by  Nutt,  are  typi¬ 
cally  <  0.5  pm  in  diameter  with  an  aspect  ratio  up 
to  100  [4,  5).  Figure  1  shows  a  scanning  electron 
micrograph  of  whiskers  sedimented  from  a 
suspension  in  water;  mo.st  whiskers  lie,  as 
expected,  approximately  parallel  to  the  plane  of 
the  micrograph.  The  whiskers  are  randomly 
oriented  within  that  plane  but  there  is  clearly 
short-range  texture  and  whiskers  tend  to  align 
approximately  parallel  to  their  nearest  neighbors. 
This  arrangement  of  whiskers  is  likely  to  be 
reproduced  in  the  composite. 

No  sintering  additives,  such  as  MgO,  are  used 
in  the  fabrication  of  the  composites.  Normally, 
MgO  additions  to  monolithic  polycrystalline 
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Fig.  1.  Scanning  electron  microscope  of  SiC  whiskers  after 
sedimentation  from  suspension  in  water. 

AI2O3  prevent  abnormal  grain  growth;  in  this 
case  the  wliiskers  appear  to  perform  a  similar 
role. 

As-received  whiskers  and  AI2O3  powders  are 
known  to  contain  soft  and  hard  agglomerates. 
These  can  be  removed  from  dilute,  aqueous  dis¬ 
persions  by  ultrasonic  agitation,  which  breaks  up 
the  soft  agglomerates,  followed  by  the  sedi¬ 
mentation  of  remaining  hard  agglomerates  and 
whisker  “nests”.  AI2O3  can  be  dispersed  in  water 
at  pH  =  2  and  subsequently  floccitlated  when  the 
pH  is  increased  to  pH  >  5.  In  contrast,  SiC  is  dis¬ 
persed  at  high  pH  (pH  =  9-11)  and  is  flocculated 
when  the  pH  is  lowered  to  pH  <  5.  Adjustments 
to  pH  are  made  by  additions  of  nitric  acid  (to 
lower  pH)  and  ammonium  hydroxide  (to  raise 
pH). 

Particles  are  dispersed  in  water  by  mutual 
electrostatic  repulsion.  For  AI2O3  particles  in  a 
low  pH  dispersion,  excess  H*  ions  adsorb  onto 
the  exposed  O'"  ions,  giving  each  of  the  particles 
a  net  positive  charge.  For  the  SiC  whiskers,  dis¬ 
persed  at  high  pH,  excess  OH"  groups  adsorb 
onto  exposed  Si''*^  ions  giving  each  whisker  a  net 
negative  charge.  Flocculation  occurs  when  these 
dispersing  charges  are  removed  and  van  der 
Waals  forces  provide  a  net  interparticle  attrac¬ 
tion.  Heteroflocculation,  whereby  AI2O3  particles 
become  electrostatically  attracted  to  the  SiC 
whiskers,  may  be  anticipated  if  slurries  are  mixed 
at  a  suitable  pH.  Empirically,  high  green  densities 
and  homogeneous  composite  microstructures 
have  resulted  from  mixing  slurries  at  pH  =  2.  To 
verify  that  heteroflocculation  is  occurring  at 
pH  =  2,  a  single,  large  ^  SiC  whisker  (provided  by 
J.  J.  Petrovic,  Los  Alamos  National  Laboratory) 
was  immersed  in  a  dilute  AI2O3  slurry  ( -  1  vol.%) 
at  pH  =  2  for  10  min,  gently  removed,  dried  and 
examined  in  a  scanning  electron  microscope. 


where  AI2O.  particles  were  observed  sticking  to 
the  surface. 

It  is  interesting  to  note  that  if  dispersed  SiC 
whiskers  in  a  dilute  slurry  (after  “nest”  removal) 
are  allowed  to  settle,  a  sediment  with  =  20%  solid 
fraction  results.  The  implication  for  these  particu¬ 
lar  whiskers  is  that  it  should  be  possible  to  pre¬ 
pare  a  fully  dense  composite  with  up  to  20  vol.% 
whisker  loading  without  significantly  damaging 
the  individual  whiskers.  For  greater  whisker  load¬ 
ings,  whiskers  would  have  to  be  either  more  pre¬ 
cisely  aligned,  elastically  deformed  or  broken 
during  hot  pressing  if  full  density  is  to  be 
obtained. 

Composite  green  bodies  are  produced  by  mut¬ 
ing  dispersed  slurries  in  selected  proportions 
(using  both  mechanical  and  ultrasonic  agitation), 
adjusting  pH  and  consolidating  into  a  disc  by 
pressure  filtration.  After  mixing,  the  pH  of  the 
resulting  slurry  is  essentially  neutral  (pH  =  5-7). 
Parameters  which  can  be  varied  prior  to  pressure 
filtration  are  ( 1 )  the  ratio  of  AI2O3  to  SiC  (deter¬ 
mined  by  desired  composite  whisker  loading),  (2) 
the  pH  of  the  mixed  slurry,  and  (3)  the  solids 
loading  of  the  mixed  slurry. 

During  pressure  filtration,  the  filtration  pres- 
suie  is  only  adjustable  within  a  limited  range: 
above  20  MPa  tends  to  result  in  filter  cake  crack¬ 
ing  on  removal  from  the  die  and  less  than  5  MPa 
results  in  a  dilatant  filter  cake,  containing  excess 
moisture,  which  cannot  support  its  own  weight. 
Hot  pressing  times,  temperatures  and  pressures 
are  variable.  Recently  reported  work  suggests 
that  the  hot  pressing  temperature  may  influence 
composite  fracture  toughness,  presumably  by 
modifying  the  whisker/matrix  interface  structure 
[6].  In  the  present  work,  all  hot  pressing  has  been 
performed  at  1650  °C,  24  MPa  and  typically  1 
hour,  sufficient  to  complete  densification. 

Composites  with  a  15  vol.%  SiC  whisker  load¬ 
ing  were  routinely  made  with  a  uniform  green 
color,  indicative  of  a  homogeneouo  distribution  of 
whiskers.  Light  microscopy  of  such  composites 
demonstrated  that  whiskers  were  textured  and 
tended  to  be  oriented  in  a  plane  normal  to  the  fil 
tralion/hot  pressing  axis.  Energy  dispersive  X-ray 
line  profiles  (obtained  in  a  scanning  electron 
microscope  using  a  defocused  probe)  across  the 
thickness  of  disc  cross-sections  confirmed  that  no 
gross  segregation  occurred  during  processing, 
which  may  have  been  expected  if  differential  sedi¬ 
mentation  had  occurred  in  the  mixed  slurry  . 

More  extensive  localized  texturing  occurs  in 
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composites  with  lower  whisker  loadings.  Figure  2 
shows  two  discs  of  the  composite  with  a  5  vol.% 
whisker  loading  after  hot  pressing.  One  disc  was 
pressure  filtered  at  pH  =  2  and  the  other  at 
pH  =  5.  Although  microchemical  analysis  line 
profiles  indicate  a  homogeneous  distribution  of 
SiC  within  the  A  1,03  matrbt,  the  marbling  of  the 
color  suggests  domains  of  whisker  texturing, 
presumably  as  a  result  of  flow  within  the  slurry. 

The  results  suggest  that  on  mbcing  the  dis¬ 
persed  slurries  heteroflocculation  does  occur  and 
as  a  result  gross  segregation  of  the  whiskers 
within  the  slurry  is  not  observed.  However,  on 
slurry  mixing  and  during  pressure  filtration,  liquid 
flow  appears  to  promote  some  localized  whisker 
texturing. 

3.  Creep 

Creep  tests  have  been  conducted  on  compo¬ 
sites  with  both  5  vol.7o  and  15  vol.7o  SiC  whis¬ 
kers  at  1500  °C  in  air.  1500  “C,  whiie  above  the 
anticipated  maximum  operating  temperature  for 
these  materials  in  structural  applications,  allows 
tests  to  be  conducted  in  reasonable  times.  The 
processing  method  eliminated  the  flaws  which 
would  have  induced  premature  failure,  allowing 
samples  to  be  deformed  to  large  flexural  strains. 
During  creep  testing,  a  topochemical  reaction 
scale  developed  on  the  samples;  the  reaction 
sequence  is  addressed  in  the  next  section. 

Creep  testing  was  performed  in  four-point 
flexure  using  sapphire  pivots.  Load/load-point- 
deflection  data  are  converted  to  outer-fiber 
stress/outer-fiber  strain  using  the  analysis  on 
Hollenberg,  Terwilliger  and  Gordon  [7].  How¬ 
ever,  this  analysis  invoked  four  assumptions 
which  affect  the  accuracy  of  the  reduced  stress/ 


pH: 2  pH: 5 

Fig.  2.  Hot  pressed  discs  of  5  vol.%  SiC  whisker-AUO, 
composite  showing  marbling  due  to  localized  whisker  textur¬ 
ing.  pressure  filtered  at  pH  2  and  at  pH  5. 


strain-rate  data,  namely  (1)  that  strains  are  sm«  . 
(2)  that  the  material  behaves  similarly  in  tension 
arid  compression,  (3)  that  true  steady -state  condi 
tions  prevail,  and  (4)  that  the  standard  creep  rela¬ 
tionship  £=Aa"  holds. 

The  5  and  15  vol.7o  whisker  loadings  result  in 
significantly  different  creep  responses  in  the  com 
posites.  Figure  3  shows  typical  creep  curves  for 
each  loading.  The  5  vol.%  loading  case  exhibited 
steady -state  creep  behavior  immediately  upon 


Fig.  3.  Creep  curves;  (a)  5  vol.%.  (b)  1 5  vol.%  SiC  whis- 
kcr-AhOj  composite. 


Fig.  4.  Creep  data  for  15  vul.^oSiC  whisker  AUOj  compo¬ 
site  (Fig.  3b)  plotted  as  In  i  vs.  c.  ■.  50.5  MPa;  ♦,  33.0  MPa. 
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loading  whereas  the  15  vol.%  composite  exhi¬ 
bited  a  continuously  decreasing  creep  rate  during 
deformation,  which  is  more  clearly  depicted  in 
Fig.  4,  a  plot  of  £  vs.  e.  Since  the  Hollenberg 
analysis  does  not  s^  ctly  apply  for  such  non¬ 
steady-state  behavior,  the  actual  values  of  stress 
and  strain,  calculated  for  an  assumed  stress  expo¬ 
nent  of  2,  are  inaccurate.  However,  the  calculated 
values  still  allow  comparative  behavior  to  be 
investigated.  Figure  5  shows  a  creep  curve  for  a 
15  vol.%  composite  which  was  deformed  at  a 
nominal  50.5  MPa  for  50  000  s  at  which  point 
the  load  was  removed.  The  sample  exhibited  an 
anelastic  response  whereby  approximately  15% 
of  the  total  accumulated  strain  was  recovered 
within  10  000  s  of  load  removal.  Figure  6  con¬ 
sists  of  creep  curves  for  0,  5  and  15  vol.%  SiC 
plotted  as  In  £  In  a  from  which  values  for  the 
creep  stress  exponent,  n,  can  be  c’otained.  The 
data  for  unreinforced  AI2O3  were  corrected  for 
an  error  which  was  present  when  previously 
reported  [1].  For  the  15  vol.%  samples,  minimum 
strain-rates  observed  during  each  test  were 
plotted. 

Significant  creep  rate  reductions  result  from 
the  whisker  reinforcement  of  AI2O3.  However, 
the  different  creep  responses  of  the  5  and 
15  vol.%  SiC  composites  suggest  that  different 
mechanisms  for  creep  operate  in  each  case.  The 
creep  response  of  fiber-reinforced  composites 
has  been  modelled  by  Kelly  and  Street  [8],  but 
their  modelling  assumed  aligned,  non-deforming 
fibers  in  a  deforming  matrix  such  that  the  fibers 
carried  a  fraction  of  the  load,  thereby  reducing 
the  load  on  the  deforming  matrix.  The  dotted  and 
dashed  lines  in  Fig.  6  correspond  to  the  predicted 
reductions  in  creep  rate  of  the  AI2O3  matrix  using 
the  Kelly  and  Street  model  for  non-deforming 
fibers  with  an  aspect  ratio  of  50  for  5  and  15 


Fig  5  StMin  rccovciy  after  load  removal  in  1 5  vol.%  SiC 
vvhiskcr-AljOj  composite. 


vol.%  loadings.  The  measured  creep-rates  were 
lower  than  predicted  by  Kelly  and  Street  and 
there  was  clearly  a  change  in  slope  for  the  15 
vol.%  composite  not  predicted  by  the  model. 
Similar  modelling,  but  incorporating  a  deforming 
whisker  network,  is  therefore  proposed  to  model 
the  whisker  composites. 

On  5  vol.%  whisker  loading,  creep  rates  are 
reduced  by  approximately  two  orders  of  magni¬ 
tude,  but  the  creep  stress  exponent  is  essentially 
unchanged  from  that  measured  in  the  fine¬ 
grained  polycrystalline  AI2O3.  Kelly  and  Street 
allowed  for  load  to  be  transferred  to  the  fiber  rein- 


F'ig.  6.  Composite  creep  corves  for  0  (o),  5  ( A )  and  15(A) 
vol.%  SiC  vvhiskcr-AhO,  composites.  Mimimim  observed 
strain  rates  are  plotted  for  the  1 5  vol.%  SiC  material.  Kelly 
and  Street  predictions  for  5  (dotted  line)  and  1 5  (dashed  line) 
vol.%  short  fiber  taspcct  ratio  =  50>  reinforcements  of  the 
niatri.x  AUOj  are  included  for  comparison  [8]. 
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forcement  but  did  not  consider  <*  change  in  the 
creep  mechanism  for  the  matrix  itsrlf.  One  pro¬ 
posed  creep  mecnanism  applicable  to  AI2O3  is 
diffusion-accommodated  grain  boundary  sliding 
limited  by  the  rate  of  creation  or  annihilation  of 
point  defects  at  grain  boundaries  [9],  Whisker 
reinforcement  at  5  vol.%  may  simply  inhibit  this 
mechanism  by  either  (1)  mechanically  restrict¬ 
ing  grain  boundary  sliding  01  (2)  further  limiting 
the  sources  and  sinks  of  point  defects.  The 
change  of  slope  observed  for  the  composite  at  70 
MPa  may  indicate  a  transition  to  another  creep 
mechanism. 

An  alternatiye  explanation,  however,  utilizes 
the  idea  of  a  whisker  network  deforming  in  paral¬ 
lel  with  the  matrix.  Now,  with  a  5  vol.%  SiC 
whioker  loading,  steady-state  creep  conditions 
prevail  and  there  is  no  strain  recovery  on  load 
removal.  This  result  would  ensue  if,  during  creep, 
the  whiskers,  while  not  deforming,  are  isolated 
and  free  to  rotate  towards  alignment  with  the 
applied  stress.  Kelly  and  Street  identified  a  model 
originally  developed  by  Riseman  and  Ullman  for 
the  increase  in  viscosity  of  a  Newtonian  fluid  on 
the  incorporation  of  rigid  libers  [8,  10].  While 
attractive,  this  m.odel  requires  extremely  dilute 
loadings  to  be  valid  and  therefore  is  not  appropri¬ 
ate  for  this  case  and  new  modelling  is  required. 


The  anelastic  behavior  observed  in  the 
15  vol.%  SiC  composite  requires  a  different 
interpretation.  For  the  higher  loading  whisker 
composite,  a  more  appropriate  model  requires  a 
network  of  interconnected  whiskers  which  are 
not  free  to  rot  ite  about  their  points  of  inter¬ 
section  (nodes),  possibly  as  a  result  of  whisker 
entanglement.  Such  a  network  would  have  a 
lower  modulus  than  an  individual  whisker  in  ten¬ 
sion.  To  sustain  the  observed  1 5%  strain  recovery 
on  load  removal,  strain  would  have  to  be  accumu¬ 
lated  in  the  whisker  network  by  the  elastic  bend¬ 
ing  of  whiskers.  Presumably,  the  high  whisker 
loading  partially  inhibits  non-recoverable  strain 
accommod-ition  by  whisker  rotation.  This  be¬ 
havior  is  show'n  schematically  in  Fig.  7(a),  where 
the  angles  between  whiskers  at  nodes  remain  con¬ 
stant  during  creep  and  some  non-recoverable 
deformation  results  from  wliisker  failure.  To  a 
first  approximation,  sucl.  a  model  is  simply  an 
anelastic  Voigt  element  (a  spring  and  dashpot  in 
parallel)  in  series  with  anothei  dashpot  (repre¬ 
senting  the  non-recoverable  deformation),  as 
shown  schematically  in  Fig.  7(b).  Mathematically, 
such  a  system  would  exhibit  the  response: 


€ 


a 

E 


|l-exp 


+  Bt 


where  E  represents  the  modulus  of  the  whisker 
network  and  B  and  7  are  constants.  This  simple 
representation  approximates  tlie  measured  re¬ 
sponse  but  needs  to  be  refined.  Since  the 
modulus  of  the  v/hisker  network  is  clearly  not 
constant  with  strain,  replacing  £  with  £=/(€)  will 
be  required. 

If  the  hypothesis  of  a  deforming  network  of 
whiskers  is  coir.’rmed,  then  the  implication  for 
composite  design  is  that  a  uniaxially  aligned 
whisker-reinforced  composite  would  be  more 
creep  resistant  in  a  direction  parallel  to  the  whis¬ 
kers  than  the  two-dimensionally  aligned  compo¬ 
sites  fabricated  to  date. 


I - AAAAA/- 


b 

Fig.  7.  (a)  Schematic  of  deformation  model  for  1 5  vol.%  SiC 
whiskcr-AIjOj  composite,  tbj  Spnne-dashpot  model  for 
observed  anelastic  response. 


4.  O.\idation 

Oxidation  of  the  composite  is  a  multistage  pro- 
ce.ss  involving  the  reaction  between  SiC,  AhOj 
and  O2  ultimately  to  produce  mullite  (Al^SiiO,;,) 
and  CO2  [1  Jj.  The  dispersion-proce,ssed  compo¬ 
sites  exhibit  oxidation  kinetics  a  factor  of  six 
timas  slower  than  the  dry-powdcr-processed 
composites  previously  investigated  [11].  Figure  8 
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time  (s) 

Fig.  8  Scale  thickening  kinetics  for  composite  oxidation  at 
1500 -C. 

is  a  plot  of  the  square  of  mullite  scale  thickness  uy. 
time  at  1500  °C  for  the  15  vol.%  SiC  composite. 
Examination  of  the  reaction  interface  reveals  an 
intermediate  black  layer  between  the  green 
unreacted  core  and  the  white  mullite  outer  scale. 
Nutt  has  reported  evidence  for  graphitic  carbon 
in  the  vicinity  of  the  reaction  interface,  using 
transmission  electron  microscopy  [12].  X-ray  dif¬ 
fraction  of  some  exposed  black  re^on  shows  a 
number  of  peaks  in  addition  to  the  expected 
AI2O3  and  mullite  peaks,  although  confirmation 
of  specific  phases  is  hindered  by  peak  overlaps. 
One  strong  peak  at  22°  (4.04  A),  is  indicative  of 
cristobalite. 

Oxidation  of  the  composite  would  preclude  its 
uncoated  application  at  elevated  temperatures; 
however,  even  after  long  exposure  times,  trans¬ 
mission  electron  microscopy  observations  show 
no  evidence  of  a  reaction  between  the  whiskers 
and  the  matrix  in  the  core  region.  This  suggests 
that  a  coating  which  could  protect  the  composite 
from  oxygen  may  eliminate  the  SiC/Ai203/02 
compatibility  problem. 

5.  Conclusions 

SiC  whisker-reinforced  AI2O3  composites  are 
significantly  more  creep  resistant  than  unrein 


forced,  polycrystalline  alumina.  A  m.cdel  for  the 
composite  consisting  of  an  interconnected 
whisker  network  in  a  deforming  matrix  has  been 
proposed.  If  verified  in  future  work,  the  implica¬ 
tion  of  the  model  is  that  significant  further 
improvements  in  the  creep  response  can  be 
expected  if  uniaxially  aligned  composites  can  be 
fabricated. 

Oxidation  of  the  composites  during  high  tem¬ 
perature  exposure  to  air  urges  the  development 
of  a  suitable  protective  coating.  The  observation 
that  no  reaction  occurs  in  the  core  regions  of 
samples  demonstrates  that  the  system  is  indeed 
stable  if  the  composites  can  be  superficially  pro¬ 
tected. 
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Abstract 

A  crack  lying  along  one  interface  on  an  elastic 
sandwich  structure  is  analyzed.  When  the  thickness 
of  the  middle  layer  is  small  compared  with  the 
other  length  scales  of  the  structure,  a  universal 
relation  is  found  between  the  actual  interface  stress 
intensity  factors  at  the  crack  tip  and  the  apparent 
mode  I  and  mode  II  stress  intensity  factors 
associated  with  the  corresponding  problem  for  the 
crack  in  the  homogeneous  material.  Therefore,  if 
the  apparent  stress  intensity  factors  are  known,  for 
example  calculated  from  the  applied  loads  as  if  the 
structure  was  homogeneous,  this  information  can 
be  immediately  converted  into  the  interface  .stress 
intensity  factors  with  the  universal  relation.  This 
observation  provides  the  theoretical  basis  fordcel- 
oping  sandwich  specimens  for  measuring  interface 
crack  toughness.  The  universal  relation  reveals  the 
extent  to  which  the  asymmetry  inherent  to  a 
bimaterial  interface  induces  asymmetry  in  the  near 
tip  crack  field.  In  particular,  the  result  of  the  study 
can  be  used  to  infer  whether  stress  intensity  factors 
for  a  homogeneous  body  can  be  used  with  good 
approximation  in  place  of  the  actual  interface 
stress  intensity  factors.  A  proposal  for  simplifying 
the  approach  to  interfacial  fracture  is  made  which 
plays  down  the  role  of  the  so-called  oscillatory 
interface  singularity  stresses. 

1.  Introduction 

Cracks  in  homogeneous,  isotropic  maierisis 
tend  to  propagate  under  mode  I  conditions  in 
which  onij  normal  stress  acts  on  tlic  plane  of 
separation  ahead  of  the  tip.  fur  this  rcasoti.  the 
development  of  fracture  mechanics  for  such 
materials  has  tended  to  place  heav>  emphasis  on 
mode  i  conditions.  B>  contrast,  the  fracture  mode 
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on  an  interface  of  dissimilar  materials  is  often 
mixed.  Differences  between  elastic  properties 
across  an  interface  will  generally  disrupt  the 
symmetry  even  when  the  geometry'  and  loading 
are  otherwise  symmetric  vvnth  respect  to  the  crack. 
Moreover,  an  interface  between  dissinritar 
materials  is  frequently  the  weakest  fracture  path 
in  a  composite  body,  and  an  interface  crack  will 
tend  to  stay  in  the  interface  even  when  subject  to 
loading  combinations  which  give  rise  to  shear 
stress  as  well  as  normal  stress  on  the  interface 
ahead  of  the  tip.  Some  potential  applications  of 
interface  fracture  mechanics,  such  as  fiber 
debonding  from  a  matrix  due  to  pull-out,  involve 
substantial  shear  contributions.  Thus,  in  general, 
the  interfacial  fracture  mode  is  inherently  mixed, 
and  a  complete  characterization  of  an  interface 
requires  toughness  data  over  the  full  range  of 
mode  combinations.  Recent  efforts  in  this  direc¬ 
tion  are  found  in  [1 , 2). 

A  special  class  of  sandwich  specimens  have 
been  devised  recently  for  experimental  deter¬ 
mination  of  interfacial  toughness  (3,  4],  or  for 
other  related  purpe-es  such  as  evaluation  of  the 
toughness  of  adhe.'^ive  joints  [5,  6).  The  common 
feature  of  these  specimens  is  that  each  of  them  is 
homogeneous  e.xcepl  for  a  very  thin  layer  of 
second  material  which  is  sandwiched  between  the 
two  halves  comprising  the  bulk  of  the  specimen. 
The  thickness  of  the  layer  is  typically  a  hundredth 
or  even  a  thousandth  of  the  length  scale  of  the 
overall  geometry  (Fig  i  (.  A  pre-existing  crack  lies 
.ilong  one  of  the  interfaces.  With  .such  specimens, 
it  has  generally  been  the  practice  to  use  the  stress 
intensity  factor  (or  factors  if  mi,\ed  mode  condi¬ 
tions  pertain',  determined  for  the  homogeneous 
specimen  with  no  layer  to  cha.acterize  the  inter 
face  cr.ick  in  the  prc.sence  of  the  layer.  In  this 
paper  we  determine  a  universal  relation  between 
the  stress  intensity  factors  for  the  homogeneous 
specimen  or  body  and  the  actual  interfacial  stress 
intensity  factors  for  the  crack  between  the  layer 
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b)  ASYMPTOTIC  PROSLa/.  FOR  ScMi-i\rlWiT£.  CRACK. 
Fig.  I.  Schematic  of  asymptotic  problem. 


and  the  material  bonded  to  it.  The  universal  rela¬ 
tion  is  asymptotic  in  that  it  requires  the  thickness 
of  the  layer,  //,  to  be  very  small  compared  with  the 
crack  length  and  to  all  other  in-plane  length 
scales  of  the  specimen. 

The  mathematical  problem  analyzed  is  intro¬ 
duced  in  Fig.  1.  A  thin  layer  of  material  2  is  sand¬ 
wiched  in  a  homogeneous  body  of  material  1. 
Each  material  is  taken  to  be  isotropic  and  linearly 
elastic.  Attention  is  restricted  to  the  plane 
problem,  either  plane  strain  or  plane  stress.  The 
crack  lies  along  one  of  the  interfaces  (the  upper 
interface  in  Fig.  1)  coincident  with  the  .v,-a.\is 
with  the  tip  at  the  origin.  As  indicated  in  Fig.  I, 
the  asymptotic  problem  for  the  semi-infinite 
interface  crack  will  be  considered,  as  is  appro¬ 
priate  when  the  layer  thickness,  h,  is  very'  small 
compared  with  all  other  in-plane  length  scales. 
The  crack  tip  field  of  the  homogeneous  problem 
(with  no  layer  present)  is  prescribed  as  the  far 
field  in  the  asymptotic  problem.  Thus  the  far  field 
is  characterized  by  the  mode  l  and  mode  II  stress 
intensity  factors.  A',  and  A'„,  induced  by  the  loads 
on  the  reference  homogeneous  specimen.  The 
interface  crack  tip  field  is  characterized  by  a 
different  set  of  interfacial  stress  intensity  factors. 

,  and  K,,  which  will  be  defined  precisely  in  Sec¬ 
tion  2  below.  The  universal  relation  developed  in 
the  ne,\t  section  connects  these  two  sets  of  the 
stress  intensity  factors.  An  analogous  problem 


and  similar  arguments  can  be  found  in  (7j  for  a 
crack  parallel  to,  but  slightly  displaced  from,  an 
interface. 

With  the  universal  relation  in  hand,  we  outline 
in  Section  3  the  procedure  to  convert  the  e,\pcri- 
mental  data  {e.g.  the  critical  e.\ternal  loads)  to 
interfacial  toughness  using  two  particular 
specimen  configurations  as  illustrative  e.xamplcs. 
A  proposal  for  simplifying  the  interpretation  and 
presentation  of  inteifacial  toughness  will  be 
discussed  in  Section  4. 


2.  The  universal  relation 

As  observ’ed  in  (Sj  the  non-dimensional  elastic 
moduli  dependence  of  bimateria!  systems,  for 
traction  prescribed  plane  elasticity  boundary 
value  problems,  may  be  e,\prcssed  in  terms  of  two 
(rather  than  three)  special  combinations.  The 
Dundurs'  parameters  adopted  in  this  work  arc 
defined  as 


r(y;-F  l)-(y|  -F  1) 

r(K'2+  1)-f(ji:,  + 1) 

r(y2-i)-(>v-,-i) 

’’r{R',+  i)+(K',  +  i) 


Subscripts  1  and  2  refer  to  the  two  materials  in 
Fig.  I,  >:  =  3-4v  for  plane  .strain  and  (3-t')/ 
{ 1  +  v)  for  plane  stress,  r=//,//i2,  v  is  the  Poisson 
ratio,  and  ft  is  the  shear  modulus.  The  physically 
interesting  values  of  a  and  fi  arc  restricted  to  a 
parallelogram  enclosed  by  a  =  ±  1  and 
a-4^=  ±  1  in  the  a,  ^  plane.  Thus  will  be  of 
advantage  later  on  when  discussions  of  any  func¬ 
tions  depending  on  material  moduli  arc  made. 
Both  a  and  p  vanish  when  the  dissimilarity 
between  the  materials  docs. 

Two  other  bimaterial  coastants.  Z  and  e.  may- 
help  understand  the  roles  that  a  and  p  play, 
respectively,  i.c. 


c,  1  -  a 


'~2:r  iVp 


wlicre  the  compliance  parameter  c  is  related  to 
Youna's  modulus  E  bv 


K+l 


c  = 


8//- 


for  plane  .stress 


of 


Is,  1  -  r-!//i  for  plane  strain 

From  ,2,  a  can  be  readily  interprete-d  as  a 
mc.Lsurc  of  the  dussimilarity  in  .stiffness  of  the  two 
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materials.  Material  1  is  stiffer  than  2  as  a  >  0  and 
material  1  is  relatively  compliant  as  a  <  0.  The 
parameter  e,  and  thus  P,  as  will  be  clear  soon,  is 
responsible  for  the  oscillatory  behavior  at  the 
interface  crack  tip,  and  it  will  be  proposed  in 
Section  4  that  taking  )5  =  0  may  be  a  sensible 
simplifying  approximadon  in  many  cases. 

With  and  as  the  two  interface  stress 
intensity  factors  and  with  K  =  K^+lK2  as  the 
complex  interface  intensity  factor  [i  =  (-l)*^^], 
lije  traction  in  are  interface  a  distance  r  ahead  of 
;.iv  '•  fiit ■'  tip  IS  given  by 


a;2  +  i(7i2  = 


K 


(4) 


The  associated  crack  face  displacements  a 
distance  r  behind  the  crack  tip  are 


Fig.  2.  Two  basic  interface  crack  configurations. 


^2  +  1^1 


_ 4  <72 _ 

+  2i8)cosh(:r6) 


(5) 


The  energy  release  per  unit  of  new  interfacial 
crack  are"  ,  related  to  the  complex  stress  in¬ 
tensity  factor  by 


s,._a±4_ 

16  cosh  ne 


(6) 


These  results  for  the  interface  singularity  field 
were  contained  in  a  number  of  papers  in  1965 
[9-11].  The  present  normalization  of  the  inter- 
fecial  stress  intensity  factors  follows  [1]  and  [7]. 
The  interfacial  stress  intensity  factors  for  various 
crack  configurations  have  not  been  well 
documented,  yet  some  important  problems  have 
been  analyzed.  Two  examples  are  depicted  in  Fig. 
2.  For  a  semi-infinite  crack  along  the  interface 
between  two  elastic  half-spaces  loaded  by  equal 
but  opposite  tractions  cT22  +  ia,2=  -  T(xx)  on  the 
crack  faces. 


1/2  ", 

'coshTre  J  j — 


m 


j  i-t) 
-  00  '  ' 


1/2  +  ic 


df 


(7) 


In  the  case  of  a  finite  crack  of  length  2a  on  the 
interface  between  two  half-spaces  which  are 
subjected  to  eq'.”il  but  opposite  tractions 
CT22  +  i<7i2=  “  on  the  crack  faces,  the  stress 
intensity  factor  at  the  right-hand  side  tip  is 

K= 


[-]  coshOT(2fl)“‘^^"'' 


When  /35^0,  and  thus  by  (2)  £7^0,  /f,  and  K2 
do  not  strictly  measure  the  normal  and  shear  trac¬ 
tion  singularities,  respectively,  on  the  interface 
since  the  two  traction  components  do  not 
decouple  independent  of  r  due  to  the  term 
/■'*  =  exp[,'e  In  r]  in  (4).  Moreover,  crack  face  inter- 
,  penetration  is  implied  by  (5)  at  sufficiently  small  r 
(usually  exceedingly  small  r)  when  e  7^  0,  as  has 
been  discussed  in  [9].  However,  when  )8“0,  Ky 
and  Ki  do  measure  the  normal  and  shear  traction 
singularities  on  the  interface  ahead  of  the  crack 
tip  with  the  standard  definition  for  the  intensity 
factors.  The  utility  of  taking  =  0  as  a  pragmatic 
approximation  will  be  discussed  in  Section  4.  At 
this  point  we  simply  note  that  interpretation  of 
the  interface  intensity  factors  is  much  clearer 
when  =  0,  interpenetration  is  no  longer  an  issue, 
and  it  will  be  argued  that  little  of  physical  con¬ 
sequence  is  lost  by  taking  P  to  be  zero  in  most 
instances. 

The  far  field  for  the  asymptotic  problem  in 
Fig.  1  is  characterized  by  mode  I  and  mode  II 
stress  intensity  factors,  and  for  the  homo¬ 
geneous  specimen.  With  =  Ki  +  iKu  as  the 
apparent,  or  applied,  (complex)  stress  intensity 
factor,  the  traction  a  distance  r  far  ahead  of  crack 
tip  is 


K’° 


(9) 


The  energy  release  rate  computed  using  the  far 
field  is 


8 


(10) 
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By  elementary  energy  arguments,  or  by  appli¬ 
cation  of  the  /-integral,  one  notes  that  the  energy 
release  rate  in  (6)  and  ( 10)  must  be  equal  and  thus 

\K\=p\K-\  '  (11) 

where 


Following  an  argument  similar  to  that  used  in  ref. 
7,  dimensional  considerations  {cf.  (4)  and  (9))  and 
linearity  require  that 

Kh'^  =  aK”  +  bK^  (13) 

where  (')  denotes  complex  conjugation  and  a  and 
b  are  dimensionless  complex  constants  depend¬ 
ing  only  on  a  and  Equations  (11)  and  (13) 
imply 

|fll^  +  |6p  =  p^  ab  =  ab  =  0  (14) 

The  solution  to  (14)  which  gives  K  =  K°°  in  the 
limit  a  =  =  0  is 

a^pe''^  6  =  0  •  (15) 

where  co  is  a  real  function  of  only  a  and  p.  Now  it 
is  possible  to  rewrite  ( 1 3)  as 

Kh'^=pK”e'‘^  (16a) 

or 

Ki+iK2=p{Ki  +  \Kii)h-'^e'^  (16b) 

The  universal  relation  (16)  thus  has  been  fully 
determined  apart  from  (o{a,P).  An  integral  equa¬ 
tion  formulation  of  the  interface  crack  problem  is 
given  in  Appendix  A.  The  function  (o(a,p) 
extracted  from  the  numerical  solution  to  the 
integral  equation  is  presented  in  Table  1.  As  dis¬ 
cussed  in  Appendix  A,  the  error  is  believed  to  be 
within  a  few  tenths  of  a  degree. 


The  basic  relation  (16)  can  be  expressed 
another  way.  Noting  |  X/j''’  1  =  1 |,  one  can  write 

Kh'^  =  \K\e''i’  (17) 

as  in  [1],  where  ^  is  a  real  phase  angle.  With 
=  tan  ■  '{KJKi)  so  that 

/:"  =  |A:“|e‘i*  (18) 

Equation  (16)  can  be  written  equivalently  as 

|/C|  =  p|/C”|  rp  =  <^+(o{a,p)  (19) 

In  words,  the  complex  interface  stress  intensity 
factor  combination  has  magnitude  scaled  by 
a  factor  p  and  phase  angle  shifted  by  o  with 
respect  to  the  far  field  stress  intensity  factor. 

For  material  combinations  with  /3  =  0  and  thus 
f  =  0,  Ky  and  have  conventional  inter¬ 
pretations,  as  already  emphasized,  and  (16) 
becomes 

A:=(l-a)'/2;^“exp[iw(a,0))  (20) 

independent  of  h.  Now,  ^  =  tan  "'(^2/^1) 
measures  the  relative  proportion  of  “mode  11”  to 
“mode  I”  on  the  interface.  By  (19),  the  shift  in  the 
relative  proportion  in  the  applied  (remote)  field 
to  that  in  the  interface  field  is  given  by  w(a,0). 
From  Table  1,  it  is  noted  that  this  shift  is  not  large, 
varying  from  4.4®  for  a  =  -  0.8  (when  the  layer 
material  is  stiff  compared  with  the  bulk  material) 
to  - 14.3°  for  a  =  0.8  (when  the  layer  material  is 
relatively  compliant).  Thus,  for  example,  a  mode  I 
specimen  with  a  sandwich  layer  will  not  be  “mode 
1”  at  the  interface  crack  tip,  but  the  shift  will  not 
be  large.  Much  to  the  expectation  of  the  designers 
of  these  kind  of  specimens,  the  fracture  mode  at 
the  crack  tip  is  essentially  the  same  as  that 
induced  for  the  crack  in  the  corresponding  homo¬ 
geneous  specimen  under  the  same  external  load¬ 
ing,  but  with  a  scaling  factor  p. 


TABLE  1  0)(a,  P)  (in  degrees) 


-O.S 

-0.6 

-0.4 

-0.2 

0.0 

0.2 

0.4 

0.6 

0.8 

-0.4 

2.2 

3.5 

-0.3 

3.0 

4.0 

3.3 

1.4 

-0.2 

3.6 

4.1 

34 

2.0 

-0.3 

-3.3 

-0.1 

4.0 

4.1 

3.3 

2.0 

0.1 

-2.3 

-5.5 

-10.8 

0.0 

4.4 

3.8 

2.9 

1.6 

0.0 

-2.1 

-4.7 

-8.4 

-14.3 

0.1 

2.3 

1.1 

-0.5 

-2.3 

-4.5 

-7.4 

-11.6 

0.2 

-1.3 

-3.0 

-4.9 

-7.3 

-10.5 

0.3 

-5.8 

-7.8 

-10.4 

0.4  -ll.l 
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3.  Applicaliuns 

riic  application  of  the  iinivcisal  relation  to  a 
pasliciiltir  sancivvieh  specimen  is  straightl'orvvarcl. 
One  may  start  witli  any  specimen  which  has  been 
successl'ully  used  for  homogeneous  crack  frjiciure 
test.  Proper  techniques  are  required  to  sandwich 
a  second  material  layer  into  the  bulk  of  the  speci¬ 
men  and  ensure  that  the  crack  stays  along  one  of 
the  interfaces,  as  discussed  in  [4],  Critical  external 
loads  are  recorded  as  the  crack  starts  to  prop¬ 
agate.  The  apparent  stress  intensity  factor,  /v"', 
is  then  calculated  from  the  critical  external  loads 
as  if  the  specimen  were  homogeneous.  The  actual 
interfacia!  .stress  intensity  factors  are  readily 
evaluated  using  the  universal  relation  (16),  or  its 
simplified  version  (20).  Two  particular  specimens 
are  discussed  below  for  purpose  of  illustration. 

First  consider  the  specimen  shown  in  Fig.  3.  A 
layer  of  material  2  with  thickness  h  is  .sandwiched 
in  a  large  plate  of  material  1,  with  overall  length 
scale  L.  A  crack  of  length  2a  is  introduced  at  the 
center  of  the  specimen  along  the  interface.  To 
apply  the  universal  relation,  the  specimen  should 
be  devised  such  that  li  is  very  small  compared 
with  the  crack  half-length  a.  We  will  also  assume 
that  L>  a  so  that  the  formula  for  the  infinite 
plane  applies,  but  any  formula  which  accounts  for 
the  influence  of  L  on  the  intensity  factors  for  the 
homogeneous  problem  could  be  u.sed.  A  uniaxial 
tensile  stress  a  is  applied  at  an  angle  6  to  the 
direction  of  the  layer  and  crack.  The  apparent 
stress  intensity  factor  is  simply  that  of  an  internal 
crack  in  an  infinite  homogeneous  plate  due  to 
remote  stress  [12], /.e.  , 

/C”  =  A,  +  iA'ii  =  a(;Tfl)''“sin  6e'"  (21 ) 

I'he  interface  stress  intensity  factor  is  then 
'Obtained  by  substituting  (2 1 )  into  (16).  That  is 

O' 

t  «  t  t  1  ‘  « 


4/  !  ^ 


j  .  *  t  t  *  i 

Mg.  3.  ,S:ii)(Jvvict)  hiycr  and  inlcrCacc  crack  in  linilc  plane  ai 
angle  !'i  apfjlicd  Icivaon. 


A/V  ‘sin fA’xpIK/M  onl  (22) 

With  //- (I,  the  interface  .stress  intensity  factors  are 

A,  -  oj;r!.  1  «)nl'^Asin  ClcoslfM  oti 

K,  -  o\.i{  1  -  «)rtj*/“sin  (d)  (23i 

Ob.serve  that  (23)  implies  the  toughne.ss  |  A\.  ]  can 
be  measured  using  this  specimen  over  a  wide 
range  of  pha.se  angles  V'^tan  '(/Cj/A', )  by  con¬ 
tinuously  varying  the  direction  of  the  load  0. 

Next  consider  the  double  cantilever  beam 
(DCB)  specimen  propo.sed  in  [41,  consisting  of  a 
thin  film  of  medium  2  bonded  between  substrates 
of  medium  1  (Fig,  4),  The  apparent  stress  in¬ 
tensity  factor  as.sociated  with  the  corresponding 
homogeneous  specimen,  determined  from  the 
previous  numerical  solution  [13]  in  terms  of 
applied  load  per  unit  thickness  P,  crack  length  a, 
and  half-height  /,  is 

A'“  =  A,  =  /^/-•■*/2tf[3.467  +  2.315(//fl)]  (24) 

Substituting  (24)  into  (16)  gives  the  interface 
.stress  intensity  factor  of  the  crack  tip  as 

A/i*'  =/;P/--'/‘fl[3.467  +  2.315(//fl)]e‘'"  (25) 

If  the  simplifying  assumption  is  made,  i.e.  /?  =  0, 
(25)  becomes 

A  =  (l  -a)'/V"/--’/-fl[3.467-l-  2.315(//fl)]e‘‘"  (26) 

Since  o)  is  typically  very  small  according  to  Table 
1,  this  is  essentially  a  mode  1  specimen,  as  antici¬ 
pated  [4]. 

4.  On  the  virtues  of  taking =  0 

By  conducting  fracture  tests  over  a  full  range 
of  external  loading  {i.e.  a  full  range  of 
^  =  tan''(A„/A,),  one  generates  a  locus  of  the 
critical  combinations  of  the  interface  intensity 
factors,  A|  and  K^.  A  thorough  discu.s.sion  of 
.several  approaches  to  recording  and  using  inter¬ 
facial  fracture  data  is  given  in  [1  ].  In  particular,  if 


i'  #2 

t 


Mp.  4.  Doiihic  eaniilcvcr  K'ant  Niu’Cimcti  h  sandwich 
laycis. 
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full  accounting  for  the  c-effects  is  made,  then  a 
critical  value  of  K  =  K^  +17^,  must  be  reported  in 
units  of  stress  o  and  length  L  as 

K  =  AoL'l^-'^  (27) 

where  A  is  a  dimensionless  complex  number.  A 
peculiar  consequence  of  (27)  is  that  the  phase,  i.e. 
the  relative  proportion  of  /f,  to  X,,  changes  when 
length  units  are  changed.  Moreover,  from  (4)  it 
can  be  seen  that  the  relative  proportion  of  shear 
to  normal  stress  acting  on  the  interface  directly 
ahead  of  the  tip  is  not  constant  but  varies  (weakly) 
according  to  r'’^  =  exp(i£ln  r)  when  £  5^  0. 

Plane  strain  values  of  a,  /?  and  £  were  listed  in 
[7]  for  six  representative  material  pairs.  In  most  of 
these  cases,  e  is  very  small,  often  less  than  0.01  in 
magnitude,  even  when  a  is  substantial  cor¬ 
responding  to  ratios  of  4  or  5  of  the  plane  strain 
modulus  £■/(!  -  v^)  of  the  two  materials.  At  the 
present  stage  of  the  development  of  the  mech¬ 
anics  of  interfacial  fracture  it  is  likely  that  other 
problems  and  issues,  such  as  the  difficulty  in 
preparing  specimens  and  in  measuring  interfacial 
toughness,  are  much  more  pertinent  than  s- 
effects.  Certainly,  there  is  no  compelling  experi¬ 
mental  evidence  to  date  which  suggests  an 
important  role  for  £,  and  various  proposals  for 
ignoring  £-effects  have  been  considered  [1].  A 
consistent  approach  proposed  in  [14]  is  to  syste¬ 
matically  take  P  =  0,  both  in  the  determination  of 
critical  toughness  data  from  test  specimens  and  in 
subsequent  application  of  such  data  to  predict 
fracture.  Of  the  two  non-dimensional  parameters, 
a  and  P,  measuring  dissimilarity  in  material 
elastic  properties,  a  appears  to  be  the  more 
important.  For  example,  in  the  present  solution 
(16),  P  enters  in  the  factor  p  only  as  and  for  a 
typical  plane  strain  p  value  makes  a  very  small 
numerical  contribution  to  p.  Similarly,  its  lowe.st- 
order  influence  on  the  relation  between  K  and 
the  energy  release  rate  in  (6)  is  only  of  order  P^ 
through  cosh  ns.  It  is  also  noted  that  w  in  Table  1 
is  a  stronger  function  of  a  than  of  p  and  for 
typical  P  values  is  hardly  influenced.  A  similarly 
weak  dependence  on  P  of  the  solution  variables 
for  intensity  factors  for  a  crack  kinking  out  of  an 
interface  was  noted  in  [14].  Curiously,  the  several 
solutions  for  intensity  factors  for  cracks  on  the 
interface  between  two  semi-infinite  blocks  of 
materials  produced  in  1965  [9-1 1],  two  of  which 
are  listed  here  as  (7)  and  (8),  have  no  dependence 
on  a  but  do  depend  weakly  on  c  and,  therefore, 
on  p.  This  may  partly  explain  why  £-effects  may 


have  been  overemphasized.  In  any  case,  at  this 
stage  in  the  development  of  the  subject  it  seems 
sensible  to  take  /?  =  0,  especially  when  p  is  small, 
in  view  of  the  clarification  in  interpretation  and 
simplification  in  approach  which  thereby  follows. 
A  safe  procedure  would  be  to  report  data  in  a 
manner  which  would  permit  conversion  to  an 
£-based  scheme  at  a  later  date  if  that  turns  out  to 
be  necessary.  Guidelines  can  be  found  in  ref.  1. 
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Appendix  A.  Integral  equation  formulation 
and  solution 

In  this  Appendix  we  set  up  and  solve  the 
integral  equation  for  the  plane  elasticity  problem 
specified  in  Fig.  1.  Similar  solution  procedure  can 
be  found  in  refs.  7, 15, 16.  A  layer  of  material  2  is 
sandwiched  in  an  infinite  medium  of  material  1. 
Each  material  is  taken  to  be  isotropic  and  linearly 
elastic  with  the  x,-axis  coincident  with  the  upper 
interface.  The  thickness  of  the  layer  is  set  to  be 
unity  since  the  h  dependence  is  known.  A  semi¬ 
infinite  crack  lies  along  the  Xi-axis  with  the  tip  at 
the  origin.  The  external  loading  is  prescribed  in 
the  far  field  as  the  standard  crack  tip  field  of  a 
homogeneous  crack  characterized  by  the  classical 
stress  intensity  factor 

K^  =  Ki  +  iKn  (Al) 

Let  &;{|)  be  the  x,  component  of  an  edge  dis¬ 
location  located  on  the  interface  at  x,  =  The 
stresses  at  point  x,  =  x  on  the  interface  induced 
by  the  dislocation  are  given  by 

CT22(x)  +  ia,2(x)  =  ^^  + 2;r^i(5(x 
x-4 

(A2) 

where  d{x)  is  the  Dirac  delta  function  and 
C2(1-/3  )m 

and  the  complex-valued  functions  F,{^)  are  con¬ 
structed  in  Appendbc  B.  The  functions  F,  and  Fj 
are  well  behaved  in  the  whole  range 
-  CO  <  ^  <  +  CO,  with  asymptotes 

/^i(C)  =  o|i|,F2(a=o(^j  as?-*oo 

(A4} 

The  semi-infinite  crack  is  represented  by  a  dis¬ 
tribution  of  dislocations  lying  along  the  negative 
Xj-axis  such  that  the  traction  vanishes  along  the 
negative  Xi-axis.  That  is,  the  distribution  B{^)  for 
I  <  0  must  be  governed  by 

/  F(^)d| 

0 

+  J  F,(x-|)F(§)d|  +  2;ry3iF(x)=0 

forx<0  (A5) 


where  the  first  integral  is  the  Cauchy  principal 
value  integral. 

The  crack  face  displacements  are  related  to  the 
dislocation  distribution  by 
0 

6,(x)  +  iA,(x)  =  J[6,(£)  +  iI>2(^)Jd^ 

r 

=  n\c-,- — —  \  forx<0 

■  1  +  a  •' 

(A6) 

The  relation  between  the  complex  stress  intensity 
factor  K  and  the  dislocation  distribution  B  can  be 
derived  by  combining  (5)  and  (A6).  That  is 

^=(2;rP(l-^2Flim  (A7) 

x-O-  t“X) 

The  behavior  of  F(^)  as  ^  -  co  can  be  specified 

to  give  the  correct  far  field  loading  (Al ),  i.e. 


as^--co 

(A8) 

Notice  that  with  asymptotic  behaviors  (A4)  and 
(A8),  the  integrands  in  (A5)  are  integrable. 

Make  the  change  of  variables 


M  -1 

x= - 

M  +  1 

- 1  <  t/  <  1 

^:=LZl 

t  +  \ 

-l<r<l 

and  let 

e-x-^= 

1 

2(u-t) 

(w  +  l)(;  +  l) 

(A9) 


(AlO) 


Then  with  A[t)  =  B{^),  the  integral  equation 
(A15)can  be  reduced  to 

f-^dr  +  ;r/5iA(H) 
u-t 


- TTT? - 

for  - 1  <H<1  (All) 

where  the  first  integral  is  the  Cauchy  principal 
value  integral.  With  the  asymptotic  behaviors 


142 


(A7)  and  (A8)  in  mind,  one  can  take  the  approxi¬ 
mation  for  A(0  as 


A{t)^ 


l/2-if 


«0 


N 

+  (!  +  /)  E 

k~l 

where 


(A12) 


«o  =  (2:r)-2/3^/C”  (A13) 

and  fj{t)  is  the  Chebyshev  polynomial  of  the  first 
kind  of  degree  j,  and  the  a  values  are  complex 
coefficients  which  must  be  determined  in  the 
solution  process.  When  substituted  into  (All), 
the  representation  for  A  leads  to  an  equation  of 
the  form 


N 


E  [aJiiu,  k)  +  a^hiu,  k)]  +  aol^iu)  =0 

*-i 


(A14) 


between  10  and  20.  The  consistencj  check  was 
satisfied  to  better  than  0.3%.  It  is  believed  that  the 
error  of  w  is  within  a  few  tenths  of  a  degree. 


Appendix  B.  A  dislocation  in  the  sandwich 
structure 


The  dislocation  solution  used  as  the  kernel  in 
the  integral  equation  (A5)  is  summarized  here. 

The  plane  elasticity  problem  is  specified  in  Fig. 
5.  An  edge  dislocation  with  components  bi  and 
t>2  at  the  origin  lies  on  the  upper  interface  of  the 
bonded  sandwich  structure.  The  solution  to  the 
problem  in  Fig.  5  is  obtained  by  the  similar  super¬ 
position  technique  used  in  [16].  Only  the  final 
results  are  reported  below.  The  stresses  at  (^,  0) 
induced  by  the  dislocation  at  the  origin  are  given 
by 

i^22(?.0)  +  ia, 2(^,0) 


I-. 


-^+2npm)  +  F2{i)\+BF,(^)  (Bl) 


where  the  terms  I,  for/  1,  3  involve  integrals  where  d(.t)  is  the  Dirac  delta  function  and 
such  as 


1 

lM=j  F,(?)T,.,(t)(l+/) 


-1 


I/2-it 

dr 


(A15) 


These  integrals  must  be  evaluated  numerically  for 
given  values  of  u  and  k. 

The  solution  procedure  is  as  follows.  Let  a  set 
of  2N  real  unknowns  be  the  real  and  imaginary 
parts  of  for  k  =  l,  N.  This  set  of  2N  unknowns 
is  used  to  satisfy  the  real  and  imaginary  parts  of 
(All)  at  N  Gauss-Legendre  points  {«,}  on  the 
interval  - 1  <  «  <  1.  Once  the  a  values  have  been 
determined,  the  complex  stress  intensity  factor 
can  be  computed,  using  (A7)  and  (A12),  from 


K={2nyiHl-p^yi^ 


flu  +  2  E  fl* 

\  *-i 


(A16) 


The  general  expression  for  in  (14)  applies  to 
the  present  case  with  =  1  and  =  0,  or  equi¬ 
valently,  with  /C“  =  1,  and  h  =  l,so  that 

K=pe'’"  (A17) 

which  yields  sin  co  and  cos  w  independently.  The 
relation  sln^cu  +  cos-cu  =  1  provides  a  consistency 
check  on  the  accuracy  of  the  solution.  The  results 
reported  in  Table  1  were  computed  with  N 


B=-j^-.{b,+ib2)  (B2) 

C2(1-/3  )m 

The  complex-valued  functions  Fj{^)  are  deter¬ 
mined  by 

^•,(e)=lQ2(e)-/?,(e)]+i[(2.(^)+/?2(n] 

(B3) 

where  the  Q  and  R  are  defined  by  Fourier 
integrals 


Qi(^)  =  /  (-Ai)cos  CAdA 
0 


/^i(C)  =  J(-A,+A2).sinCAdA 

0 

(B4) 

to 

G2(e)  =  J(-B,)sin^AdA 

0 


/^2(?)  =  J(B,-B2)cos?AdA 

0 
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Fig.  5.  Geometry  for  dislocation  solution  used  in  construct¬ 
ing  the  integral  equation. 


ri+p 

0 


a-p 

l-2(a-p) 


-P 

1-/3 


a-/3_ 


n  -A 
1  1-A 


P2  = 


1-a  1-a  2 


e 


(B6) 


The  A  and  B  are  solved  from  the  linear  algebraic 
equations 
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Abstract 

In  previous  studies,  we  found  that  although  the 
near-tip  fields  of  cracks  on  a  bimaterial  interface 
do  not  have  a  separable  form  of  the 
Hutchinson-Rice-Rosengren  (HRR)  type,  they 
appear  to  be  nearly  separable  in  an  annular  region 
well  within  the  plastic  zone.  Furthermore,  the  fields 
bear  interesting  similarities  to  mixed  mode  HRR 
fields  for  homogeneous  media.  Over  length  scales 
comparable  to  the  size  of  the  dominant  plastic 
zone,  the  stress  levels  in  both  materials  are  set  by 
the  yield  strength  of  the  weaker  (lower  yield 
strength)  material  Over  distances  which  are  small 
compared  with  the  smallest  dimension  of  the  plas¬ 
tic  zone  (or  distances  comparable  with  the  crack 
tip  opening  displacement),  the  behavior  of  the 
stresses  is  governed  by  the  strain  hardening  charac¬ 
teristics  of  the  more  compliant  (lower  hardening 
material.  Asymptotically,  as  the  crack  tip  is 
approached,  the  material  system  responds  like  that 
of  a  plastically  deforming  solid  bonded  to  a  rigid 
substrate;  in  particular,  the  stress  and  the  strain 
fields  in  the  more  compliant  material  behave  like 
those  of  a  material  with  identical  plastic  properties 
bonded  to  a  rigid  substrate.  Guided  by  this  obser¬ 
vation,  our  attention  is  directed  to  the  plane  strain 
problem  of  a  deformable  material  bonded  to  .i 
rigid  substrate.  The  bimaterial  interface  is  popu¬ 
lated  by  a  row  of  collinear  cracks.  The  body  is 
loaded  by  remote  tension  so  that  the  cracks  remain 
ejfectively  open  over  size  scales  that  are  physically 
relevant.  Contained  and  large-scale  yielding  solu¬ 
tions  for  cracks  with  crack-length-to-ligament 
ratios  that  differ  by  more  than  two  orders  of  magni¬ 
tude  are  obtained  by  finite  element  analysis.  The 
solutions  reveal  that  the  effects  of  load  (or  finite 
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ligament  plasticity)  and  geometry  on  the  near-tip 
fields  ar'>  adequately  accounted  for  by  the  J  inte¬ 
gral.  Furthermore,  the  near-tip  fields  appear  to 
possess  a  structure  which  is  similar  to  that  already 
presented  in  previous  publications  on  the  small- 
scale  yielding  problem.  Over  the  full  range  of  loads 
considered,  the  relation  between  the  crack  opening 
displacement  (measured  at  ihe  center  of  the  crack) 
and  the  J  integral  is  not  sensitive  to  differences  in 
geometry  associated  with  widely  different  crack- 
length-to-ligament  ratios. 

1.  Introduction 

Aspects  of  the  structure  of  small-scale  yielding 
fields  at  bimaterial  crack  tips  have  been  inves¬ 
tigated  independently  by  Shih  and  Asaro  [1,  2], 
and  by  Rice  [3].  The  form  of  the  structure  is  suf¬ 
ficiently  general  that  the  fields  for  two  plastically 
deforming  materials  or  an  elastic-plastic  material 
bonded  onto  an  elastic  (or  rigid)  substrate  can  be 
accommodated.  In  refs.  1  and  2  numerical  solu¬ 
tions  have  been  presented  for  a  boundary  layer 
small-scale  yielding  formulation  and  for  a  full 
boundary  value  problem  which  corroborates  cer¬ 
tain  features  of  the  structure.  It  was  shown  that 
the  extent  of  plasticity  and  the  stress  and  deform¬ 
ation  fields  within  the  dominant  plastic  zone  are 
determined  primarily  by  the  response  of  the 
weaker  (lower  yield  strength)  solid.  The  dominant 
plastic  zone  develops  in  the  weaker  material. 
Thus,  over  length  scales  comparable  with  the  size 
of  the  dominant  plastic  zone,  the  stress  levels  are 
set  by  the  lower  of  the  two  yield  strengths.  In  con¬ 
trast,  our  numerical  solutions  suggest  that  the 
form  of  the  near-tip  fields  is  governed  by  the 
strain  hardening  characteristics  of  the  more  com¬ 
pliant  (lower  strain  hardening)  material.  If  the 
stress-strain  behavior  of  both  materials  can  be 
characterized  by  piecewise  linear  elastic  power 
law  relations,  the  numerical  solutions  support  an 
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observation  that,  as  r-*0,  the  stress  and  strain 
fields  in  the  material  with  the  lower  strain  hard¬ 
ening  capacity  asymptotically  approach  those  of  a 
material  with  identical  plastic  properties 
bonded  to  a  rigid  substrate.  The  near-tip  stress 
levels  achievable  in  the  material  with  the  higher 
hardening  capacity  are  limited  to  those  levels 
attained  in  the  lower  hardening  material. 

In  this  paper,  our  objective  is  to  elucidate  the 
effects  of  crack  geometry  and  of  small-scale  and 
finite  ligament  plasticity  on  near-tip  fields. 
Guided  by  the  results  of  our  previous  studies,  our 
attention  in  this  investigation  is  directed  at  the 
plane  strain  problem  of  an  elastic-plastic  material 
bonded  to  a  rigid  substrate.  The  boundary  value 
problem  considered  is  that  of  a  row  of  collinear 
cracks  lying  along  a  bimaterial  interface.  Crack- 
length-to-ligament  ratios  which  vary  by  more 
than  two  orders  of  magnitude  are  considered. 
The  full  range  of  solutions  from  contained  yield¬ 
ing  to  fully  yielded  conditions  are  obtained  by 
finite  element  analysis.  For  the  most  part,  the 
calculations  use  a  small  strain  isotropic  defor¬ 
mation  theory.  This  was  done  to  make  contact 
with  an  analytical  investigation  of  asymptotic 
crack  tip  fields  which  is  in  progress  [4]  and  to 
facilitate  the  connection  between  the  numerically 
determined  near-tip  solutions  for  interface  cracks 
and  existing  solutions  for  crack  tip  fields  in 
homogeneous  media.  Since  deformation  theory 
solutions  are  sometimes  suspect,  we  have  re¬ 
analyzed  the  same  boundary  value  problems  for 
selected  load  combinations  of  interest  using  a 
small  strain  and  a  finite  deformation  version  of 
flow  (incremental)  theory. 

For  moderately  and  lightly  hardening  mater¬ 
ials,  the  solutions  from  deformation  and  flow 
theories  show  good  agreement  over  length  .scales 
which  are  physically  relevant.  More  importantly, 
the  full  field  solutions  reveal  that  the  effects  of 
load  (or  finite  ligament  plasticity)  and  geometry 
on  near-tip  fields  are  adequately  accounted  for  by 
the  J  integral.  Throughout  this  paper,  geometry 
refers  to  the  ratio  of  the  crack  length  to  the  liga¬ 
ment  length  since  this  is  the  only  geometric  para¬ 
meter  of  the  problem. 

2.  Review  of  elasticity  and  small-scale  y. elding 
fields 

2.  y.  Linear  elasticity  solutions 

Figure  1  shows  a  periodic  array  of  cracks  2a 
long  lying  on  the  interface  between  two  semi- 
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Fig.  1.  Infinite  row  of  collinear  cracks  on  a  biniatenal  inter¬ 
face. 


infinite  slabs  of  isotropic  elastic  solids  with  differ¬ 
ing  material  moduli.  The  shear  moduli  and 
Poisson’s  ratios  are  //, ,  /r,  and  v,,  V2  respectively. 
The  Young’s  moduli  will  be  denoted  by  £j  and 
Ez-  We  confine  our  attention  to  the  right-hand  tip 
of  a  crack.  Let  r  and  6  be  the  polar  coordinates 
centered  at  this  crack  tip.  At  small  distances  from 
the  crack’tip,  the  in-plane  stresses  have  the  sing¬ 
ular  form  [3, 5-9] 

‘’■>■‘''1(5;^ (i)  ■^''<"’'’1 


where  \  =  -  V',  Q\s  the  complex  stress  intensity 
factor,  and  L  is  a  relevant  dimension  of  the  crack 
geometry.  For  the  geometry  depicted  in  Fig.  1,  L 
can  be  taken  to  be  the  total  crack  length  la.  The 
bimaterial  constant  e  is  given  by 


Izi] 


(2) 


where 


1 /^i(1-2v2)-A2(I-2vi) 

2  fiM-V2)  + 

The  angular  variation  (7,^(0;  e)  is  complex  and 
depends  only  on  e  (see.  for  example,  Appendix  I 
in  ref.  1).  It  should  be  noted  that  |  (/■//.)''!=  1. 

It  is  convenient  to  express  Q  in  terms  of  its 
magnitude  |  Q\  and  phase  (j>,  namely 

<2=(2i+i(22  =  l!2lexp(ij5) 


(4) 
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Thus,  tractions  on  the  bond  line  are  given  by 


/=(g,  +iaJ(,„o  = 
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and  displacement  jumps  across  the  crack  faces 
take  the  form 


Alt =AUy+iAuji={iiy+iUjc)g„^^-{Uy+hij^)o.- 
8  A 

" (T+4£-)‘^-  (2^  -  0  +  ?S  +  £ ln(/VL )}] 

(6) 

where  0  =  tan"’(2£)  and  for  plane  strain 
A=?j(l-  Vi)l^i  +  (l-V2)lfi2\l^cosh‘{jie). 

The  ratio  of  Qi  to  Q2,  i.e.  the  phase  of  Q  as 
defined  in  eqn.  (4),  does  not  depend  on  the  rele¬ 
vant  length  L  of  the  crack  geometry.  As  an 
example,  the  relation  between  Q  and  the  remote 
fraction  T{  T=  Oyy”  +  ia^,")  for  an  isolated  crack 
of  length  L  lying  on  a  bimaterial  interface  is 
Q=(l  +  i2£)  T [9].  In  this  case,  the  con¬ 
nection  between  the  phase  ^  of  the  stress  inten¬ 
sity  factor  and  the  phase  if>  of  the  remote  load 
(r=  jT|  exp(iV'))  is  simply  ^=yi+t2in~'(2s). 
ThuSi  changes  in  crack  length  at  fixed  V'  (ITI  is 
free  to  vary)  do  not  change  the  phase  of  Q.  Dif¬ 
ferent  normalizations  of  the  singular  crack  tip 
fields,  which  result  in  stress  intensity  factors  that 
differ  by  scaling  constants  involving  e,  have 
appeared  in  the  literature  on  interface  cracks.  In 
ref.  3,  a  particularly  convenient  definition  of  the 
stress  intensity  factor  K  was  introduced.  The 
relation  between  K  and  Q  is 

Q=KL-  \Q\  =  \K\  QQ=Kk  (7a) 

and 

^=q)+slnL  (7b) 

where  tp  is  the  phase  of  K.  It  should  be  noted  that 
K  uniquely  specifies  the  crack  tip  fields  whereas 
both  Q  and  a  relevant  crack  dimension  L  are 
required  for  the  same  purpose.  In  other  words,  K 
fully  characterizes  the  effects  of  load  and  geo¬ 
metry  on  the  crack  tip  field.  Con.sequently,  the 
phase  of  K  depends  weakly  on  the  relevant  length 
of  the  crack  geometry.  The  results  contained  in 
eqns.  (1),  (5)  and  (6)  can  be  restated  in  terms  of  K 
by  using  the  relationships  in  eqn.  (7). 

A  relation  which  will  be  of  use  later  in  the 
analysi.s  is  the  energy  release  rate  for  the  crack 


advancing  along  the  interface  [10, 1 1] 

y  =  AQQ=AKK  (8) 

where  A  is  a  material  parameter  of  the  system, 
defined  previously. 

The  linear  elasticity  solution  for  the  displace¬ 
ment  jumps  (eqn.  (6))  predicts  that  overlapping  of 
crack  faces  always  occurs,  though  the  zone  of 
overlap  is  extremely  small  compared  with  L  for 
load  states  in  the  range  -45°<ji<45",  i.e. 
(2i  >  I  (22 1  (see,  for  example,  refs.  2  and  3).  With 
regard  to  the  present  boundary  value  problem, 
the  cracks  are  open  over  length  scales  of  physical 
relevance  for  the  entire  range  of  loads  con¬ 
sidered. 

2.2.  Structure  of  the  small-scale  yielding  fields 

In  the  small-scale  yielding  formulation,  the 
actual  crack  problem  is  replaced  by  a  semi¬ 
infinite  crack  in  an  infinite  medium  with  the 
asymptotic  boundary  condition  that,  at  large 
values  of  r,  the  field  approaches  that  given  by  eqn. 
(1).  Let  Oq,  and  002  denote  the  yield  strengths  of 
material  1  (top)  and  material  2  (bottom)  respec¬ 
tively  (see  Fig.  1).  It  is  convenient  to  denote  the 
lower  yield  strength  by  OoiOg  -  min(aoi ,  002))  and, 
with  no  loss  of  generality,  material  1  will  be  taken 
to  be  the  weaker  (lower  yield  strength)  material  in 
this  discussion.  The  numerical  solutions  of  Shih 
and  Asaro  [1,  2]  demonstrated  that  the  small- 
scale  yielding  fields  are  members  of  a  family 
parameterized  by  an  intrinsic  phase  parameter 
the  form  of  these  solutions  was  in  fact  suggested 
by  dimensional  analysis.  A  similar  form  for  the 
plastic  zone  of  the  interface  crack  was  also  sug¬ 
gested  by  Rice  [3]  through  dimensional  analysis 
and  by  an  examination  of  the  soultions  in  ref.  1. 
Zywicz  and  Parks  [12]  developed  an  approximate 
analy.sis  for  the  interface  crack  plastic  zone  based 
on  the  linear  elasticity  solutions  (eqn.  ( 1 ))  and  also 
arrived  at  a  similar  conclusion  regarding  the 
dependence  of  the  plastic  zone  on  a  parameter  ^ 
.similar  to  f . 

Under  small-scale  yielding,  |  varies  linearly 
with  the  phase  of  Q(or  K)  and  varies  slowly  with 
its  magnitude  as  given  by 

In  the  second  equality,  L  has  been  absorbed  in 
the  pha,se  of  K.  The  phase  parameter  [12] 
differs  inconsequentially  from  the  second  expres- 
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sion  in  eqn.  (9)  by  a  constant  involving  e.  Dimen¬ 
sional  considerations,  the  linearity  of  the 
equilibrium  and  strain-displacement  relations, 
and  the  structure  of  the  elastic  fields  (eqn.  (1)) 
suggest  the  stress  field  in  the  small-scale  yielding 
formulation  of  the  form  [2] 

^ij~  ^ofij 


rog 

Kk’ 


6,  phase 


I,  dimensionless 


material  parameters 


(10) 


The  material  system  parameter  2,  as  yet  undeter¬ 
mined,  involves  dimensionless  combinations  of 
plasticity  parameters  A  similar  result  in  ref.  3  can 
be  manipulated  into  the  above  form. 

A  rearrangement  of  the  result  in  eqn.  (10)  leads 
immediately  to  the  following  expression  for  the 
radial  distance  from,  the  crack  tip  to  the 
elastic-plastic  boundary  [1, 2] 

KK 

(11) 

where  i?(  0;  is  a  dimensionless  angular  function 
which  depends  strongly  on  |  and  weakly  on 
dimensionless  groups  of  elastic  and  plastic  mater¬ 
ial  parameters.  The  angular  function  R  has  a 
periodicity  of  ti  with  respect  to  §  such  that 

R{d-,^)=R{e\^  +  mn)  1,2,3,...  (12) 

An  equivalent  implicit  expression  for  is  given 
in  ref.  3.  It  follows  from  eqn.  (11)  that  the  extent 
of  the  dominant  (larger)  plastic  zone  is  deter¬ 
mined  by  the  yield  strength  of  the  weaker  mater¬ 
ial  and,  therefore,  over  length  scales  comparable 
with  the  size  of  the  dominant  plastic  zone,  the 
stress  levels  in  both  materials  are  set  by  the  lower 
yield  strength.  Various  aspects  of  the  fields  are 
discussed  in  refs.  1, 2  and  13  for  different  material 
combinations. 

The  function  R{6',^)  has  been  determined 
directly  from  the  plots  of  small-scale  yielding 
plastic  zones  which  have  been  obtained  for  a 
range  of  phase  angles  ^  and  several  material 
systems  [1,  2].  Alternatively,  an  estimate  of 
R{d;^)  can  be  obtained  by  approximating  /(,  in 
eqn.  (10)  by  the  linear  elasticity  fields  (eqn.  (1)) 
and  assuming  that  the  elastic-plastic  boundary  is 
the  locus  where  the  effective  stress  equals  a„. 
The  latter  procedure  has  been  adopted  in  ref.  1 2 
to  estimate  plastic  zone  sizes  and  shapes. 


2.3.  Plausible  form  of  asymptotic  fields  (r^  0) 

It  has  been  noted  that,  over  length  scales  which 
are  comparable  with  the  size  of  the  dominant 
plastic  zone,  the  stress  levels  in  both  materials  are 
set  by  o^),  the  yield  strength  of  the  weaker  mater¬ 
ial.  To  understand  the  behavior  of  the  stresses 
near  bimaterial  crack  tips  (as  r-0),  we  con¬ 
sider  materials  with  a  Ramberg-Osgood-type 
stress-strain  relation.  The  hardening  exponents 
of  the  material  1  (top)  and  material  2  (bottom)  are 
«,  and  ih.  We  shall  denote  the  larger  of  n,  and  112 
by  n,  i.e.  n  =  max(/z, ,  «,)•  Shih  and  Asaro  [2]  have 
observed  that  as  r-*0,  the  stress  and  strain  fields 
in  the  material  with  hardening  n  asymptotically 
approach  those  of  a  material  with  the  identical 
plastic  properties  bonded  to  a  rigid  medium.  A 
plausible  form  of  the  asymptotic  crack  tip  fields 
(in  the  plastically  deforming  material)  for  the 
small-scale  yielding  problem  is 

(13) 

It  should  be  noted  that,  in  eqn.  (13),  Oo  and  n  are 
the  plastic  properties  of  the  more  compliant 
material,  namely  the  material  with  the  lower 
strain  hardening  capacity.  In  this  equation  we 
have  introduced  a  convenient  normalized  dis¬ 
tance  f  =  rfiKkloo')  and  the  implicit  dependence 
of  h,^  on  material  parameters  is  understood.  The 
dimensionless  function  li,^  has  a  periodic  depen¬ 
dence  on  ^  (with  period  2;r)  and  the  arguments 
leading  to  eqn.  (13)  require  that  h,^  be  bounded  as 
r— 0.  In  other  words,  relative  to  r~  1;,^  is  a 
slowly  varying  function  of  r.  The  form  of  the 
linear  elastic  fields  (eqn.  (1))  can  be  rearranged  in 
the  form  of  eqn.  (13);  then  the  dependence  of  It,^ 
on  r  is  given  by  phase{(/-/L )''}. 

Under  small-scale  yielding,  J=^  and,  noting 
the  relation  between  y  and  KK  (eqn.  (8)),  the 
asymptotic  singular  fields  can  be  restated  as 

(r  \l/{'i  +  l) 

- -  (14) 

ao„eorj  ' 


where  a,  o„,  and  n  are  the  plastic  properties  of 
the  more  (plastically)  compliant  material.  In  eqn. 
(14),  J  is  Rice’s  [14]  J  integral  and  its  role  in  non¬ 
linear  fracture  mechanics  is  the  subject  of  a 
review  article  by  Hutchinson  [15].  As  it  is  our 
intention  to  examine  near-tip  fields  under  large- 
scale  yielding,  it  is  desirable  at  this  juncture  to 
rescale  the  dimensionless  distance  f  in  /j,^.  A 
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length  which  has  relevance  in  both  small-  and 
large-scale  yielding  is  7/c7„.  In  homogeneous 
media,  the  crack  tip  opening  displacement  scales 
linearly  with  J|o^^.  Hence  it  is  convenient  to 
define  the  dimensionless  radial  distance  in  eqn. 
(14)  as  f=rj{JloQ).  The  asymptotic  fields  in  eqn. 
(14)  nearly  scale  v’  J  since  depends  on  | 
and,  under  small-scale  yielding,  ^  is  a  slowly  vary¬ 
ing  function  of  Kk|a^^  and  therefore  of  J.  To 
develop  this  line  of  argument  a  little  further,  we 
consider  a  body  stressed  by  tractions  whose 
directions  remain  fixed  while  their  magnitudes 
are  always  linearly  proportional  to  a  monotoni- 
cally  increasing  single  load  parameter.  Under 
these  conditions,  the  asymptotic  crack  tip  fields 
scale  precisely  with  J  if  hy  does  not  depend  on  ^ 
or  if  ^  does  not  depend  on  KK/ It  may  also  be 
noted  that  the  stress  levels  achievable  in  the 
stiffer  material  are  limited  by  the  stresses  in  the 
more  compliant  material,  as  required  by  the  con¬ 
tinuity  of  traction  across  the  interface. 

The  form  of  the  fields  in  eqn.  (14)  has  been 
corroborated  by  finite  element  analyses  of  the 
small-scale  yielding  boundary  layer  formulation  for 
several  material  combinations  (2, 13J.  Large-scale 
yielding  solutions  to  full  boundary  value  prob¬ 
lems  which  we  have  obtained  to  date  also  support 
the  form  of  the  fields  in  eqn.  (14).  Of  course,  the 
small-scale  yielding  relation  for  §  (eqn.  (9))  is  no 
longer  applicable  to  this  case.  In  large-scale  yield¬ 
ing,  the  relation  between  |  and  the  phase  and 
magnitude  of  the  remotely  applied  traction  must 
be  determined  for  every  load  combination  and 
for  each  crack  geometry. 

At  this  point,  it  is  instructive  to  make  contact 
with  plastic  crack  tip  fields  in  homogeneous 
media.  Under  mixed  mode  loading,  the  Hutchin- 
son-Rice-Rosengren  (HRR)  singularity  [16,  17] 
for  homogeneous  media  has  the  form  [  1 8] 

(J  y/(«+i) 

-  d[e-,MP)  (15) 

aa„Eorj  ’ 

where  A/’’  is  the  mixity  of  the  pkxstic  singular 
fields  ba.sed  on  the  relative  magnitudes  of  <7„y  and 
along  the  crack  line  6  =  0  as  /  -'O.  For  the 
small-scale  yielding  problem,  the  relation 
between  .V/'’  and  the  mixity  of  the  elastic  fields  M' 
(the  ratio  of  Kx  to  /fn)  has  been  given  in  ref.  1 8.  It 
may  be  noted  that  the  mixity  of  the  elastic  fields  is 
related  to  the  phase  angle  of  K  by 
(f  =  [\~  M")  ji/2.  The  plane  strain  angular  func¬ 
tions  a,^  for  selected  values  of  A/''  and  n  ranging 


from  2  to  20  are  available  in  a  report  [19].  In 
large-scale  yielding  problems,  the  relation 
between  A/'’  and  the  phase  and  magnitude  of 
the  remotely  applied  traction  must  be  deter¬ 
mined  for  each  load  combination  and  for  each 
crack  geometry.  Finally,  it  may  be  noted  that  J 
and  A/'’  completely  characterize  the  effects  of 
load  and  geometry  on  the  crack  tip  field.  J  and  ^ 
have  analogous  roles  for  the  interface  crack. 


3.  Problem  description  and  numerical  pro¬ 
cedures 

3.1.  Material  laws 

The  deformable  media  are  described  by  a 
deformation  theory  with  a  Ramberg-Osgood 
stress-strain  relation.  In  uniaxial  tension  the 
material  deforms  according  to 

slEf,=  alO(,+  a(alo„)''  (16) 

where  Oy  and  £„  are  the  yield  stress  and  strain,  a 
is  a  material  constant  (taken  to  be  0.1)  and  n  is 
the  strain  hardening  exponent.  Under  multiaxial 
stress  states,  the  strain  is  given  by 


1  +  V  1  -  2v 


i«-i 


(17) 


Here  is  the  .stress  deviator,  o^  =  {3s,jS,J2y''  is 
the  effective  stress,  and  v  and  £  are  the  isotropic 
elastic  constants.  In  eqn.  (16)  the  connection 
o„  =  Ee„  was  used.  Numerical  solutions  for  the 
range  of  the  strain  hardening  exponent  n  cor¬ 
responding  to  /I  =  1  (linear  elastic)  to  /z  =  10  have 
been  obtained.  However,  in  the  pre.sent  paper 
only  results  for  n  =  5  and  selected  results  for 
n  =  1 0  are  presented.  Numerical  procedures  which 
are  well  suited  for  solving  deformation  plasticity 
theory'  problems  (or  non-linear  elasticity  prob¬ 
lems)  are  discus.sed  in  refs.  1  and  20.  The  non¬ 
linear  boundary  value  problem  is  solved  by  the 
Newton-Raphson  method  and  the  initial  estimate 
of  the  solution  is  generated  by  parameter  track¬ 
ing.  Near-incompressibility  a.s.sociated  with  fully 
developed  plastic  deformation  is  handled  by 
.selective-reduced  integration.  The  solutions 
pre.sented  in  this  paper  are  largely  based  on  the 
deformation  plasticity  theory  above. 

For  .selected  pioblems,  small  strain  and  finite 
deformation  analyses  based  on  a  7,  flow  theory 
implementation  of  the  .stre.s.s-strain  relation  in 
eqn.  (16,  have  been  carried  out.  The  finite  elc- 
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ment  solutions  are  obtained  by  a  semi-implicit 
method  which  can  handle  large  plastic  deforma¬ 
tion  as  well  as  finite  elastic  deformation  and 
which  can  accommodate  the  near-incompressibil¬ 
ity  associated  with  fully  yielded  plastic  flow  [21], 
For  the  range  of  material  strain  hardening  con¬ 
sidered  in  this  paper  (1  <  n  <  10),  we  find  no  dif¬ 
ference  of  any  consequence  between  the  three 
sets  of  solutions.  Only  in  the  vicinity  of  the  inter¬ 
face  did  we  observe  some  differences  between  the 
shear  stresses  obtained  by  deformation  and  flow 
theories  and  between  the  small  strain  approxima¬ 
tion  and  finite  deformation.  A  full  account  of  the 
small  strain  and  finite  deformation  solutions 
based  on  A  flow  theory  and  particulars  of  the 
material  description  and  analysis  is'  given  in  refs. 
13  and  22. 

3. 2.  Boundary  conditions  and  mesh  design 

A  schematic  diagram  of  an  infinite  row  of 
collinear  cracks  on  a  bimaterial  interface  is  shown 
in  Fig.  1.  Cracks  2a  long  are  spaced  at  constant 
intervals  w.  Uniform  tension  a„."Js  applied  at 
ly]-'  05.  Normal  stresses  parallel  to  the  bondline 
(a„"),  and  (a„"),  are  applied  to  confer  the 
boundary  value  problem  with  reflective  symmetry 
with  respect  to  the  vertical  planes  through  the 
center  of  the  ligament  and  the  crack.  Continuity 
of  the  extensional  strain  £„  across  the  bonded 
interface  imposes  a  constraint  between  the  three 
remote  stresses.  The  loading  constraint,  when 
both  materials  are  elastic,  is  given  in  ref.  9.  In  the 
present  investigation,  the  lower  material  is  taken 
to  be  rigid.  Thus  only  the  shaded  strip  indicated 
in  Fig.  1  needs  to  be  considered  in  the  anaiy.sis.  (It 
should  be  noted  that  the  symmetry  conditions 
which  we  have  invoked  are  more  stringent  than 
the  conditions  associated  with  periodicit).) 

The  discretized  .strip,  bounded  by  the  sym¬ 
metry  planes  or.  the  left  and  right  vertical  edges 
with  the  boundary  conditions  on  the  top  and 
bottom  horizontal  edges,  is  shown  in  Fig.  2.  With 
the  lower  material  taken  to  be  rigid,  the  .symmetry 
conditions  on  the  left  and  right  vertical  edges  can 
be  enforced  in  the  manner  indicated.  The  finite 
element  mesh  is  constructed  with  nine-node  bi 
quadratic  Lagrangian  elements.  An  arrangement 
of  wedge-shaped  elements  is  employed  at  the 
crack  tip,  the  innermost  ring  of  elements  has 
linear  dimeasions  of  «x  10  The  upper-half  of 
the  near-tip  mesh  is  shown  in  Fig.  2.  Accom¬ 
modating  six  orders  of  magnitude  in  element  .size 
while  still  preserving  the  shape  of  the  clement  is 
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Fig.  2.  Finite  element  model  of  .strip  and  crack  tip  region. 

accomplished  by  exponential  scaling  of  element 
size  in  the  radial  direction.  Each  decade  of  radial 
distance  is  spanned  by  four  annular  strips  of 
elements.  As  laid  out  in  this  manner,  the  domain 
flX  is  spanned  by  24  .strips  of  ele¬ 

ments.  Within  each  strip,  12  equally  sized  ele¬ 
ments  span  the  interval  A  typical  mesh 

has  about  400  elements  and  1 700  node.s.  A  more 
complete  description  of  a  similar  finite  element 
mesh  and  the  element  arrangements  can  be  found 
in  an  earlier  publication  ( 1  ]. 

4.  Numerical  .solutions 

Finite  element  solutions  have  been  obtained 
for  a  range  of  .strain  hardening  exponents  with 
v=0.3.  In  the  ca.se  of  n=l.  we  u.sed  the  inter¬ 
action  integral  method  [Ij  to  extract  the  value  of 
K  from  the  finite  element  solution.  For  all  the 
geometries  con.sidcred.  the  numerical  values 
agreed  w  ith  the  exact  solution  of  Rice  and  Sih  [9] 
to  better  than  1".'..  To  keep  the  di.scu.s.sion  to  a 
rea.sonable  length,  we  present  detailed  results  for 
the  n^5  material  only  and  include  some  key 
results  for  n  =  1 0.  Certain  features  of  the  .solu¬ 
tions  for  the  non-hardening  material ,//  ^  =0,  are 
discu.sscd  in  the  concluding  section. 

Plane  strain  analyses  were  carried  out  for  five 
ratios  of  crack  length  to  width,  u/ii  =  2/3.  1/2. 
1/3.  1/9  and  1/100  respectively  vor  rt//>  =  2,  I. 
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1/2-,  1/8  and  1/99).  Over  the  range  of  loads 
considered,  the  fields  for  the  fl/iv=  1/100  geom¬ 
etry  are  almost  identical  to  those  for  an  isolated 
crack.  To  study  the  effect  of  geometry  and  liga¬ 
ment  plasticity  on  near-tip  fields,  solutions  for  the 
full  range  of  deformation  conditions  are  obtained. 
We  compare  solutions  for  different  geometries 
with  the  identical  J  value  to  explore  the  possible 
role  of  the  J  integral  as  a  characterizing  param¬ 
eter.  The  value  of  the  J  integral  is  extracted  from 
the  numerical  solutions  by  the  domain  integral 
method  which  is  naturally  suited  for  finite  ele¬ 
ment  analysis  (23). 

4. 1.  Effective  and  hydrostatic  stress  contours 

Solutions  pertaining  to  contained  yielding  con¬ 
ditions  for  the  n  =  5  material  are  examined  first. 
Specifically,  the  stresses  for  Jl{a„£(fa)=  I.O  are 
compared.  At  this  J  value,  the  remotely  applied 
stress  o”/oq  for  the  five  geometries  are  0.61, 
0.72.  0.78,  0.83  and  0.83  respectively.  Effective 
stress  contours  6^=  aJoa  =  0.S,  1.0  and  1.2,  for 
three  geometries,  (fl/u'= 2/3,  1/2  and  1/lOOjare 
plotted  in  Fig.  3.  The  cartesian  coordinates  .v  and 
y  have  their  origin  at  the  crack  tip  and  the  plane 
of  the  crack  is  y = 0.  The  contour  labeled  by  1 .0  is 
the  elastic-plastic  boundary.  It  can  be  seen  that 
the  plastic  zones  in  the  geometries  considered  are 
identical  in  size  and  shape.  Contours  of  higher 
values  of  ojo^  arc  also  identically  sized  and 
shaped.  In  Fig.  3(a),  the  right-hand  vertical  boun¬ 
dary  is  also  the  symmetry  plane;  the  ojoo  =  O.S 
contour  ernanating  from  the  crack  to  the  left  of 
the  symmetry  plane  has  connected  with  the  cor¬ 
responding  contour  which  originates  from  the 
crack  to  the  right  of  the  symmetry  plane.  The 
plastic  zone,  as  estimated  by  the  small-scale  yield¬ 
ing  result  (eqn.  (11))  for  Jl{oo£„a)=  1 .0  and  for  ^ 
appropriate  to  the  a/w=  1/100  geometry,  is 
shown  in  Fig.  3(d):  the  contours  for  oJa„  =  Q.S 
and  1.2,  winch  arc  akso  estimated  by  the  small- 
.scale  yielding  .solution,  have  been  included.  It 
.should  be  noted  that,  while  the  size  of  the  extra¬ 
polated  plastic  zone  is  only  slightly  smaller  than 
the  actual  plastic  zone  in  Fig.  3(c),  the  protusion 
along  the  interface  in  Fig.  3(d)  is  more  pro¬ 
nounced  than  that  in  Fig.  3(c).  This  is  because  the 
small-.scalc  yielding  solution  predicts  shear 
stre.s.se.s  near  the  interface  which  arc  larger  than 
tho.se  for  contained  yielding. 

At  y/(ao£„fi;  =  6.0,  the  ligaments  of  the  three 
crack  geometries  «/»»■=  2/3.  1/2  and  1/3  have  fully 
yielded.  In  the  remaining  two  geometries 
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Fig.  4.  Effective  stress  contours  for  n  =  5  material  for  (a) 
fl/tv  =  2/3.  (b)  alw=  1/2,  {cj  al\v=  1/3  and  td>  «/iv=  1/100 
geometries  under  large-scale  yielding,  a^=‘aja„. 
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Fig.  5.  Effective  stress  contours  for  « =  5  material  fot  (a) 
fl/>v=2/3  and  (b)  fl/iv=  1/100  geometries  under  large-scale 
yielding;  (7,=  aja^,. 

(fl/w^l/9  and  1/100)  the  length  of  the  plastic 
zone  exceeds  the  crack  length  but  is  shorter  than 
the  half  length  of  the  ligament  between  two  neigh¬ 
boring  cracks.  At  this  J  level,  the  applied  stresses 
a"/a„  for  the  five  geometries  are  1.20,  1.50, 
1.68, 1.80  and  1.81  respectively.  Effective  stress 
contours  for  fl/w=2/3,  1/2,  1/3  and  1/100  are 
plotted  in  Fig.  4.  Contours  for  the  fl/w=l/9 
geometry  are  identical  to  those  for  fl/w=  1/100. 
The  right  vertical  boundaries  of  Figs.  4(a),  4(b) 
and  4(c)  are  also  planes  of  symmetry.  For  these 
geometries,  the  plastic  zone  emanating  from  the 
right-hand  tip  of  a  crack  has  linked  up  with  the 
plastic  zone  emanating  from  the  left-hand  tip  of 
the  neighboring  crack.  While  the  size  and  shape 
of  the  plastic  zones  under  large-scale  yielding  are 
different,  a  close  inspection  of  the  contours  for 
higher  stress  levels  indicates  otherwise.  The 
contours  of  =  2.0,  2.2,  2.5  and  3.0  for  the 
fl/H'=2/3  and  l/lOO  geometries  are  plotted  in 
Fig.  5.  These  contours  of  high  values  of  ojo^ 
reveal  no  dependence  on  ajw  ratios. 

Hydrostatic  stress  contours  as  determined 
from  full  field  solutions  for  y/(cir„£„fl)  =  1.0  for  the 
«/m^  =  2/3  and  a/w=  1/100  geometries  are  shown 
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Fig.  6.  Hydrostatic  stress  contours  for  n  =  5  material  for  (a) 
alw=2j2i  and  (b)  ajw=  1/100  geometries  under  contained 
yielding,  and  f^r  large-scale  yielding  for  (c)  rt/iv  =  2/3  and  (d) 
fl/u'=l/IOO(4=ah/a„). 


in  Figs.  6(a)  and  6(b)  respectively.  Contours, 
based  on  the  large-scale  yielding  solutions  for  Jj 
((7oaofl)=6.0,  for  the  ajw=2l3  and  alv.>=  1/100 
geometries  are  plotted  in  Figs.  6(c)  and  6(d) 
respectively.  Comparison  of  the  hydrostatic  stress 
contours  for  these  widely  different  ajw  geom¬ 
etries  shows  no  dependence  on  the  ajw  ratio. 

4.2.  Stresses  near  the  bond  line 
The  behavior  of  the  hoop  stress  under  small- 
scale  yielding  conditions  (J/{oQeoa)  =  0.l)  is 
examined  first.  A  plot  of  \og{a(,olo^  v^.  Xogirja) 
(along  0=  1.7°)  is  shown  in  Fig.  7  for  a/tv=2/3 
and  1/100;  6  is  measured  from  the  crack  plane. 
In  both  geometries,  the  plastic  zone  reaches  a 
maximum  radial  extent  of  0.04fl  at  0  =  70°.  The 
dotted  line  is  the  linear  elasticity  solution  accord¬ 
ing  to  eqn.  (3).  The  asymptotic  K  field  agrees  with 
the  full  field  solution  for  the  n  =  5  material  in  the 
interval  0.01  <r/fl<  0.1;  the  interval  of  agree¬ 
ment,  referred  to  as  the  zone  of  K  dominance,  is 
indicated  in  this  figure.  We  may  conclude  that  K 
(or  J)  does  characterize  the  effects  of  load  and 
geometry  on  the  near-tip  field  for  this  particular 
configuration  under  small-scale  yielding  condi¬ 
tions. 


o 

o 


Fig.  7.  Hoop  5trc,ss  variations  near  the  interface  for  n 
material  for  «/iv  =  2/3  and  1/100  geometries,  7  =  7/ 
[a„£f,<i)  =  0.1 .  The  K  solution  is  indicated  by  the  dotted  line. 
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To  study  the  structure  of  the  crack  tip  fields, 
we  introduce  normalized  stresses  defihed  by 

n  /io\ 

If  the  numerically  determined  fields  possess  an 
HRR  structure  of  the  form  in  eqn.  (15)  as  /— 0, 
then  plots  of  dij  V5.  r  (for  fixed  6)  will  show  that 
the  curves  approach  their  respective  asymptotes 
as  /— *-0.  In  appropriately  normalized  plots,  e.g. 
Ogg  V5.  r/a  (at  fixed  6),  curves  based  on  solutions 
for  different  values  of  JliagEga)  and  different 
geometries  should  converge  towards  a  single 
curve  as  /•-*0  since  the  effects  of  load  (or  liga¬ 
ment  plasticity)  and  geometry  on  the  near-tip 
fields  are  fully  characterized  by  J.  On  the  other 
hand,  if  the  numerically  determined  fields  are  of 
the  form  in  eqn.  (14)  as  r-»0,  then  plots  of  dgg  vs. 
r/a  will  show  a  weak  dependence  on  r.  Addition¬ 
ally,  the  normalized  plots  could  reveal  a  weak 
dependence  on  geometry  and  load  level  since 
load  and  geometry  effects  cannot  be  fully  charac¬ 
terized  by  J  alone. 

The  soultions  for  the  «  =  5  material  at  three  J 
levels  and  for  all  five  geometries  are  compared. 
Specifically,  curves  of  Ogg  uy.  log(r/a)(with  6  fixed 
at  1.7°)  for  //(agf„fl)  =  0.1, 1.0  and  6.0  are  shown 
in  Fig.  8.  As  noted  previously,  these  J  levels 
correspond  to  small-scale  contained  and  large- 
scale  yielding  (relative  to  the  crack  length) 
respectively.  At  Jl{ogega)  =  6.0,  the  ligaments  of 
the  geometries  a/iv=2/3,  1/2  and  1/3  have  fully 
yielded.  It  should  also  be  pointed  out  that  the 
stresses  plotted  in  all  the  figures  are  the  actual 
values  computed  at  the  quadrature  points  —  no 
smoothing  was  applied  to  any  of  the  numerically 
determined  fields.  It  can  be  seen  that  the  curves 
based  on  solutions  for  different  geometries  but 
for  the  same  value  of  J/{agiga)  merge  into  what  is 
essentially  a  single  curve.  Furthermore,  the  curves 
for  J/{Oge„a)=  1.0  and  6.0  are  reasonably  close 
together  for  r/a <0.01.  At  J/[agEQa)  =  0.\  the 
plastic  zone  extends  a  di.stance  of  about  0.0  Iw 
ahead  of  the  crack  tip;  hence  it  is  to  be  expected 
that  those  stresses  normalized  by  the  singularity 
of  the  plastic  fields  should  form  a  curve  which  is 
quite  distinct  from  other  curves  associated  with 
finite  ligament  plasticity.  At  very  high  J  levels, 
curves  of  dgg  vi.  \og[r/a)  are  practically  indis¬ 
tinguishable  from  the  curves  for  f/(a„£yrt)  =  6.0. 
ror  this  reason,  the  radial  variation  of  the  .strc.sses 
for  .//(a„£ort)  =  30.0  (for  the  five  geometries)  is 


Fig.  8.  Hoop  stress  variations  near  the  interface  for  /i  =  5 
material  for  fl/u’=2/3,  1/2,  1/3,  1/9  and  1/100  geometries; 
y=.//(a„£nfl)  =  0.1. 1.0, 6.0  and  30.0. 


indicated  by  a  single  broken  line.  At  the  latter  J 
value,  the  ligaments  of  every  geometry,  except 
that  ^f  a/w=  1/100,  have  fully  yielded. 

The  normalized  shear  stress  d,g  near  the  inter¬ 
face  is  plotted  against  \og{r/a)  in  Fig.  9  (0  is  fixed 
at  1.7°).  Again,  the  curves  show  that  the  effects  of 
geometry  are  adequately  scaled  by  the  J  integral. 
At  higher  values  of  J,  d^g  varies  rather  gradually 
with  r/a.  It  is  of  interest  that  the  relative  magni¬ 
tude  of  the  shear  stress  (compared  with  the  hoop 
stress)  decreases  as  the  size  of  the  plastic  zone 
increases  and  becomes  comparable  with  the 
crack  length  (or  the  relevant  crack  dimension). 
This  can  be  seen  b>  comparing  the  normalized 
shear  and  hoop  stresses  for  //a„£„fl  =  0.1,  1.0, 
6.0  and  30.0  in  Figs.  8  and  9.  In  contrast,  .shear 
and  hoop  stresses  are  comparable  in  magnitude 
under  small-scale  yielding  conditions. 

Solutions  for  the  n  =  1 0  material  (which  is 
representative  of  moderate-to-lovv  hardening 
materials)  for  the  full  range  of  deformation  condi¬ 
tions  were  obtained  for  the  five  geometries. 
These  solutions,  when  plotted  in  the  form  as  in 
Figs.  3-9,  exhibit  precisely  the  same  trends.  For 
this  reason,  similar  plots  foi  the  10  material 
will  not  be  shown. 
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Fig.  9.  Shear  stress  variations  near  the  interface  for  n  =  5 
material  for  alw=2l3, 1/2,  1/3,  1/9  and  1/100  geometries; 
J=y/(<7oeo'*)“0-l>  6.0 and  30.0. 

4.3.  Relations  between  J,  6  and 

The  dependence  of  J  on  the  remotely  applied 
stress  a“  is  of  interest  in  fracture  analysis.  Plots 
of  JI{ooSQa)  vs.  the  applied  stress  for  the  n  =  5 
material  are  given  in  Fig.  10(a).  Up  to  the  maxi¬ 
mum  load  indicated  in  the  figure,  we  did  not  find 
any  difference  between  the  J  solution  for  the 
0/^=  1/100  geometry  and  the  solution  for  a 
geometry  with  a  ligament  which  is  five  times 
larger.  Hence,  the  a/w=  1/100  geometry  is 
labeled  as  an  isolated  crack  and  the  solution  is 
shown  by  the  solid  line.  The  normalized  J  solu¬ 
tion  for  the  a/w=  1/9  geometry  is  quite  close  to 
the  solution  for  the  a/w=  1/100  geometry  and  is 
therefore  not  included  in  the  figure.  It  should  be 
noted  that  the  curves  rise  rapidly  for  o”/oq 
greater  than  about  unity,  which  indicates  the 
beginning  of  large-scale  yielding. 

The  crack  opening  displacement  d  measured 
at  the  center  of  the  crack  is  plotted  in  Fig.  10(b). 
The  trends  of  the  eurves  are  similar  to  those  for  J 
in  Fig.  10(a).  The  plots  ofJvs.  6  in  Fig.  10(c)  are 
obtained  by  simply  replotting  the  curves  of  Figs. 
10(a)  and  10(b).  It  is  quite  remarkable  that  the 
curves  of  normalized  J  v.s.  normalized  6  show 
little  dependence  on  the  a/w  ratio. 


Fig.  10.  Effect  of  the  ratio  of  crack  length  to  ligament  length 
on  relationships  between  J,  d  and  o'"  for  n  =  5  material. 


The  same  series  of  plots  for  the  n  =  10  material 
is  shown  in  Fig.  11.  It  should  be  noted  that  the 
curves  exhibit  trends  similar  to  those  in  Fig.  10. 

5.  Discussion 

For  selected  geometries  and  three  material 
characterizations  («  =  5,  10  and  <»),  solutions 
based  on  a  small  strain  J2  flow  theory  have 
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recently  been  obtained  [13].  The  plastic  ^ones  for 
the  rt  =  5  and  h  =  10  material,  and  the  hydro.static 
stress  fields  are  practically  identical  to  those 
obtained  from  the  corresponding  deformation 
theory  solutions.  Near  the  interface,  we  did  find 
small  differences  between  the  solutions.  Away 
from  the  interface,  the  fields  based  on  flow  and 
ddfdifnation  theories  are  hardly  distingui.shable 
from  one  another.  For  the  elastic -perfect-plastic 
material  («-''»),  the  flow  theoi’y  solutions  show 


the  development  of  an  unloaded  elastic  wedge¬ 
like  sector  bounded  by  the  interface  (0  =  0)  and 
d~  nj6.  The  presence  of  unloaded  elastic  sectors 
in  elastic-perfect-plastic  materials  has  also  been 
noted  by  Zywicz  [24].  In  contrast,  solutions  for 
the  hardening  materials  («  =  5  and  10)  reveal  no 
elastic  unloading  or  indications  that  elastic 
unloading  may  develop.  However,  the  stresses  in 
the  vicinity  of  the  interface  do  show  moderate 
departure  from  proportional  stressing  under 
increasing  plastic  deformation  or  remote  load.  It 
appears  that  elastic  unloading  (under  increasing 
remote  load)  is  a  behavior  which  is  peculiar  to  a 
non-hardening  material  perfectly  bonded  to  a  stiff 
sr.bstrate.  A  slight  relaxation  of  the  perfect  bond 
assumption  and/or  a  small  amount  of  material 
strain  hardening  appear  sufficient  to  prevent  its 
development. 

Solutions  for  the  boundary  layer  small-scale 
yielding  formulation,  which  take  into  account 
fininte  geometry  changes  associated  with  blunting 
at  the  crack  tip,  have  also  been  obtained.  The 
plastic  zones  are  somewhat  similar  to  those 
shown  in  Fig.  3.  However,  the  protrusion  of  the 
plastic  zone  along  the  interface  is  only  about  half 
of  that  shown  in  the  plot  in  Fig.  3(d).  The  shear 
stress  in  the  vicinity  of  the  interface  is  also  lower 
than  that  predicted  by  the  small  strain  solution. 
These  aspects,  including  the  crack  tip  fields  for 
the  hardening  and  non-hardening  material,  are 
taken  up  in  ref.  22.  A  numerical  investigation  of 
the  process  of  decohesion  along  an  imperfect 
interface,  which  takes  into  account  finite  geo¬ 
metry  changes,  has  been  carried  out  by  Needle- 
man  [25].  He  has  reported  that,  under  certain 
conditions,  the  plastic  zone  size  scales  with  the 
value  of  J. 

It  is  known  that,  at  vanishingly  small  distances, 
the  elastic  interfacial  crack  solutions  (£5^0)  pre¬ 
dict  interpenetration  of  the  crack  faces.  If  the 
interpenetration  zone  is  much  smaller  than  the 
crack  length,  crack  face  contact  can  be  treated  as 
a  small  scale  non-linear  effect  and  K  is  still  the 
characterizing  parameter  for  the  near-tip  .state.  In 
any  case,  the  actual  situation  is  somewhat  more 
optimistic  than  that  suggested  by  the  elasticity 
.solution.  The  results  obtained  to  date  indicate 
that  material  non-linearity  has  a  mitigating  effect 
on  bimaterial  crack  tip  fields  in  these  respects. 
Under  load  states  that  are  tension  dominated,  i.c. 
Oy/'  >  1  I,  the  plastic  neai-tip  fields  of  inter¬ 
face  cracks  resemble  HRR  fields  for  homo¬ 
geneous  materials  because  is  practically 
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independent  of  r  over  the  range  of  distances 
which  are  physically  relevant  (eqn.  (14)).  We  find 
no  indications  of  crack  face  contact  over  any 
length  scales  of  physical  relevance.  Our  small 
strain  and  finite  deformation  solutions  for  the  full 
range  of  deformation  conditions  show  that  the 
crack  tip  opens  smoothly  and  that  the  amount  of 
opening  scales  nearly  linearly  with  the  J  integral. 
Furthermore,  the  shear  stress  in  the  vicinity  of  the 
interface  is  substantially  lower  than  the  hoop 
stress.  In  contrast,  the  linear  elasticity  solutions 
■  predict  shear  and  hoop  stresses  of  comparable 
magnitudes. 

In  light  of  the  above  observations  and  judging 
by  the  results  in  Fig.  3-9,  we  conclude  that  J 
adequately  characterizes  the  effects  of  load  (or 
finite  ligament  plasticity)  and  geometry  on  the 
near-tip  field.  We  should  point  out  that  this  con¬ 
clusion  pertains  to  the  particular  geometric  con¬ 
figuration  under  study.  Investigations  of  different 
crack  geometries  are  in  progress. 
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Abstract 

The  peel  test  is  a  simple  mechanical  test  used  by 
microelectronics  industries  to  measure  the  ad¬ 
hesion  of  thin  films  bonded  on  dielectric  sub¬ 
strates.  When  the  film  deforms  elastically  during 
peeling,  the  peel  force  is  a  direct  measure  of  the 
adhesive  fracture  energy.  However,  when  inelastic 
deformation  takes  place,  the  interpretation  of  the 
experimental  data  is  not  as  straightforward.  A 
general  formulation  of  the  problem  of  peeling  is 
given  and  solutions  for  metallic  and  polymeric 
films  are  presented.  The  results  of  the  analysis 
reveal  the  effects  of  several  parameters  of  the  peel 
test,  such  as  the  mechanical  properties  and  the 
thickness  of  the  film,  and  provide  a  systematic  way 
for  the  determination  of  the  adhesive  fracture 
energy  from  an  experimentally  measured  peel 
force. 

1.  Introduction 

The  peel  test  is  a  simple  mechanical  test  which 
has  been  extensively  used  to  measure  adhesion 
strength.  The  test  was  originally  developed  by 
aerospace  companies  as  a  method  of  quality  con¬ 
trol  of  bonded  aircraft  components  [1].  More 
recently,  the  same  test  has  been  used  by  micro¬ 
electronics  industries  to  study  the  adhesion  of 
thin  metallic  or  polymeric  films  bonded  on  di¬ 
electric  substrates.  In  a  peel  test,  a  thin  flexible 
strip  that  is  bonded  to  a  substrate  is  pulled  apart 
at  some  angle  to  the  underlying  substrate.  The 
peeling  force  equired  to  separate  the  strip  at  a 
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certain  rate  is  recorded  and  is  used  for  joint 
design  and  quality  control  purposes. 

The  first  theoretical  analysis  of  the  peel  test 
was  presented  in  1953  by  Spies  [1]  who  con¬ 
sidered  the  90°  peeling  of  a  thin  strip  and  repre¬ 
sented  the  flexible  part  of  the  strip  as  an  elastica 
and  the  bonded  part  as  an  elastic  beam  on  an 
elastic  (Winxler)  foundation.  Several  elastic 
analyses  of  the  peel  test  appeared  in  the  literature 
since  then  [2-11].  The  effects  of  plasticity  were 
discussed  in  refs.  12-14  where' several  approxi¬ 
mate  models  were  used  to  study  the  plastic  defor¬ 
mation  of  the  strip.  An  elastoplastic  analysis  of 
the  peel  test  has  been  presented  recently  by  Kim 
and  Aravas  [15]  who  studied  in  detail  the  plastic 
deformation  of  the  strip  and  calculated  the  energy 
dissipated  in  a  peel  test.  The  effects  of  the  speed 
of  peeling  on  the  peel  force  were  considered  by 
Kendall  [9]  who  presented  an  approximate  analy¬ 
sis  of  the  peeling  of  viscoelastic  films. 

An  analysis  of  the  peeling  of  elastoplastic  and 
viscoelastic  films  bonded  on  rigid  substrates  is 
presented  in  this  paper.  The  deformation  of  the 
film  is  studied  in  detail  using  slender  beam  theory. 
An  energy  balance  is  used  to  relate  the  experi¬ 
mentally  measured  peel  force  to  the  adhesive 
fracture  energy.  The  results  of  the  analysis  show 
that  plasticity  effects  can  be  very  important  and 
that  careful  interpretation  of  the  experimental 
data  is  required  when  the  strip  deforms  plastically 
in  a  peel  test.  A  general  formulation  of  the  prob¬ 
lem  of  peeling  a  linear  viscoelastic  film  from  a 
rigid  substrate  is  presented.  The  example  of  a 
•Standard  three-parameter  viscoelastic  solid  film  is 
considered  and  an  asymptotic  solution  for  the 
curvature  of  the  film  during  steady-state  peeling 
is  obtained  in  the  form  of  a  perturbation  expan- 
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sion  in  a  small  parameter  e  which  depends  on  the 
speed  of  peeling  and  the  viscosity  of  the  material. 
The  adhesive  fracture  energy  is  also  determined 
in  terms  of  the  peel  force  and  the  other  para¬ 
meters  of  the  test. 

2.  Energy  balance 

A  schematic  representation  of  the  peel  test  is 
shown  in  Fig.  1.  The  peel  force  depends  on  the 
adhesion  strength  as  well  as  on  several  para¬ 
meters  of  the  test  such  as  the  mechanical  proper¬ 
ties  and  the  thickness  of  the  film,  the  angle  of 
peeling,  etc.  An  energy  balance  is  often  used  to 
relate  the  adhesive  fracture  energy  to  the  experi¬ 
mentally  measured  peel  force  [16, 17]. 

If  the  film  deforms  elastically  during  peeling, 
then  part  of  the  work  done  by  the  peel  force  is 
stored  in  the  elastically  deforming  system,  and  the 
rest  is  used  to  provide  the  energy  required  to 
break  the  interfacial  bonding  and  create  the  new 
fracture  surface.  In  steady-state  peeling  the 
energy  balance  can  be  written  as 

(1-cos  jii)Fd/=diy'=+ywd/  (1) 

where  F  is  the  peel  force,  <j)  is  the  peel  angle  (see 
Fig.  2),  IT®  is  the  elastic  strain  energy  of  the 
system,  y  is  the  adhesive  fracture  energy,  wis  the 


F  =  Pw 


>Fig.  1.  Schematic  representation  of  the  peel  test. 


P 


Fig.  2.  Schematic  diagram  of  peeling. 


width  of  the  film,  and  d/  is  a  virtual  crack  ad¬ 
vance.  In  a  steady-state  situation,  the  peel  bend 
remains  constant  in  shape  and  d  IT®  is  due  to  the 
extension  of  the  film.  In  most  cases  d  IT®  is  small 
and  for  an  inextensible  film  is  exactly  zero.  There¬ 
fore,  eqn.  ( 1 )  reduces  to 

y=(l -cos  ji)P  (2) 

where  F=  Fjw  is  the  peel  force  per  unit  width  of 
the  film.  The  above  equation  shows  that,  for  the 
case  of  elastic  peeling,  the  peel  force  is  a  direct 
measure  of  the  adhesive  fracture  energy. 

However,  the  interpretation  of  the  experi¬ 
mental  data  is  not  quite  as  simple  as  the  above 
analysis  would  indicate  because,  in  general,  there 
is  inelastic  deformation  in  the  film;  in  such  cases, 
one  has  to  take  into  account  the  energy  dissipated 
as  well  as  the  strain  energy  that  remains  in  the 
film  due  to  any  residual  stresses  generated  in  the 
film  after  unloading.  The  energy  balance  now 
becomes 

(1 -cos  jJ)Fd/=  ywd/-Fd  lT‘*  +  dIT®  (3) 

where  fT*^  is  the  energy  dissipation  and  W®  is  the 
residual  strain  energy.  Equation  (3)  can  be  also 
written  as 


y  =  (l  -  cos  (f)P-ip 

(4) 

where 

_  1  /dIT'*  dlT'\ 

^  w  \  d/  d/  j 

(5) 

is  the  work  expenditure  per  unit  width  of  the  film 
per  unit  crack  advance.  The  above  equation 
makes  it  clear  that  experimental  determination  of 
the  peel  force  is  not  enough  for  the  calculation  of 
the  interfacial  fracture  energy;  one  needs,  in 
addition,  to  be  able  to  determine  the  work 
expenditure  ip  during  inelastic  peeling. 

If  inelastic  deformation  of  the  film  is  taking 
place  during  a  peel  test,  energy  is  dissipated  in  the 
region  near  the  interfacial  crack  tip,  where 
singular  strains  develop,  as  well  as  along  the 
inelastically  bending  part  of  the  film.  Elasioplastic 
finite  element  analysis  of  the  peel  test,  however, 
indicates  that  the  effects  of  the  crack  tip  singu¬ 
larities  are  limited  to  a  small  region  near  the  crack 
tip  and  that  bending  is  the  predominant  mode  of 
deformation  of  the  film  [15].  Therefore,  we  con¬ 
sider  the  near  tip  dissipation  to  be  part  of  the 
fracture  energy  y  and  identify  ip  with  the  energy 
dissipated  due  to  inelastic  bending. 
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In  the  following,  we  analyze  the  deformation  of 
the  unattached  part  of  the  film  during  a  . peel  test 
and  present  a  systematic  way  for  the  determina¬ 
tion  of  the  fracture  energy  y  in  terms  of  the  peel 
force  and  the  parameters  of  the  test. 


3.  Formulation  of  the  problem 

In  this  section  we  use  slender  beam  theory  to 
analyze  the  deformation  of  the  film.  The  govern¬ 
ing  equations  of  equilibrium  and  moment  balance 
are 


■>y 


Fig.  3.  Beam  under  pure  bending. 


—  -KN=0 
ds 

(6) 

dN 

—  +KT=0 
ds 

(7) 

and 

ds 

(8) 

where  T  and  N  are  the  axial  and  shear  forces  of 
the  beam,  X=d0/ds  is  the  curvature  of  the 
middle  surface  of  the  beam,  tan  d  is  the  slope  of 
the  middle  surface  of  the  beam,  M  is  the  bending 
moment,  and  s  is  the  arc  length  along  the  deform¬ 
ing  film. 

Using  overall  equilibrium  we  find  that 

T=Pwcos{^-0)  and  N=Pwsin{^-6)  (9) 

The  equilibrium  equations  (6)  and  (7)  are  now 
automatically  satisfied  and  the  remaining  moment 
equation  (8)  becomes 

^  + /’wsin(^- 0)=O  (10) 

ds 

Figure  3  shows  a  typical  section  of  the  deform¬ 
ing  film  subject  to  a  pure  bending  moment  M.  We 
choose  the  coordinate  axes  as  indicated  and  sign 
conventions  sc  that  the  indicated  moment  and  the 
corresponding  curvature  are  positive.  The  width 
tv  is  always  much  larger  than  the  thickness  h  so 
that  plane-strain  conditions  prevail.  With  the 
usual  assumption  of  beam  bending  theory  that 
plane  sections  remain  plane  and  normal  to  the 
central  axis,  the  bending  strain  at  any  point  along 
the  film  is  given  by 

e{s,z)= -zK{s)  (11) 


The  axial  and  shear  forces  N  and  T  cause 
additional  strains  which  are  small  in  metallic  films 
but  they  can  become  important  when  certain 
polymeric  films  are  peeled  [18].  The  effects  of 
such  additional  strains  are  ignored  in  the  present 
analysis  and  they  will  be  addressed  in  detail  in  a 
future  publication. 

Under  these  assumptions  the  work  expendi¬ 
ture  can  be  calculated  as 

M^ds  (12) 

w  ■’  ds 

CO 

The  above  equation  shows  that  xp,  and  therefore 
y,  can  be  easily  determined  once  the  moment  and 
curvature  distributions  are  known. 

4.  Elastoplastic  analysis  of  the  peel  test 

In  this  section  we  analyze  the  deformation  of 
the  unattached  part  of  an  elastoplastic  film  during 
peeling.  The  material  is  assumed  to  obey  the  von 
Mises  yield  condition  with  associated  flow  rule.  In 
this  paper  we  consider  a  perfectly  plastic  material 
with  yield  stress  Oq.  The  results  of  the  analysis 
however  can  be  easily  extended  to  include 
hardening  [15]. 

We  study  first  the  deformation  of  an  elastoplas¬ 
tic  beam  under  pure  plane-strain  bending.  When 
the  material  is  elastically  incompressible  (Pois¬ 
son's  ratio  v  =  0.5)  the  moment-curvature  rela¬ 
tions  (see  Fig.  4)  are  of  the  following  form: 

(a)  elastic  loading  (0-A) 

m=-k  forO^/c^i  (13) 

3 

(b)  plastic  loading  (A-B) 

3k~ 


(14) 


rA 


/ 

/  7 

A 


Fig.  4.  Moment-curvature  relation  for  a  rectangular  beam. 


(c)  elastic  unloading  (B-C) 


m  =  l-- 


Fig.  5.  Configuration  of  steady-state  peeling  and  the  corre¬ 
sponding  moment-curvature  diagram. 


for  ka-2^k4:kji  (15) 

(d)  reverse  plastic  loading  (C-D) 

.  1  .  8 
""  3kl  3{k-k^f 

for- k^<ik<kQ-2  (16) 

(e)  complete  reverse  plastic  loading  (D-E) 


for  k^  -k^ 


In  the  above  equations  the  dimensionless 
moment  and  curvature  are  defined  as 


m  =  —  and 

Mo 

where 


Mo  =  ^^wooh 


-I 


is  the  fully  plastic  moment  of  the  beam, 


is  the  curvature  at  which  yielding  first  occurs  at 
the  outer  fibers  of  the  beam,  and  E  is  Young’s 
modulus. 

A  schematic  representation  of  the  peel  test 
together  with  the  corresponding  moment-curva¬ 
ture  diagram  is  shown  in  Fig.  5.  The  curvature  at 
any  material  point  reaches  a  maximum,  k^,  when 
the  material  point  passes  through  the  interfacial 


crack  tip  and  it  decreases  as  the  point  separates 
from  the  interface  and  moves  away  from  it.  As  the 
point  approaches  infinity  the  cun'ature  must  go 
to  zero.  Once  a  material  element  deforms  plasti¬ 
cally,  it  is  clear  from  Fig.  4  that  some  reverse 
(negative)  moment  is  necessary  for  the  curvature 
to  become  zero  again.  This  means  that  the  film 
“overshoots”  the  load  axis  as  shown  in  Fig.  5, 
when  plastic  deformation  is  taking  place  during  a 
peel  test.  Finally,  the  region  marked  E-F  on  Fig. 
5  is  an  “end  effect”  so  that  the  moment  reduces  to 
zero  as  the  point  of  application  of  the  load  is 
approached. 

As  mentioned  above,  we  ignore  the  effects  of 
the  axial  and  shear  forces,  and  determine  the 
work  expenditure  as 

If  3P  r 

=  —  I  M{K)(iK= —  m{k)<ik  (21) 

where  L  indicates  the  path  0-A-B-C-D-E  on 
the  moment-curvature  diagram  shown  in  Fig.  5, 
and 

_  3Av  _  ^ 

is  the  dimensionless  peel  force.  Using  the  above 
equation  and  the  moment-curvature  relations 
(13)-(17)wefind  that 

xp  =  0  for^B^l  (23) 

3P(  2  1  \ 

+  fo'-l<k„^2  (24) 
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and 

V'  =  —  2;tB-5  +  -^  forA:B>2  (25) 
V  \  3/cb/ 

The  key  factor  that  determines  the  work  expendi¬ 
ture  rp  is  the  maximum  curvature  k^.  A  method 
for  the  determination  of  is  given  in  the  follow¬ 
ing. 

Using  the  dimensionless  quantities  defined  by 
eqn.  (18)  we  can  write  the  moment  equation  (10) 
as 

^  +  ^t]sm{(p-6)  =  0  (26) 


case,  however,  the  film  overshoots  the  load  axis, 
there  is  a  residual  curvature  /cp,  and  6p  is  in 
general  different  from  the  peel  angle  (j). 

Finally,  if  /cg  >  2  reverse  yielding  is  taking  place 
and  eqn.  (27)  becomes 

2/c—  +  rj  sin(j^-  0)  =  O 

along  B-D  where  k^-2^k<k^  (31) 


16  dA: 
{k-kjdie 


7sin(^-  0)  =  O 


along  D-E  where  0  ^ /Cj,  -  2  (32) 


where  l=sK^  is  the  normalized  arc  length.  If  we 
consider  the  curvature  A:  to  be  a  function  of  0, 
eqn.  (26)  can  be  written  as 


,  dmdA: 
k - + 

dkde 


1 

3 


Tj  sin(jl-  0)  =  O 


(27) 


where  dmidk  is  a  function  of  k  and  can  be  deter¬ 
mined  from  eqns.  (13)-(J7).  Equation  (27)  is  now 
a  first-order  non-linear  differential  equation 
which  can  be  used  together  with  the  boundary 
condition  k=QdXQ  =  <j)Xo  determine  k{  6). 

If  kQ<  I,  the  film  deforms  elastically  and  eqn. 
(27)  becomes 


2k— r  +  T]  9)  =  0 
du 

along  E-F  where  0<k<kp  (33) 
Integration  of  eqn.  (31)  yields 
k=[kl-  7][cos{ (/>-&)-  cos( ^  -  0b)])‘'^ 

along  B-D  (34) 

Equation  (32)  also  implies  that 

.  ky\k^ri{\-cos{(j)-e))t'^ 

2^'‘ ■>r[k^i}{\- cos{(l)-  9))f'^ 

along  D-E  (35) 


2*— +  J?sin(ji-0)  =  O  (28) 

integration  of  which  yields 
/c  =  (?;( 1  -  cos(?5  -  9))f‘  =  (2  sin  (29) 

The  maximum  curvature  is  given  by 


where  the  boundary  condition  k  =  f)  at 
(point  E)  has  been  used.  Finally,  integrating  eqn. 
(33)  and  using  the  boundary  condition  at  E  we 
find  that 

/:  =  [77(1 -cos(j5- 0))]*''’  alongE-F  (36) 

Matching  the  solutions  (34)  and  (35)  at  point  D 
and  taking  into  account  that  k^  =  “  2  we  can 

easily  find  that 


^B  =  [»7(l~cos(ji5-0B))P  (30) 

where  is  the  base  angle  (see  Fig.  2)  and 
depends  on  the  properties  of  the  film  and  the  sub¬ 
strate  as  well  as  on  the  strength  of  the  interface.  In 
this  case,  the  film  does  not  overshoot  the  load 
axis  and  both  m  and  k  vanish  at  the  point  of 
application  of  the  load. 

If  reverse  yielding  does  not  take 

place  and  points  D-E  and  C-F  coincide  on  the 
moment-curvature  diagram  shown  in  Fig.  5.  The 
in-k  relation  is  given  now  by  eqn.  ( 1 5),  and  the 
solution  given  by  (29)  and  (30)  is  .still  valid.  In  this 


cos{(p- 9o)=l--^{kn-2f  (37) 

and 

A:„=l  +  ^  V(l-cos(f5-0„)) 

T  1  ?  4?' 

+  1  +  — 0(1 -co.s(fS-0B))  -J  (38) 

Summarizing,  we  mention  that  the  work 
expenditure  y  is  given  by  eqns.  {23r^25i,  where 
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Fig.  6.  Normalized  work  expenditure  xpjP  and  normalized 
fracture  energy  y/F  w.  normalized  load  tj  for  different  values 
of  the  difference  {5-  <?||. 


the  maximum  curvature  is  defined  in  terms  of 
0[}  by  eqns.  (30)  or  (38).  The  base  angle  6^  can  be 
either  measured  experimentally  or  determined  by 
modelling  the  attached  part  of  the  film  as  a  beam 
on  an  elastic  (Winkler)  foundation  (19).  The 
normalized  work  expenditure  and  the 
normalized  fracture  energy  y/P  are  plotted  in  Fig. 
6  as  functions  of  the  dimensionless  peel  force  ij 
for  different  values  of  the  difference  (j>-6Q. 
Figure  6  shows  that  there  is  a  strong  dependence 
of  the  work  expenditure  xp  on  0^  which,  for  a 
given  adhesion  strength,  depends  on  the  proper¬ 
ties  of  the  film  and  the  substrate  as  well  as  on  the 
thickness  of  the  film.  Figure  6  also  shows  that, 
when  the  dimensionless  load  T]  =  6EPj((/^h)  is 
large,  the  adhesive  fracture  energy  y  is  only  a 
small  fraction  of  the  peel  force  P,  and  that  P  is 
mainly  a  measure  of  the  plastic  deformation  of 
the  film  rather  than  a  measure  of  the  adhesive 
strength. 

5.  Analysis  of  peeling  of  viscoelastic  materials 

In  this  section  we  analyze  the  deformation  of 
the  unattached  part  of  a  viscoelastic  film  during 
peeling.  The  effects  of  the  axial  and  shear  forces 
are  ignored  and  the  film  is  assumed  to  be  inexten- 
sible.  We  also  assume  that  the  substrate  is  rigid  so 
that  the  deformation  of  the  attached  part  of  the 
film  is  negligible  and  that  viscous  deformation 
occurs  at  material  points  on  the  film  only  after 
they  separate  from  the  substrate. 

We  consider  a  linear  viscoelastic  material,  the 
stress -strain  relation  of  which  under  plane-strain 


tension  is  given  by 

Q(a)  =  R(£)  (39) 

where  Q  and  R  are  linear  operators  of  the  form 


d" 

0=  S  9,,^ 

n-O  t*' 


_  ■  d 

^  ~  ^  A  >" 

H-0  dr 


(40) 


q„  and  r,,  are  constants  and  t  is  time. 

The  bending  moment  M  on  any  cross-section 
of  the  deforming  film  is  given  by 


h/2 

M(s)  =  -  w  J  zo{s,  z)  dz 

-up. 


(41) 


Operating  by  Q  we  find  that 

/i/2  /i/2 

Q(M)=-w  J  zQ(a)dz=-w  J  zR(£)dz 


-up 


-hp 


(42) 


Finally,  making  use  of  eqn.  (11),  we  find  that 

Q{M)  =  mK)  '' '  '  (43) 

where  l  =  hwh^  is  the  moment  of  inertia  of  the 
cross-sectional  area  of  the  film.  During  steady- 
state  peeling  ds=  vdt,  where  v  is  the  speed  of 
peeling,  and  therefore  the  above  equation  can  be 
written  as 


n-O 


d^M 

ds" 


ndTK 
=  I  L  r„v  — 
ds 


(44) 


Taking  into  account  that  K  =  ddjds  and  using  the 
moment  equation  (10)  we  can  eliminate  M  to  find 


d''[sin(^^-  g)] 
ds" 


=  l  L  r„v 

71- (I 


(45) 


which  is  the  governing  differential  equation  for 
6[i,.  The  corresponding  boundary  conditions  are 


and 

ats=0 

(46) 

II 

at  s=  00 

(47) 

The  last  boundary  condition  al.so  implies  that  all 
derivatives  of  0  with  respect  to  s  are  zero  at  in- 


finity.  We  also  have  a  set  of  initial  conditions  at 
the  interfacial  crack  tip  (s=0)  related  to  the 
instantaneous  elastic  response  of  the  material 
model. 

Once  the  solution  0(5)  is  known,  we  can  calcu¬ 
late  the  curvature  K  =  dd/ds  and  the  moment  M 
integrating  eqn.  (10).  Finally,  the  work  expendi¬ 
ture  rp  is  determined  using  eqn.  (12). 

The  method  is  demonstrated  in  the  following 
section  where  we  consider  the  peeling  of  a  thin 
viscoelastic  film  the  constitutive  behavior  of 
which  is  described  by  the  standard  three-param¬ 
eter  viscoelastic  solid  model  shown  in  Fig.  7. 


5.1.  Peeling  of  a  three-parameter  viscoelastic  solid 
film 

The  governing  equations  in  this  case  are 


M=-EiIK  ati  =  0  (53) 

Taking  into  account  that  K  =  d9/ds  and  using 
eqns.  (48;  and  (49;  we  can  write  the  initial  condi¬ 
tion  (53)  in  terms  of  0as 

IPE^  nd'e  It^E]  de 

at.v=0  (54) 

Introducing  the  dimensionle.ss  quantities 


E.h  EJi 


vp  \12Fj 


/=£ 

h\E,h^ 


+  Pivsin(^-0)  =  O 


we  find  that  the  governing  equation  and  the 
corresponding  boundary'  and  initial  conditions 
become 


dM  lE^E.  dK 

p  ds  p  d5 

where  £,,  £2  and  p  are  the  material  parameters 
shown  in  Fig.  7.  Eliminating  the  moment  M  we 
find 


jp+££jp-co.,(^-e)- 

+  e(l+£).sin(^5-0)  =  () 
0=0B  at/=0 

0-6  at/=«> 


h^E^vd^O  /!•’£,£,  d-0  „  ,,  ^,d0 


£1  +  El 


Psin(6-  0)  =  0  (50) 


which  is  the  governing  equation  for  0(s).  The 
corresponding  boundary  and  initial  conditions 


d-0  d0 

^-£-^  +  sm(^-0„)  =  O  at/=0  (59) 

Considering  the  dimensionlc.s.s  cur\'aturc 


k=~  =  Kh  — 
d/  \12£j 


0=0B 

0=6 


at.Y=0 


at  s=  00 


to  be  a  function  of  0,  the  governing  equation  and 
the  corresponding  boundary  conditions  become 

,d/,dA\  , 


+  f(l  +  £l.sin(p-  0)  =  0 
k  =  ()  m0  =  6 


Fig.  7.  Tiirec-p.iramcicr  vkcociasiic  solid  model. 


,  ,  ,  , 

A'— -fA-  +  .sin(^- 0i,i  =  O  at0=0„  (63) 
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Integration  of  the  moment  equation  (48)  gives 


fsin{{5-0) 
MJ=  J  - - - (10 


where  the  dimensionless  moment  m  is  defined  as 


M  12F 


Pwh  \E,h 


Finally,  using  eqn.  (12)  we  find  the  work  expendi¬ 
ture  to  be 


^  =  -:^Pkl  +  pl  m—  A6 


where  is  the  cur\'ature  of  the  film  at  the  crack 
tip,  and  the  first  term  on  the  right-hand  side  is  due 
to  the  instantaneous  elastic  response  at  that  point. 
In  general,  the  solution  of  the  non-linear  eqn. 

(61)  will  have  to  be  found  numerically.  In  the  fol¬ 
lowing,  however,  we  obtain  an  approximate 
closed-form  solution  for  the  limiting  cases  of  very 
fast  peeling  or  very  large  viscosity  /r  which  make 
the  parameter  e  ver>'  small.  We  seek  a  perturba¬ 
tion  expansion  in  e  for  the  solution  to  the  prob¬ 
lem  such  that 

k=k‘^'  +  £k'+0(e')  (67) 

Substituting  the  above  expansion  into  the  differ¬ 
ential  equation  (6 1 )  and  the  boundar}'  conditions 

(62)  and  (63)  and  collecting  terms  having  like 
powers  of  £,  we  obtain  the  following  hierarchy  of 
problems: 

For  the  leading-order  problem  we  liave 


'I  <10/ 


=0 

and 


-cos{p-  0)  =  O 
at  0  =  6 


,oclA:" 

k  in  ~  S't'Cp  0n)  at0— On 

dO 

At  0{t)  the  problem  is  given  by 


—  (*'"'*'■■)=  A'”*  at0=0„  (73) 

d0 

The  solutions  of  the  abuse  two  problems  are 
easily  found  to  be 

)t‘0;=2sin^^  (74) 


1  6-0 
i*' '  =  —  f  nn  — - 


The  leading-order  solution,  A"**,  is  the  clastic 
solution,  and  the  first-order  correction,  A*  ' ,  intro¬ 
duces  the  \»iscoelastic  effects.  Using  eqn.  (64)  we 
find  that 

=  Mr® +  £/«*'+ 0(£-)  (7&) 

where 

hi"  =  j  ^  sin(p- O)d0=2sin^-^  (77) 


f  A' 

-  J  p7sin(jl-0)d0 
6-0 

=(<>-0)-2tan^-— 


Equation  (66)  now  implies  that  the  work  expendi¬ 
ture  (/.'isgivenby 

(6S) 

Ji!  =  2P  4|l  cos  ^ 

i69» 

-I'P  0|,t.sin^  ' 

•  2 

(79) 

A‘  =0 


at  0  =  6 


Finally,  u.sing  the  energy  balance  equation  (4l  we 
find  that  the  adhesive  energy  y  can  be  written  in 
terms  of  the  peel  force  P  and  the  other  parame¬ 
ters  of  the  test  as 

'  =  1  -cosp-  24(1  -cos^^^l  -ip-  0|,’> 


.  p- On  A, A  tih  „  - 
xsin-  "  '  -fOir-i 

2  ru  IIP, 
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As  was  mentioned  in  Section  4,  the  base  angle  6^ 
depends  on  the  thickness  of  the  film  as  well  as  on 
the  properties  of  the  film  and  the  substrate. 

Solutions  for  the  other  extreme  cases  of  very 
slow  ;  ’eling  or  very  small  viscosity  /x,  w'hich 
make  very  large,  can  be  obtained  in  a  similar 
way.  Such  solutions  will  be  presented  in  a  future 
publication  together  with  solutions  for  intermedi¬ 
ate  values  of  e. 

6.  Discussion 


material  to  the  upper  surface  of  the  crack,  W  is 
the  strain  energy  density  per  unit  reference  (unde¬ 
formed)  volume.  N  is  the  outward  normal  to  the 
integration  path,  T=N-t'',  t"  is  the  nominal  (first 
Piola-Kirchhoff)  s^ess  tensor,  u  is  the  displace¬ 
ment  vector,  ■’•.cl  X  is  the  position  of  a  material 
•'oin*  •  ^  i'„e  undeformed  configuration.  The  J- 
integial  is  path  independent  if  the  elastic  material 
under  consideration  is  homogeneous,  at  least  in 
the  X^  direction  (27).  Taking  the  integration  path 
r  along  the  boundary  of  the  specimen  we  find 


The  analysis  presented  in  Sections  2  to  5 
show’s  that  the  peel  force  is  a  direct  measure  of 
the  adhesive  fracture  energy  only  if  both  the  film 
and  the  substrate  deform  elastically.  If'  suck  a 
case 

y  =  (l-cos?S)P  (81) 

In  the  absence  of  any  inelastic  def  jrmations  the 
peel  force  also  provides  information  about  the 
stress  field  in  the  region  near  the  interfacial  crack 
tip.  The  adhesive  fracture  energy  y  is  equal  to  the 
energy  release  per  unit  crack  extension  along  the 
interface  per  unit  width  of  the  film  /.<?. 


.  [(1-v,)/G,+(1-v,)/G2]  , 

- 4cosh=(;r£) 


(82) 


where 


1 


a  P 

-COSf+J- 


(86) 


where  E  is  Young's  modulus  of  the  liim,  a  =  1  for 
plane  stress  and  a  =  1  -  v-  for  plane-strain  ''on- 
ditions  far  from  the  crack  tip.  The  last  term  in  the 
above  expression  is  due  to  the  axial  straining  of 
the  film.  For  thin  metallic  films  of  thicknesse.s  of 
the  order  of  1 00  /rm  the  ratio  PI  Eh  is  of  the  order 
of  10  ■’  and  can  be  neglected.  Therefore,  eqn. 
(86)  can  be  written  as 

y  =  (l-cos^)P  (87) 

For  an  elastic  material  7 =2?  and  eqn.  (84)  follows. 
Equation  (84)  can  be  also  written  as 


1 1/ 1  =  /  4ycosh^(.7c)  \ 
'  '  \(l-v,)/G,+(l-v,)/G,/ 


(88) 


G,  +  G2(3-4v,) 
27r  "[G2  +  G,(3-4v2) 


(83) 


G  is  the  shear  modulus,  v  is  Poisson’s  ratio,  the 
subscripts  1  and  refer  to  the  film  and  the  sub¬ 
strate  r6‘spectively,  a^id  K  is  the  coniplcx  interface 
stress  intensity  factor  as  deiinej  in  [20)  and  [21j. 
These  results  for  the  interface  singularity  field  are 
discussed  in  detail  in  icfs.  22-24.  Combining 
eqns.  (81)  and  (82)  we  find  that 


I  /  4(1 -co.s  ^)Pco.sh~t7r£) 
'"\(l-v,)/G,+(l-V2)/G2l 


(84) 


The  same  result  can  be  obtained  using  the 
y-integral  [25, 26]  defined  by 


where  F  is  a  path  in  the  undeformed  configuia- 
tion  from  the  bottom  surface  of  the  crack  through 


The  above  equation  shows  that  if  the  adhesive 
fracture  energy  y  is  independent  of  the  mode  of 
fracture,  then  the  fracture  locus  on  the  complex  K 
plane  will  be  a  circle. 

The  question  remains,  however,  as  to  whether 
the  adhesive  fracture  energy  y  is  independent  of 
the  fracture  mode  and  the  amount  of  plasticity  in 
the  specimen.  One  of  the  advantages  of  the  peel 
test  i*  that  the  mode  of  interfacial  fracture  and  the 
amount  of  plasticity  in  the  film  can  be  easily 
changed  by  changing  the  peel  angle;  a  series  of 
peel  tests  with  different  peel  angles  is  now  under¬ 
way  in  an  attempt  to  address  th's  question.  Once 
•he  peel  force  is  determined,  y  can  be  calculated 
as  described  in  Sections  4  and  5.  It  should  be 
noted,  however,  that  part  of  the  so  determined  y 
is  a.s.sociated  with  eiiertry  dissipated  in  the  near 
crack  lip  plastic  zone.  The  near  tip  energy  dissi¬ 
pation  can  be  dete.nnined  uf.ing  the  finite  element 
method  and  the  results  of  the  finite  element 
analysis  can  be  o..,mbined  with  the  lesults  pre- 
.sented  in  this  paper  in  order  to  determine  the 
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actual  adhesive  fracture  energy,  i.e.  the  energy 
associated  with  the  interfacial  debonding.  Such 
work  is  now  underway. 
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Abstract 

Finite  element  techniques  are  used  to  calculate 
the  stress  concentrations  near  the  free  edge  and 
along  the  interface  of  thin  films  which  are  bonded 
to  stiff  substrates.  The  material  of  the  film  is 
modeled  as  elastic-plastic  with  a  linear  power-law 
hardening  stress-strain  curve  in  simple  shear.  It  is 
assumed  that  the  film  material  is  characterized  by 
J2  deformation  theory,  and  that  far  from  the  free 
edges  the  film  is  in  a  state  of  uniform  balanced 
biaxial  stress  which  may  be  due  to  misfit  strain,  to 
thermal  strain  or  to  intrinsic  stress.  Emphasis  is 
placed  on  the  stress  concentrations  in  films  of 
small  aspect  ratio  (modeling  the  early  stages  of 
island  gro  wth)  or  of  large  aspect  ratio  (modeling 
epitaxial  or  layer-by-layer  growth)  and  on  the  effect 
of  the  hardening  exponent  on  the  resulting  stress 
concentrations.  It  is  found  that  stress  concentra¬ 
tions  are  localized  near  the  film-substrate  inter¬ 
face,  that  films  of  small  aspect  ratio  have  smaller 
stress  concentrations  than  films  of  large  aspect 
ratio,  and  that  plastic  deformation  significantly 
reduces  the  stress  levels  near  the  interface, 
although  close  to  the  free  edge  the  stress  levels  are 
still  higher  than  thefarfiela  uniform  stresses. 

1.  Introduction 

It  is  well  known  that  thin  films  grown  on  sub¬ 
strates  are  in  a  state  of  internal  stress  which  arises 
as  a  result  of  the  deposition  process  (intrinsic 
stress)  or  as  a  result  of  differential  thermal  mis¬ 
match  between  film  and  substrate  when  the 
temperature  is  different  from  the  deposition  tem¬ 
perature  (thermal  stress)  [1,  2].  Large  values  of 
the  internal  stress  may  lead  to  failure  by  de¬ 
lamination  from  the  free  edge  of  the  film  [3],  or  by 
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buckling  and  cracking  along  the  interface 
between  film  and  substrate  [4,  5].  The  film  ma¬ 
terials  are  used  in  a  wide  variety  of  applications, 
such  as  optical  [6],  electronic  [7],  or  magnetic  [8]. 

Stresses  near  the  vicinity  of  the  free  edge  of  an 
isotropic  film  were  calculated  by  Aleck  [9],  and 
later  by  Zeyfang  [10]  and  Blech  and  Levi  [11], 
who  established  that  close  to  the  free  edge  large 
peeling  and  shear  stresses  develop.  Such  stresses 
considerably  exceed  the  far  field  internal  stress  of 
the  film  [11].  Williams  [12]  showed  that  for  a  film 
bonded  to  a  rigid  substrate  stress  singularities 
develop  near  the  point  where  the  interface  meets 
the  free  edge.  Hein  and  Erdogan  [13]  calculated 
the  stress  singularity  for  varying  stiffness  between 
film  and  substrate.  They  showed  that  when  the 
film  is  much  stiffer  the  singularity  is  - 1/2  for 
large  values  of  the  film  material  angle.  When  the 
substrate  is  much  stiffer,  the  singularity  is  gener¬ 
ally  milder  [13].  More  recently,  Lau,  Rahman  and 
Delale  calculated  the  free  edge  singularity  for 
power-law  hardening  materials  and  for  a  variety 
of  different  free-edge  material  angles  [14]. 
Approximate  solutions  for  the  stresses  along  the 
interface  have  been  presented  by  Suhir  [15,  16], 
and  by  Yang  and  Freund  [17],  who  have  approxi¬ 
mated  the  variation  of  the  stresses  throu^  the 
thickness  of  the  film.  Stresses  in  elastic  substrates 
have  been  calculated  by  Hu  [18]  and  by  Isomae 
[19]  who  were  mostly  interested  m  evaluating 
defect  densities  induced  in  silicon  substrates  due 
to  the  thin  film  internal  stresses.  Interfacial  stress 
distribution  in  epitaxial  films,  which  are  charac¬ 
terized  by  considerable  elastic  anisotropy,  have 
been  calculated  by  Lambropoulos  and  Wan  [20]. 

As  Lau  et  al.  have  pointed  out  [14],  most 
studies  to  date  have  concentrated  on  linearly 
elastic  constitutive  response  for  the  film  or  sub¬ 
strate  materials.  More  recently,  attempts  have 
been  made  to  include  material  nonlinearities  in 
the  analysis  of  stresses  in  film-substrate  assem- 
blie.s.  Yang  and  Freund  examined  plastic  and  vis- 
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cous  material  response  for  the  film  [17]  but,  due 
to  the  approximation  involved,  their  solution  is 
not  valid  within  1-2  thickness  from  the  film’s  free 
edge.  Siihir  [16]  allowed  for  nonlinear  stiffness  of 
the  soider  in  soldered  film-substrate  assemblies. 
Due  to  the  approximations  invoked  in  Suhir’s 
work  [15,  16]  the  traction-free  bountary  condi¬ 
tions  are  not  satisfied  near  the  film’s  free  edge.  As 
noted  above,  Lau  et  al.  [14]  examined  singulari¬ 
ties  in  power-law  hardening  composite  wedges. 
Isomae  [21]  allowed  for  linearly  viscous  response 
of  the  film  material  in  an  effort  to  model  disloca¬ 
tion  generation  in  silicon  substrates  with  Si02  or 
Si304/Si02  films.  In  Isomae’s  work  primary 
emphasis  was  placed  on  the  stresses  induced  in 
the  substrate. 

Inelastic  effects  have  long  been  recognized  as 
leading  to  significant  stress  relaxation  in  metallic 
films.  As  examples  we  mention  the  work  of 
Murakami  et  al.  on  Pb  [22]  and  the  work  of 
Hershkovitz  et  al.  on  aluminum  [23].  Reviews  of 
the  deformation  mechanisms  in  ihin  films  have 
been  provided  by  Koleshko  et  al.  [24],  by  Mura¬ 
kami  [25],  and  by  Chaudhari  [26].  Kinosita  [27] 
has  summarized  mechods  for  measuring  thin  film 
mechanical  properties.  Deformation  mechanisms 
include  diffusional  creep,  power-law  creep  and, 
at  lower  temperature.^  and  higher  stresses,  dislo¬ 
cation  glide  [25, 26].  As  noted  above,  Isomae  [21] 
used  linearly  viscous  constitutive  response  for 
Si02  films  interacting  w  ith  silicon  substrates. 

Concerning  plastic  deformation  of  films  on 
substrates  by  dislocation  glide,  Hoffman  has 
pointed  out  that  the  high  stresses  along  the  inter¬ 
face  and  near  the  free  edge  of  the  film  must 
necessarily  lead  to  plastic  flow  or  fracture,  and 
that  the  strain  gradients  arc  localized  near  the 
film  edge  [3, 28,  29].  Stress-strain  curves  for  gold 
films  measured  by  Catlin  and  Walker  [30]  show  a 
considerable  nonlinearity,  as  do  the  data  of 
Henning  et  al.  on  copper  and  nickel  [31]. 

It  is  the  objective  of  this  report  to  account  for 
the  effect  of  elastic-plastic  relaxation  near  the 
free  edge  and  along  the  film-substrate  interface  in 
films  which  are  subjected  to  a  uniform  far-field 
stress  (due  either  to  misfit  or  thermal  strain).  To 
simplify  the  problem,  and  in  viev/  of  the  .studies 
on  stresses  in  the  substrate  by  Hu  [18]  and  by 
Isomae  [19,  21],  we  assume  that  the  substrate  is 
rigid,  and  thus  focus  our  attention  exclusively  on 
the  film  and  on  the  film-substrate  interface.  We 
assume  that  the  film  is  in  a  state  of  plane  .strain, 
and  we  account  for  plastic  deformation  of  the 


film  material  via  7,  deformation  theory  fitted  to  a 
linear-power  law  hardening  stress-strain  behav¬ 
ior  in  simple  shear.  To  account  for  three-dimen¬ 
sional  island-like  growth  (Volmer-Weber  growth 
[32])  and  for  epitaxial  layer  growth  (Frank  and 
van  der  Merwe  [32]),  we  consider  films  whose 
lateral  extent  is  similar  to  the  thickness  of  the  film 
or  greatly  exceeds  it.  The  basic  parameters 
characterizing  our  model  are  the  ratio  of  film 
lateral  extent  to  film  thickness,  the  ratio  of  misfit 
to  yield  strain,  and  the  hardening  exponent  of  the 
film  material. 


2.  Problem  formulation 


Figure  1  shows  the  geometry  of  a  film  with 
thickness  h  and  lateral  extent  L.  The  free  edge  of 
the  film  is  located  along  a:=0,  and  the 
film-substrate  interface  is  at  y = 0.  For  simplicity, 
and  in  order  to  avoid  three-dimensional  effects,  it 
is  assumed  that  plane-strain  conditions  prevail 
along  the  z  direction.  For  reasons  explained  in  the 
Introduction,  we  concentrate  our  attention  on  the 
film  and  interface.  Thus,  we  assume  that  the  sub¬ 
strate  is  rigid,  and  that  displacement  and  traction 
continuity  is  satisfied  along  the  interface  >’=0. 
The  sides  x  =  {t,x-L,  and  y  =  h  are  free  of  trac¬ 
tions.  Far  from  the  free  edges  the  film  is  in  a  state 
of  balanced  biaxial  stress,  i.e.  which, 

furthermore,  is  uniform  in  the  y  direction. 

The  film  material  is  taken  to  be  elastic-plastic. 
Specifically,  w'e  assume  that  in  a  simple  shear  test 
the  film  material  obeys 

£j2^|r/r„  if|T|<T„ 

£«  [{rlrj  ifikl^r,: 


where  r„  is  the  yield  stress  in  simple  shear,  is 
the  yield  strain  which  is  related  to  r„  by 
r„  =  2Ge,„  G  being  the  elastic  shear  modulus,  and 
n  is  the  hardening  exponent  (Fig.  2).  For  multi- 
axial  stress  states  the  total  strain  is  given  by 
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Fig.  1.  Film  geometry. 
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Fig.  2.  Linear  power-law  hardening  stress-strain  curve  in 
simple  shear. 


that  the  parameters  characterizing  the  present 
problem  are  the  aspect  ratio  L/2/t,  the  ratio  of 
misfit  to  yield  strain  e^/co,  and  the  hardening 
exponent  n. 

Solving  eqns.  (2)-(5)  for  the  stresses,  we  find 


t]  l-2v) 


1  +  v 
l-2v 


e  (6) 


where  i,j=  1,2,3  and 

£«  =  0  ■  (7) 

from  the  plane-strain  condition.  ?/  is  defined  by 


r)=< 


L-d-.w 


1. 


for  1 
for  £  <  1 


(8) 


where  the  elastic  strain  ef  is  related  to  the  stress 
tensor  or,y  via  the  usual  linear  elastic  constitutive 
response,  the  plastic  strain  f,P  is  related  to  the 
stress  deviator  S,j  =  o,j  -  a^^dj3  by 


(3) 


where  /  is  found  by  invoking  deformation 
theory,  and  by  fitting  eqns.  (2),  (3)  to  eqn.  (1)  with 
£,/=  0.  Thus,  we  find  that 


/= 


(4) 


where  e  is  the  equivalent  shear  strain  defined  as 
f  =  e,j€,jl2,  with  e,j  the  strain  deviator.  Denoting 
by  T  the  equivalent  shear  stress  defined  by 
r^  =  S,jS,J2,  then  r  and  e  are  al.so  related  by  (1). 
The  last  term  in  eqn.  (2)  is  the  misfit  strain,  which 
is  assumed  to  consist  of  only  a  volumetric  com¬ 
ponent,  thus 


=  (5) 

where  <5„  is  the  Kronecker  delta.  The  assumption 
that  is  isotropic  is  exact  when  represents 
thermal  strain  due  to  differential  thermal  mis¬ 
match.  For  the  ca.se  of  intrijisic  stress,  the 
assumption  (5)  is  validated  by  the  physical 
models  of  intrinsic  stress  (such  as  H2O  vapor, 
oxygen  or  impurity  absorption  in  optical  thin 
films  (27,  33],  or  lattice  misfit  in  epitaxial  films 
[34]).  For  epitaxial  films,  nevertheless,  it  may  be 
more  appropriate  to  take  £„''  =  £,  J,  £^/  =  0. 

It  is  convenient  to  normalize  stresses  by  the 
yield  stress  r,„  strains  by  the  yield  strain  £„,  and 
distances  by  the  film  thickness  h.  Thus,  it  is  clear 


and  V  is  the  Poisson  ratio.  The  parameter  0  is 
defined  by 

(9) 

It  is  immediately  clear  that  the  constitutive  law 
of  eqns.  (6)-(10)  is  equivalent  to  that  of  a  non¬ 
linear  elastic  material.  As  expected,  this  is  due  to 
the  fact  that  the  elastic-plastic  response  of  the 
film  is  modeled  by  using  deformation  theory  of 
plasticity. 

The  stresses  corresponding  to  the  constitutive 
law  of  eqns.  (6)-(8)  were  determined  by  a  dis¬ 
placement-based  finite  element  calculation.  Due 
to  the  symmetry  of  the  problem,  only  the  domain 
0<iX^L/2  was  discretized  with  the  boundary 
condition  that  the  displacement  in  the  x  direction 
and  the  shear  stress  vanish  at  a:  =  L/2. 

The  elements  used  were  bilinear  isoparametric 
rectangles  with  3x3  Gaussian  quadrature.  The 
grid  used  had  approximately  50  nodes  in  the  x 
direction  and  30  nodes  in  the  y  direction  with 
higher  concentration  of  elements  near  the  inter¬ 
face  and  near  x  =  0.  Com  ;ent  solutions  were 
achieved  for  a  given  n  by  ^  .g  as  a  first  approxi¬ 
mation  the  convergent  siress  distribution  corre¬ 
sponding  to  the  previous  value  of  n.  The  results 
for  the  stress  distributions  thus  determined  will 
be  presented  and  discussed  in  the  next  section. 


3.  Results  and  discussion 

Figures  3  and  4  show  the  stre.ss  distributions 
(7^,.  and  Oyy  versus  distance  x  along  the 
film-substrate  interface  foi  several  values  of  the 
hardening  exponent  To  avoid  interpolation 
from  the  Gau-ssian  quadrature  points  to  >  =  0,  wc 
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Fig.  3.  Shear  stress  i’j.  x  immediately  above  the  film- 
substrate  interface  {y=0.009/i)  for  various  hardening 
exponents. 


Fig.  4.  Peeling  stress  a„  vs.  .v  immediately  above  the 
film-substrate  interface  {y= 0.009//)  for  various  hardening 
exponents. 


have  plotted  the  .stresses  along  the  centers  of  the 
elements  closed  to  the  interface,  which  were 
located  at  >'//;  =  0.009.  The.se  .stre.ss  distributions 
can  be  converted  to  stress  concentrations  b> 
picking  the  maximum  value  of  (see  Fig.  3) 
or  the  value  of  ojr^,  at  the  center  of  the  element 
closest  to  X  =y=0  (see  Fig.  4),  dividing  b>  0,  and 


Fig.  5.  Non-dimensional  shear  stress  concentration  nr.  non- 
dimensional  load  for  /;  =  1, 5, 30.  Solid  lines  are  for  thin  films 
{LI2h  =  5).  Dashed  lines  are  for  thick  films  (i./2/i  =  1 ). 


Fig.  6.  Non-dimensional  peeling  slre.ss  concentration  v.y. 
non-dimensional  load  for  ;/  =  1 . 5.  30.  Solid  lines  are  for  thin 
films  (/-/2//  =  5).  Dashed  lines  are  for  thick  films  {LP-h  =  1 ). 

by  plotting  is.  0.  The  resulting  stress  ctmcentia- 
tion  factors  i.s.  the  dimen.sionless  load  parametei 
0  are  shown  in  Figs.  5  and  6  for  the  shear  stress 
and  for  the  peeling  stress  respectively,  for 
various  values  of  the  hardening  exponent  n  and 
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for  two  values  of  the  aspect  ratio,  5  and  1,  corre¬ 
sponding  to  thin  films  (L>  h)  and  three-dimen¬ 
sional  island-like  growths  {L”h). 

Finally,  Figs.  7  and  8  show  the  development  of 
the  dimensions  of  the  plastic  zone  with  the  load 
parameter  6.  Specifically,  Fig.  7  shows  contours 
of  the  equivalent  shear  stress  r  for  the  case  of  thin 
films  with  n  =  30,  for  several  values  of  0;  Fig.  8 
shows  the  dependence  of  the  dimensions  H,  D  of 
the  plastic  zone  on  the  hardening  exponent  n  for 
thin  films  (L/2/z  =5).  In  the  results  shown  in  Figs. 
3-8  the  Poisson  ratio  is  taken  as  0.3. 

It  can  be  easily  shown  that  the  far-field  ma¬ 
terial  becomes  plastic  [Le.  r  exceeds  Tq)  when 
6  =  0.93.  Thus,  when  6  <  0.93  the  plastic  defor¬ 
mation  is  localized  near  the  free  edge  x  =  0.  As  0 
approaches  0.93  from  below,  the  extent  D  of  the 
plastic  zone  increases  rapidly,  and  extends 
through  the  whole  of  the  film  as  6  exceeds  0.93. 
Figure  8  shows  that  the  dimension  D,  H  of  the 
plastic  zone  depend  weakly  on  the  hardening 
exponent  n,  implying  that,  for  example,  linear 
elastic  solutions  (9-11,  15,  16]  can  be  used  to 
estimate  D  and  H.  On  the  other  hand,  as 
expected,  D  depends  very  strongly  on  the  loading 
parameter  6.  Examination  of  Fig.  7  shows  that 
plastic  deformation  is  localized  within  a  narrow 
strip  which  starts  at  the  free  edge  a:  =  0  and 
extends  parallel  to  the  film-substrate  interface. 
Outside  this  zone  of  intense  plastic  deformation 
the  film  material  is  weakly  stressed.  If  one  were  to 
think  of  plastic  deformation  in  terms  of  the 


L/2h=5  n=30 


1.06 

0=  0.9 

F'ig.  7.  Contours  of  c<iuivalcni  shear  stress  r  normalized  with 
respect  to  yield  stress  r„  General  yield  occurs  in  the  far-ficId 
material  for  0  =  0.93. 


propagation  of  interfacial  dislocations.  Fig.  7 
shows  that  a  continuum  plasticity  approach 
agrees  qualitatively  with  the  fact  that  interfacial 
dislocations  propagate  along  the  film-substrate 
interface  [32,  34].  Our  calculation  presently 
establishes  the  interface  between  film  and  sub¬ 
strate  as  being  extensively  deformed  into  the  plas¬ 
tic  region.  This  observation  is  in  agreement  with 
the  results  of  Lau  et  al.  [14]  in  which  the  angular 
variation  of  the  stress  components  resulting  from 
the  asymptotic  analysis  is  such  that  the  peeling 
stress  is  maximum  along  the  interface. 

The  stress  concentration  plots  of  Figs.  5  and  6 
show  that  bulky  films  {L~  li,  modeling  thus  island 
mode  of  film  growth)  are  in  general  less  stressed 
than  thin  films  (L>  //,  modeling  epitaxial  mode  of 
film  growth  [32]).  The  difference  is  largest  for 
linear  elastic  films;  it  diminishes  considerably  as 
hardening  diminishes.  As  the  films  are  progres¬ 
sively  stressed  into  the  plastic  region,  the  stress 


0.5  1.0 

l/n 


0.5  1.0 

i/n 


I  ig.  8.  V.matiun  of  c.xicnt  1}  and  height  II  of  pla.stic  zone  i.s. 
.strain  hardening  c,xponont  n.  The  aspect  ratio  is  /./2/i  =  .‘>. 
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concentrations  dimmish  as  a  result  of  stress  re¬ 
laxation  by  plastic  deformation.  Thus,  the  abso¬ 
lute  values  of  the  stresses  increase  as  9  increases, 
but  less  rapidly  than  9  itself. 

Figures  3  and  4  show  that  smaller  amount  of 
hardening  leads  to  considerably  lower  stress 
values.  We  note  from  these  figures  that  within, 
say,  0.1  h  along  the  interface  the  stresses  exceed 
considerably  the  yield  stress  of  the  material.  Even 
when  «  =  30  the  peeling  stress  is  as  large  as  2-4 
Tq,  while  the  shear  stress  is  no  less  than  Tq.  We 
note  that  these  stress  concentrations  are  localized 
within  a  fraction  of  the  film’s  thickness  from  the 
free  edge,  and  close  to  the  interface  (see  Fig.  7). 
As  xjh  -*  «>  both  Oyy  and  must  vanish.  When 
0>O  (implying  that  the  far-field  material  is  in 
compression)  the  largest  value  of  is  also  com¬ 
pressive  (Fig.  4),  but  Ojy  changes  to  tensile  with  a 
maximum  positive  value  at  a  distance  of  about 
0.5-1  thickness  along  the  interface  [9-11].  This 
maximum  is  diffuse  and  only  a  fraction  of  the  far- 
field  stress.  It  is  concluded  that  when  the  film  is  in 
far-field  compression,  the  anticipated  mode  of 
failure  is  by  shearing  along  the  interface.  When 
0>O  other  modes  of  failure  are  also  observed 
{e.g.  buckling  and  interfacial  delamination  [4]).  In 
this  context  we  note  that  thin  polycrystalline 
metallic  films  exhibit  hardening  behavior  and 
yield  stress  which  is  quite  different  from  the 
corresponding  quantities  for  bulk  materials.  Hoff¬ 
man  [1]  has  com.piled  data  which  show  that  the 
hardening  (about  Ijn)  diminishes  as  the  film  thick¬ 
ness  increases.  Similarly,  the  yield  stress  de¬ 
creases  as  the  thickness  increases.  Thus,  when  the 
thickness  is  too  small,  the  film  may  fail  in  a  brittle 
manner.  Such  observations  are  in  agreement  with 
experimental  observations  of  Pashley  in  gold 
films  thirmer  than  50  nm  [35].  For  other  film 
materials,  such  as  nickel  [1],  the  plastic  and  elastic 
strains  at  fracture  are  comparable.  The  depen¬ 
dence  of  yield  stress  on  thickness  has  been 
modeled  by  Chaudhari  [26,  36]  and  Ronay  [37] 
who  argue  that  a  critical  film  thickness  exists 
below  which  plastic  flow  does  not  occur  and 
above  which  the  residual  elastic  strain  shows  an 
inverse  thickness  dependence.  When  0<O 
(implying  that  the  far-field  film  material  is  in 
tension),  then  the  large  values  of  the  peeling  stress 
along  the  interface  are  tensile  and  considerably 
exceed  the  yield  stress  r„  of  the  film  material.  We 
conclude  that  in  this  case  the  anticipated  failure 
mode  is  by  peeling  away  from  the  interface. 
Again,  other  modes  of  failure  are  possible  [3]. 


The  use  of  deformation  theory  of  plasticity  to 
describe  the  inelastic  deformation  of  the  film 
material  is  justified  by  observing  that  the  stresses 
increase  monotonically  as  the  loading  parameter 
9  increases.  Furthermore,  the  calculation  pre¬ 
sented  herein  can  be  used  in  film  growth  when  h 
is  a  monotonically  increasing  function  of  time.  As 
discussed  above,  Tq  is  a  decreasing  function  of  h, 
and  9(  =  e'^/sg}  is  a  decreasing  function  of  eg  or 
r„.  We  conclude  that  9  is  an  increasing  function  of 
h,  so  that  deformation  theory  can  be  used  to 
model  the  elastic-plastic  deformation  of  thin 
films  during  film  growth.  Still,  deformation  theory 
would  be  inadequate  when  significant  amounts  of 
unloading  are  involved.  This  would  be  the  case 
when  for  a  film  of  fixed  thickness  h  the  tempera¬ 
ture  has  a  sinusoidal  dependence  on  time  with  a 
maximum  value  AT  such  that  AaAr>£o> 
being  the  differential  thermal  mismatch  between 
film  and  substrate. 

All  calculations  presented  herein  refer  to  the 
case  when  the  angle  between  the  free  surface  of 
the  film  and  the  interface  is  njl.  Once  a  crack  is 
nucleated  (by  shearing  deformation  for  0  >  0,  and 
by  peeling  for  0<O),  the  geometry  changes  radi¬ 
cally  since  now  a  crack  exists  along  the  interface 
between  the  film  and  the  substrate.  In  such  a  case, 
the  extensive  work  of  Shih  and  Asaro  [38]  on 
cracks  between  dissimilar  elastic-plastic  media  is 
to  be  consulted. 

4.  Conclusions 

Hnite  element  methods  were  used  to  deter¬ 
mine  the  stress  distributions  near  the  free  edge 
and  along  the  interface  in  film-substrate  assem¬ 
blies.  The  film  material  was  assumed  to  be  elas¬ 
tic-plastic  characterized  by  a  linear,  power-law 
hardening  stress-strain  curve  in  pure  shear,  and 
by  Ji  deformation  theory  for  multiaxial  stress 
states.  The  main  parameters  describing  the  prob¬ 
lem  are  the  hardening  exponent  n,  the  ratio  of 
misfit  to  yield  strain,  and  the  aspect  ratio  of  the 
film.  It  was  found  that  near  the  free  edge  plastic 
deformation  relaxes  the  elastic  stress  concentra¬ 
tion.  Still,  near  the  free  edge  the  shear  stre.sses  are 
no  le.ss  than  the  yield  stres.s,  and  the  peeling 
stresses  are  at  least  several  times  higher  than  the 
yield  stre.ss.  These  concentrations  are  localized 
within  a  small  fraction  (0.1  -0.5)  of  the  film  thick¬ 
ness  from  the  film’s  free  edge.  Far  from  the  free 
edge  the  film  is  in  a  state  of  balanced  biaxial  ten¬ 
sion  or  compre.ssion. 
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The  extent  of  the  plastic  zone  depends  weakly 
on  the  hardening  exponent  n,  and  strongly  on  the 
ratio  of  misfit  to  yield  strain.  The  zone  of  plastic 
deformation  is  localized  within  a  narrow  region 
along  the  film-substrate  interface,  and  it  propa¬ 
gates  parallel  to  the  interface  as  the  misfit  strain 
increases  in  relation  to  the  yield  strain.  Plastic 
deformation  reduces  the  elastic  stress  concentra¬ 
tion  both  for  thin  and  thick  films.  When  the  far- 
field  film  material  is  in  compression,  the  antici¬ 
pated  mode  of  local  failure  in  the  vicinity  of  the 
free  edge  is  by  shear;  when  in  tension,  the  local 
mode  of  failure  is  expected  to  be  by  peeling.  The 
applicability  of  deformation  theory  of  plasticity 
was  justified  since  stresses  increase  monotoni- 
cally  with  the  misfit  strain.  For  film  growth,  defor¬ 
mation  theory  is  again  applicable  since  the  yield 
strain  is  a  decreasing  function  of  film  thickness. 
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Abstract 

The  two-dimensional  problem  of  an  interface 
crack  between  two  anisotropic  elastic  solids  is  con¬ 
sidered.  A  necessary  and  sufficient  condition  for  no 
oscillations  in  the  singular  crack-tip  fields  is  given, 
and  then  bicrystals  associated  with  tilt  boundaries 
that  satisfy  this  condition  are  considered.  Explicit 
solutions  for  a  finite  crack  along  interfaces  satisfy¬ 
ing  this  condition  are  given. 


1.  Introduction 

The  two-dimensional  interface  crack  problem 
in  small-strain  linear  elasticity  is  the  focus  of  this 
paper.  For  brevity,  certain  mathematical  details 
that  are  found  in  two  recent  papers  [1,  2)  are 
omitted,  while  the  emphasis  here  is  on  the 
important  results.  The  reader  also  is  referred  to 
[1,  2]  for  extensive  citations  to  references  on 
related  problems.  Particular  attention  is  given  in 
this  paper  to  bimaterials  formed  by  misorienting 
identical  anisotropic  solids  on  either  side  of  the 
interface.  These  bimaterials  include  bicrystals,  for 
e,\ample. 

Solutions  to  the  classical  interface  crack  prob¬ 
lem,  in  general,  display  oscillaiiuns  in  the  singular 
crack-tip  stress  field  and  interpenetration  of  the 
crack  faces.  Obviously,  solutions  of  this  kind  can 
only  be  valid  outside  the  predicted  interpenetra¬ 
tion  zone.  This  zone  typically  is  very  small  com¬ 
pared  with  the  crack  length  under  remote  tensile 
loading,  but  can  be  a  large  fraction  of  the  crack 
length  under  shear  loading  [3].  Several  recent 
papers  have  focused  on  these  oscillations  in  the 
near-tip  fields  for  interface  cracks  between  dif¬ 
ferent  isotropic  solids,  see,  for  e.xample,  refs.  3-5. 


•Paper  presented  at  the  symposium  on  Intcrfacial  Phe- 
nomcnti  in  Composites:  Processing.  Characterization,  and 
Mechanical  Properties.  Newport.  RI.  June  I  .'.  1 988. 


In  this  paper  we  consider  cracks  along  the 
interface  between  anisotropic  solids;  related 
investigations  include  those  of  Willis  [6]  and  Ting 
[7].  Since  crystals  are  elastically  anisotropic, 
bicrystal  interfaces  or  grain  boundaries  between 
two  misoriented  but  otherwise  identical  single 
crystals  are  a  special  class  of  interfaces  between 
dissimilar  anisotropic  media.  A  bicrystal  is  repre¬ 
sented  through  transformations  of  the  reference 
lattice  into  two  different  lattice  orientations  on 
either  side  of  the  interface.  If  the  transformations 
are  pure  rotations  about  a  common  axis  lying  in 
the  interface,  the  interface  is  referred  to  as  a  tilt 
boundary.  Grain  boundary  cracks  where  the 
crack  front  is  parallel  to  the  tilt  axis  also  are  con¬ 
sidered. 

In  this  paper  a  necessary  and  sufficient  con¬ 
dition  is  given  for  a  non-oscillatory,  two-dimen¬ 
sional  crack-tip  stress  field  for  general 
bimaterials.  Then  grain  boundary  cracks  where 
the  crack  front  is  parallel  to  the  tilt  axis  are  con¬ 
sidered.  In  this  case,  it  is  seen  that  the  crack-tip 
stress  field  has  the  standard  square  root  singu¬ 
larity  without  oscillations  if  the  in-plane  and  anti¬ 
plane  deformations  are  decoupled  in  the  interface 
coordinate  system.  This  result  holds  for  both 
geometrically  symmetric  and  asymmetric  tilt 
boundaries.  Examples  are  given  for  f.c.c. 
bicry.stals.  Finally,  we  consider  the  problem  of  a 
finite  crack  on  a  bimaterial  interface. 

2.  General  solutions  in  2D  anisotropic  elasticity 

Consider  a  two-dimensional  deformation  in 
which  the  thiee  components  of  displacement 
depend  only  on  in-planc  coordinates,  i.e. 
H,  =  H,{je|..v,j  and  £=1,2,3  so  that  £31  =  0.  The 
general  ani.sotropic  .stre.ss-strain  relation  is 
<7i/ =  Q.o£ji£-  We  adopt  the  convention  that  the 
Roman  indices  take  on  the  values  1 .  2  and  3  while 
Greek  indices  take  on  the  values  1  and  2  only. 
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and  summation  is  implied  for  repeated  indices. 
Then  the  Navier  equations  that  govern  the  small- 
strain  elasticity  solutions  are 


C, 


iakp 


9-V^9.Va 


=  0 


(1) 


Define  the  Fourier  transform  pair 


00 

J  f{x)Qxp\^xdx 


(2a) 


00 

/  f{^)exp-i^xdx  (2b) 


provided  that  a  and  r]=  satisfy  the  following 
eigenvalue  equation 

(Q  +  p,.(R  +  R'*' ) + /?„-T]  a„  =  0 

/r=  1,6  (no  sum  on  n)  (7) 

Since  Q,  R  and  T  are  real  and  are  functions  only 
of  the  material  constants  C,ju,  p„  and  a„  are  in¬ 
dependent  of  Furthermore,  a„  corresponds  to 
p„.  Finally,  we  introduce  two  matrices  P  and  A  by 

P=diag(p,,p2,P3)  (8^) 

A=(a,,  02,03)  (8b) 

and  rewrite  eqn.  (7)  as 

QA+RAP=-(R^A+TAP)P  (9) 


and  apply  the  transform  to  eqn.  (1)  over  j:,  to 
obtain 

0// 

^■Qui“a  ■*■‘^(^12*1  Qiw)  0^ 

-C,2,2^*=0(z  =  1,3)  (3) 

or,  in  matrix  notation 

^2Qo+i|(R-hRT)|ii-T|4  =  0  (4) 

QX')  UX-y 


where  the  superscript  T  stands  for  the  transpose 
and 


Gnu 

Gin2 

Gin3 

Q  “  (  Qik)  ~  (  Qltl )  — 

G1211 

G1212  G|2I3 

(5a) 

.Gi3|| 

G|3|2 

G|3I3  . 

Gun 

G1122 

G|I23 

R={i?,t)=(C„«)= 

G|2i2 

C|222 

Gi223 

(5b) 

.Gi3|2 

Gi322 

G|323  _ 

G12I2 

G|222 

G1223 

t=(7;,)=(c,2«)= 

G22I2 

C2222 

G2223 

(5c) 

.G23I2 

C2322  ^2^23  J 

Given  that  C,^.,  is  positive  definite  with  the  usual 
symmetries,  Q  and  T  are  symmetric  and  positive 
definite  while  R  is  not;  these  three  matrices  have 
been  introduced  by  Ting  [7J. 

Equation  (4)  permits  solutions  of  the  form 

u  =  oexp(-i;7X2)  (6) 


The  general  solution  to  (4)  is  obtained  from 
superposition  of  the  six  particular  solutions  when 
the  roots  are  distinct,  which  from  eqns.  (6)  and  (8) 
can  be  written  as 

mx2)={2jty‘HAFf+AGg)m^) 

+  (2.-r)'/2(AF/+AGg)//(-|)  (10) 

where  H(^)  is  the  Heaviside  step  function  and  F 
and  G  are  the  diagonal  matrices 

F(^,A:2)=diag[exp(-i7,X2), 

exp(-i;72X2),exp(-i?;3.V2))  (11) 

G(^,X2)=diag(exp(-i;;,.V2), 

exp(-i772.V2),e,xp(-i;73.V2)]  (12) 

Recall  that  $  and  tj  are  related  through  the  eigen¬ 
value  p=rjl^.  In  (10),  /  and  g  are  two  vector 
functions  of  5  to  be  determined  from  the  boun¬ 
dary'  conditions  of  a  given  problem. 


3.  Infinite  bimatcrial 


Consider  a  crack  along  the  interface  (.v,-a:3 
plane)  formed  by  joining  two  generally  aniso¬ 
tropic  elastic  half  spaces.  The  cartesian  co¬ 
ordinate  system  is  centered  at  the  crack  tip  with 
the  Xj  axis  along  the  crack  front  and  the  X2  axis 
normal  to  the  interface;  see  Fig.  1 .  Let  the  elastic 
constants  of  the  tw'o  half  spaces  be  and 
and  then 


.t2>0 

.V2<0 


(13) 


Integral  rcprc.sentations  of  the  displacements 
and  .stresses  in  the  infinite  bimaterial,  which 
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material 


1  = 


c 


(I) 


X  ■  ■  o  r(2) 

material  2  =  O 

Fig.  1.  Interface  crack. 


follow  by  inverting  ( 10),  are  [1, 2] 

CO 

tti{Xi,X2)=Ai  J  G,(|,A:2)g,(?)exp(-i^A:,)d^ 

0 


+  A, 


j 


Gi(-^,A-2)g,(  -|)exp(i|.v,)d^ 
(14a) 


U2{xi,X2)=k2  J  F2(^,A:2)/2(^)exp(-i^A:,)d^ 

0 

CO 

+  Aj  J  Fjl  -  j:2)/2(  -  ^)exp(i^j:,  )d| 

"  (14b) 

where  A  is  obtained  from  (7)-(9),  and 
Gi(^,a:2)  =diag{exp(  -  ij/Z’Uj), 
exp(  -  i^2'''-«2).exp(  -  ( 1 5a) 

F2(I,  a:2)  =diag{exp(  -  i77,'->A:2), 

exp(  -  i772‘'’A2),exp(  -  { 1 5b) 


^>0 

|<0 


(15c) 


^2(^'i.^'2)=  “iB’ J  |F2(|,.V2)/2(^)exp(-i^v,)d| 

0 

CO 

+  iB2  /  |F2(-|.A2)/2(-  §)exp(i|.r,)d^ 

(17b) 

where 

B  =  R'rA+TAP--(QA+RAP)p-‘  (18a,  b) 

Expressions  similar  to  eqns.  (16)  and  (17)  for  the 
other  stress  components  can  also  be  written 
down.  In  eqns.  (13)-(17),  tensor  quantities  with 
subscript  1  or  2  correspond  to  material  1  (upper 
half  space)  or  material  2  (lower  half  space), 
respectively,  while  components  are  distinguished 
by  superscripts  in  parentheses. 

Finally,  certain  properties  of  the  A  and  B 
matrices  are  noted.  First,  from  eqns.  (10)  and 
(14),  we  see  that  the  displacement  vector  is  the 
linear  superposition  of  columns  of  A.  From  eqns. 
(17),  the  stresses  are  expressed  in  terms  of  B.  It 
has  been  shown  by  Stroh  [8]  that  when  the  six 
roots  of  (7)  are  all  distinct  that  the  matrices  A  and 
B  are  non-singular.  However,  in  some  cases  even 
when  there  are  repeated  roots,  A  and  B  may  still 
be  non-singular  as  long  as  the  invariant  subspace 
corresponding  to  that  repeated  root  is  complete, 
i.e.  the  number  of  linear  independent  eigen¬ 
vectors  in  that  subspace  is  equal  to  the  multi¬ 
plicity  of  those  roots.  Detailed  discussions  of 
these  degenerated  cases  may  be  found  from  the 
references  cited  by  Ting  [7).  Secondly,  AB"'  is 
anti-Hcrmitian,  i.e.  (AB“')'^=  -  AB"'  [8].  Thus, 
the  matrix  M  defined  as 

M-'=iAB-'  (19) 


In  (14),  g,(^)  and^(^)  are  unknown  vectors  to  be 
determined  by  boundary'  conditions.  The  stress 
vector 

'fj{xi,X2)={a^2''\o.J>\a22''T  7=1,2  (16) 

is  given  from  the  following  integral  expressions 

[1,21 

hixi,X2)=  -iB,  JfG,(|,.V2)g,(|)e.\p(-i|.r,)d^ 

0 

m 

+  iB,  J  |G,(-f,.V;)g,(-^)e.Np(i^.v,)d§ 

(1 7a) 


is  Hermitian.  Moreover,  M  is  positive  definite. 
Thirdly,  since  the  vector  a„  is  uniquely  deter¬ 
mined  by  (7)  up  to  an  arbitrary  multiplicative 
constant,  it  can  be  properly  normalized  so  that 
the  following  orthogonality  relation  holds  [7] 

A'’B-i-BTA=I  (20) 


4.  Singularities  at  an  interface  crack  tip 

Let  .V|  =  0  =  .\:2  denote  the  crack  tip,  and  let  r 
and  9  denote  the  crack-tip  polar  coordinates 
where  0  =  0  along  the  interface  and  0=  ±:i  along 
the  crack  .surface  as  depicted  in  Fig.  1 .  The  boun¬ 
dary  conditions  for  a  traction-free  crack  with 
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continuous  displacements  and  tractions  across 
the  bimaterial  interface  are 

/,(a:,,0^)=0  /2(a:„0-)  =  0  .v,<0  (21a) 

«,(j:,,0)  =  H2(.v,,0)  .r,>0  (21b) 

/,(A:,,0)  =  r2(A-,,0)  .v,>0  (21c) 

To  investigate  the  singular  behavior  near  the 
crack  tip  we  assume  that  asymptotically  as  0 


«*(-Vi,0-)= 


•  -|j:,i‘'*'(exp±i;rdAA 

+  exp  +  \jt6 \Jtk) 


{k=  1,2;  no  sum  over  k) 
and 


A-,>0 

A,<0 

(22) 


the  anisotropic  solids  on  either  side  of  the  inter¬ 
face  is  specified,  the  order  of  the  singularity  <5  is 
the  same  for  all  interfaces  between  those  solids 
that  contain  the  Aj-axis,  where,  as  before,  the 
crack  front  is  parallel  to  the  a, -axis. 

The  following  theorem  is  proven  in  Section  3 
of  ref.  I  and  is  stated  here  without  proof: 

Theorem:  A  necessary  and  sufficient  condition 
.such  that  5  in  (22)-(24)  is  real  is  W=0.  Then, 
y  =  0  in  (26)  and  the  crack-tip  fields  are  not 
oscillatory. 

When  the  two  half  spaces  are  distinct  but  iso¬ 
tropic,  (i  in  eqn.  (26b, c)  simplifies  to  [  1 , 3] 

,  /ri(l-2v;)-//;(l-2v|) 

^  '  /^,(l-v,)+//2(l-»',) 

where  //,  and  v,  are  shear  moduli  and  Poisson’s 
ratio  in  the  respective  materials,  so  that  y = 0  if 


■(6  +  l)|.r,l''(BA  +  MJ  -v,>0 

•  -(6+ l)iAi  |*(exp±i;rdB4/ti.  (23) 

+  exp  +  i:r<5  B;.Ai.)  a,  <  0 

{k=  1,2;  no  sum  over  k) 

For  non-trivial  solutions  of  the  form  (22)  and 
(23),  the  order  of  the  singularity,  <5,  must  .satisfy 
the  following  characteristic  equation  [1,7] 

11(1  -  exp  i2a-d)W+i(l  -expi2?r6)D|l  =  0  (24) 

where  the  real  matrices 


l-2v;  ]-2vi 


(28) 


Therefore,  when  the  materials  are  incompres- 
.siblc,  i.e.  v,  =  v,  =  1/2,  ^  =  0  .so  that  y = 0  in  (26) 
and  no  oscillation  is  found. 

In  the  next  section,  we  consider  an  important 
cla.ss  of  interfaces  that  make  W=0.  These 
include,  for  example,  certain  grain  boundaries 
between  bicrystals. 


5.  Cracks  on  tilt  boundaries 


VV=  -Re(A,B,-'-A2B,'') 

(25a) 

D=-Im(A,B,-'-A,B,-') 

The  explicit  solution  to  (24)  is  [7] 

(25b) 

d=  -j±iy 

(26a) 

where 

1  ,  (i+A 

(26b) 

(26c) 

4.  /.  Nature  of  singularity 

It  is  readily  seen  from  eqn.  (26)  that  the  o.scill- 
atory  behavior  (A  5^  0  or  ^  5^  0)  is  generally  found 
when  material  1  and  2  differ,  i.e.  when  W  and  D 
arc  non-zero.  Ting  [7]  ha.s  demonstrated  the  fol 
lowing  invariance:  once  the  relative  orientation  of 


A  so-called  tilt  boundary  between  two  mi.s- 
oriented  but  otherwise  identical  single  crystals  (or 
mi.sorientcd  anisotropic  solids)  has  the  property 
that  the  ela.stic  modulus  ten.sor  C  on  one  side  of 
the  boundary'  (interface)  can  be  obtained  from 
that  on  the  other  side  by  a  rotation  transforma¬ 
tion  about  an  axis  lying  in  the  boundary'.  Figure  2 
schematically  shows  such  a  boundary,  where  the 
components  of  C  of  material  1  in  the  (.v  ' .  y ' , 
c  ' )  coordinates  are  the  same  as  the  components 
of  C  of  material  2  in  the  (a  - ,  y  - .  z'  )  co¬ 
ordinates.  These  (a  ‘ ,  y  ‘ .  z  * )  coordinates  are 
most  naturally  cho.sen  to  be  the  lattice  co¬ 
ordinates.  However,  in  the  bicry'stal  coordinates 
(a,  .  .V;.  .y,).  where  .x,  =  0  is  the  interface  plane  and 
the  crack  front  is  parallel  to  the  a,  or  till  axis. 
C'm, '  and  Cyn'  in  tl3;  differ  from  reference 
moduli  only  by  rotations  about  theA?-a.\is 
of  Of  and  <?,.  respectively,  the  misorientalion 
angles.  For  a  given  cry.stal  da.ss  the.se  reference 
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Fig.  2.  Grain  boundar>’  crack. 


moduli  may  be  defined  by  choosing  a  particular 
tilt  axis  and  plane  containing  that  axis  from  which 
the  tilt  angles  are  measured.  Obviously,  when 
0]  =  02  =  0>  there  is  no  distinct  interface. 

For  equal  tilts  with  respect  to  the  interface 
plane,  that  is  0|  =  01,  we  refer  to  the  bicry'stal  as 
being  geometrically  symmetric  (GS).  The  GS  tilt 
boundaries  are  distinct  from  what  we  term 
mechanically  symmetric  (MS)  tilt  boundaries, 
where  the  latter  involve  a  mirror  symmetry  in 
anisotropic  elastic  properties  about  the  interface 
plane  and  traditionally  are  referred  to  by  crystal- 
lographers  simply  as  .symmetric  tilt  boundaries. 
For  (MS)  tilt  boundaries  the  1 123,  2223,  3323. 
1 1 1 2,  22 1 2,  33 1 2,  23 1 3,  and  1312  components 
of  the  reference  moduli  must  be  zero. 

Furthermore,  in  this  case  when  the  loading  is 
normal  to  the  interface,  i.e.  Mode  1,  the  solution 
also  has  mirror  .symmetry:  rf,(A',,.V2)=(l  “2^1.) 

-ATi)-  The  distinction  between  (GS)  and 
(MS)  is  elaborated  on  below. 

For  cracks  on  tilt  boundaries  where  the  in¬ 
plane  and  anti-plane  deformations  are  decoupled 
in  the  interface  coordinate  system,  the  singularity 
is  of  the  standard  square-root  type  with  no  oscil¬ 
lations,  as  shown  in  (Ij.  By  the  decoupling 
between  in-plane  and  anti-plane  deformations, 
w'c  mean  Gn,;  —  Gm^  —  G-*’.,^  “ Gn^  “  G^^i^  ” 
G5j,?  =  G2.;i2  =  G,„2=0.  and  the  stre.s,s-.strain 
relation  is 


This  decoupling  condition  must  hold  for  G;^o“', 
G,yx/**,  and  since  if  it  holds  for  one  it  also 
holds  for  the  other  two  which  only  differ  by  a 
rotation  about  the  .Vj-axis.  With  decoupling  it  is 
seen  that  the  in-plane  strains  £,,,  £,1  and  e,,  do 
not  produce  shear  stresses  cr,^  and  and 
similarly  the  out-plane  shear  strains  e,,  and  £33 
will  not  produce  any  in-plane  stresses.  Further¬ 
more,  since  for  the  two-dimensional  problems 
under  consideration  Q,  R,  and  T  in  (5)  do  not 
depend  on  C,,,;.  and  G3313,  the  decoupling 
requirements  for  no  oscillations  can  be  relaxed  to 
include  non-zero  C3323  and  G33,5. 

5.1.  Examples 

Bicrj'stals  from  simple  ciy'stal  classes  associated 
with  tilt  boundaries  that  satisfy  the  decoupling 
condition  must  nece.ssarily  have  high  .symmetry 
orientations  of  the  tilt  axis.  For  example,  in  f.c.c. 
and  b.c.c.  crystals  this  includes  (100)  and  (110) 
tilt  axes,  and  for  h.c.p.  crx'stals  tilt  axes  on  a  basal 
plane  or  on  a  prismatic  plane  parallel  to  the  c-axis 
also  satisfy  the  decoupling  condition. 

On  the  other  hand,  for  a  given  anisotropy  that 
.satisfies  the  decoupling  condition  but  is  otherwise 
arbitrary,  c.g.  G,, 21 5^0  in  the  reference  co¬ 
ordinates,  one  can  show’  that  the  bicrystal  is  not 
necessarily  mechanically  .symmetric  (MS).  In  the 
mechanically  symmetric  case  where  the  prop¬ 
erties  have  mirror  .symmetry'  about  .V2  =  0,  com¬ 
ponents  of  C  in  the  fi.xed  interface  coordinates 
where  the  index  2  appears  an  odd  number  of 
times,  c.g.  G2223,  opposite  sign  on  either  side 

of  the  interface,  or  as  noted  above  eight  com¬ 
ponents  of  G^u*^  must  vanish.  As  a  specific 
c.xamplc.  consider  f.c.c.  copper  crystals  with 
G,,::/G,,,,  =0.722  and  G,2,;/C„,,  =  0.447  in 
the  lattice  coordinates.  A  bicrystal  formed  by  tilt¬ 
ing  from  the  {120)  plane  by  0i  =  0,  =  .t/6  about 
the  (00 1  ]  tilt  axis  certainly  satisfies  the  decoupling 
condition  but  is  not  mechanically  symmetric  since 
the  reference  s  1 20 1  plane  is  not  a  .symmetry  plane. 

We  also  note  that  a  MS  bicry.sial  C  i.e.  the  inter¬ 
face  plane  is  a  plane  of  mirror  .symmetry)  does 
not  necessarily  satisfy  the  decoupling  condition, 
and  therefore  can  have  oscillations  in  t.:c  crack- 
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tip  fields.  Consider  copper  crystal'-  tilted  from  the 
(010)  plane  by  =  6i  =  nl6  about  ihe  [102]  tilt 
axis.  This  bicrystal  satisfies  MS  (crystallographic 
symmetry)  but  not  the  decoupling  conditions 
since  wj^O.  In  this  case  y  =  0.0 126  in  (26).  Even 
though  mirror  symmetry  in  the  displacement 
fields  leads  to  '2ero  shear  strains  along  the  inter¬ 
face  for  loading  normal  to  the  ini  face  (mode  I), 
the  shear  stresses  arc  not  necessarily  zero  along 
the  interface. 


6.  Griffith  crack  on  interfaces  for  which  W  =  0 

Consider  a  Griffith  crack  of  length  2a  along 
the  in^.-'rface  between  two  semi-infinite  aniso¬ 
tropic,  'inearly  elastic  solids.  The  elastic  material 
constants  of  the  inhomogeneous  composite  solid 
are  given  in  eqn.  (13).  The  crack  tips  lie  along  »he 
interface  j:2  =  0  at  Xx  =  a,-a.  Through  linear 
superposition,  the  solution  Drresponding  to 
loading  at  infinity  can  be  obtained  from  the  solu¬ 
tion  for  loading  along  the  crack  faces  by  self- 
equilibrated  ti  actions.  Even  in  the  case  of 
uniform  tractions  at  infinity,  e.g.a,2",  <722“,  O32". 
this  superposition  is  simple  only  if  certain  com¬ 
bination'  of  a,,",  o^”  and  033”  are  also  applied 
[9]  These  latter  ‘  ress  components  are  discontin¬ 
uous  across  the  interface.  This  is  a  generalization 
of  the  isotropic  case,  where  only  a  discontinuous 
(7,i"  needs  to  be  applied  [10]. 

Let  /(jc,)  and  denote  the  traction 

vectors  on  the  upper  and  lower  surfaces  of  the 
crack,  respe'^tively.  Then,  ‘he  boundary  condi¬ 
tions  for  the  Griffith  crack  .jf  length  In  are 

h,(x,,0')=«2(a:|,0'")  Uil>a,  (30) 

r,(.r,,0")=T2(7-.,0^)  k,l<^,  (31) 

r,(A-,,0-)=T2(A-,,0"')= -/(x,)  |A.|<a,  (32) 

I ’^.(■t^i>''^2)l“‘0  as  [aI  •' 00,  A2>0,  (33a) 

I  ^2(-'^i-'^2)l"*^  a.s  Iat]  -  «),  a2<0,  (33b) 

wh^-e  the  stress  vectors  are  defineo  in  eqn. 
fl6;.  In  eq.n.s.  (30)-(33),  as  before,  the  tensor 
quantities  with  subscript  I  ard  2  correspond  to 
material  1  lupper  half  space)  and  material  2 
(lower  haK  spave),  respectively,  while  com¬ 
ponents  are  distinguished  by  supenscripts  in 

parentheses 

Af pi)  ing  these  boundary  conditions  to  the 
general  integral  e  pressicns  given  in  eqns.  (14) 
and  (n)  leads  to  dual  integral  equations  for  the 
•.nknown  functions  ^  and  g,  as  given  by  Ba.v,sani 


and  Qu  [2].  In  the  general  case,  W^O,  these 
equations  are  coupled.  In  this  section  we  focus  on 
the  finite  crack  on  an  interface  for  which  W=  0  in 
which  case  the  dual  integral  equations  are  de¬ 
coupled. 

Define 

/r,(^)  =  Re{B2/2(^)}  (34a) 

/r,(^)  =  lm{B2/2(^)l  (34b) 

so  that 

/;  =  /r„  +  i/r,  =  B2/2(|)  (34c) 

In  the  case  where  VV=0  the  dual  integral 

equations  that  re.sult  from  eqns.  (14),  (17), 

(.30)-(33)with(34)are 

00 

J  [A,(^)cos(^A,)-/j,(^).sin(§A,)]d^  =  0  lx,  ]>« 
"  (35a) 

00 

J  ^[/r,(^)cos(^A,)-y^)sin(^A,)]d§ 

0 

=  -i/(A,)  Uil<fl  (35b) 


By  separating  the  tractioa  into  antisymmetric 
and  symmetric  parts  about  x,  =0,  lespectively,  ii 
is  easily  shown  that  the  solutions  to  eqns.  (35a) 
and  (35b)  are  equivalent  to  solutions  to 

<30 

J  A„(^)sin(^v,)d|  =  0  x^>  a  (36a) 

0 

CO 

J  $A,,(^)sin(^A,)d^ 

0 

-i[/(A,)-r(- A,)l  0<A,  <a  (36b) 

and 

00 

J //,(^)cos(^A,)d§  =  0  (37a) 

0 


co 

J  ^/i,(§)cos(|A|)d| 

<1 

=  1[/(a,)  +  /(-A|)!  0<a,  <fl  (37b) 


Each  pair  of  equations  (36a,b)  and  (37a,b)  are 
standard  dual  integral  equations  for  ante  ymmet- 
ric  and  .symmetric  loadings,  respectively.  Their 
solutions  are  given  by  Titchmarsh  [11] 


With  the  load  vector  defined  as 


where  and  7,  are  Bessel  functions  of  the  first 
kind  of  order  zero  and  one,  respectively. 

A  particular  case  of  some  importance  is  when 
the  applied  traction  t{x)  is  uniform  over  the  crack 
face.  With  /=/„  constant,  eqns.  (38)  and  (39) 
reduce  to 


/«a(l)  =  0 


(40) 


(41) 

In  this  case  of  uniform  tractions  [2] 


=  Re{B,(z,„/(z,„2-fl2)i/2-i)B,->}/„  (42a) 

=  Rt{h,{z2,M,r  -  a^r-  - 1  )B2  - ' }  (42b) 

ihiXuXi) 

=  -Re{A,(z,„  +  i(«2-f,„2)>/2)B,-‘}/o  (43a) 

"2(^1.  ^2) 

=  -Re{A2(^2«^■i(«^-^2,l^)'/■)B2“'l/o  (43b) 


q( »?)=—/  f(r/^)(«  +  |)'/^(«-‘0-''^d^  (46) 

an  *' 

-a 

it  is  shown  in  [2]  that  when  W  =  0 

k  =  q{l)(nay^-  (47) 

Hence,  for  W=0  not  only  does  the  crack-tip 
stress  field  have  the  standard  square  root  singu¬ 
larity,  but  also  from  (47):  (i)  the  stre^.,  intensity 
factors  are  real,  (ii)  the  three  fracture  modes  are 
decoupled  in  the  sense  that  k  is  parallel  to  the  load 
vector  q,  and  (iii)  for  this  interfacial  Griffith  crack 
the  stress  intensity  factors  do  not  depend  on  either 
the  material  constants  or  the  geometry  of  the  bi¬ 
crystal.  Of  course,  these  features  hold  for  cracks  in 
homogeneous  solids,  but  if  W^O  then  (i)-(iii)  do 
not  hold. 

When  the  crack  faces  are  uniformly  loaded, 
«(»?)=  fo  =  f(§). 

*=(/f,„A'„/^,„)T=/„(;rfl)'/2  (48) 

Both  eqns.  (47)  and  (48)  are  identical  to  the  results 
for  Griffith  cracks  in  an  infinite  homogeneous  body. 

In  terms  of  the  stress  intensity  factors,  the  crack- 
tip  stress  field  is  expressed  in  conventional  form,  as 
r-O 

2’i(/',0)  =  ^“^  forO<0<;r  (49a) 


where 

Zj„=Xi+X2P,li'>  (44a) 

with  Zj,,  -*a,  -  a  as  the  crack  tips  are  approached. 
The  bold  angle  bracket  denotes  a  diagonal 
matrix,  e.g. 

ifiZjn))  =  diag[/(z^,  ),f{zp),f%^)]  (44b) 

6.1.  Stress  intensity  factors 
Tk3  stress  intensity  factors  are  readily 
obtained  from  the  conventional  definitions 

A:  =  (A,„A'„A,„)'''=lim[(2;rr)''^T(/-,0)]  (45) 

r-O 

where  the  three  fracture  modes  are  characterized 
with  respect  to  the  interface  coordinate  .system,  i.e. 
mode  I  corresponds  to  tensile  loading  normal  to  the 
interface,  mode  II  is  shear  parallel  to  the  interface, 
and  mode  III  is  anti- plane  shear.  This  definition 
(cqn.  (45))  is  valid  only  when  y=0  in  (26)  or  W=0; 
see  also  eqn.  (23). 


0  (0)k 

T2(/',g)  =  -^^^j^t/2  for-jr<0<O  (49b) 

where  the  normalized  matrices 

0;(0)= Re{B,((cos  0  +  p,/‘'sin  9)~  " '}  (50a) 

02{0)=Re{B2((cos0  +  /;,/^’sin  0)*'^^)B2"‘}  (50b) 

From  the  definition  of  given  in  eqn.  (16), 
(48)  represents  the  asymptotic  behavior  of  0,2, 
O22  and  (732  at  the  crack  tip.  It  follows  from  eqn. 
(2.18)  in  ref.  1  that  the  stress  components  <7,,  and 
03,  can  be  obtained  by  multiplying  <7,2  and  032  by 
Pi  and  Pj,  respectively  (see  Qu  and  Bassani  [1] 
for  definitions  of  /;,  and  p^).  Examples  of  the 
angulat  variation  of  crack-tip  stresses,  i.e.  6^,  are 
given  in  ref.  2  for  cracks  along  the  grain  boundary 
in  f.c.c.  copper  bicrystals. 

6.2.  Crack  opening  displacements 

With  W=0  and  the  crack  faces  uniformly 
loaded,  i.e.  q{y])=  tii=  t{^),  the  crack  opening 
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displacement  is  [2] 

A(A-,)=(fl2  -|  j:,  I)  (51) 

Even  though  the  crack  opening  displacement 
A(a;,)  has  the  same  a,  dependence  as  in  a  homo¬ 
geneous  medium,  it  should  be  emphasized  here 
that,  for  example,  for  symmetric  mode  I  loading 
(^  =  0)  the  crack  faces  do  not  open  symmetrically,  in 
general.  That  is,  in  this  case  the  .vs  component  of 
displacement  is  not  symmetric  and  the  ,v,  com¬ 
ponent  of  \  does  not  vanish  (since  generally  the 
matrix  D  is  not  diagonal).  The  crack  opening 
modes,  unlike  the  stresses,  are  coupled.  Relative 
surface  sliding  may  occur  even  when  the  crack  faces 
are  subjected  only  to  normal  loadings. 


7.  Summarizing  remarks 

The  necessary  and  sufficient  condition  for  no 
oscillations  in  the  crack-tip  field  for  a  crack  along 
a  bimaterial  interface  is  W=0;  see  (25)  and  (26). 
For  the  case  where  the  interface  is  a  tilt  boundary 
this  condition  is  satisfied  if  the  in-plane  and  anti¬ 
plane  deformations  of  each  crystal  decouple  in 
the  interface  coordinate  system  for  both  geo¬ 
metrically  symmetric  and  asymmetric  boundaries. 
Furthermore,  from  the  invariance  result  of  Ting 
[7],  it  follows  that  for  a  given  tilt  axis  and  crystal 
misorientation,  0,  +  0,,  the  order  of  the  singular¬ 
ity  d  in  (26)  is  independent  of  0,  -  0^,  i.e.  in¬ 
dependent  of  the  reference  plane  or  boundary 
plane  containing  the  tilt  axis. 


The  governing  dual  integral  equations  for  a 
Griffith  crack  on  the  interface  between  two  semi¬ 
infinite  anisotropic  elastic  solids  can  be  solved 
explicitly  when  W=  0.  The  crack-tip  stresses  then 
have  the  standard  inverse  square  root  singularity, 
and  the  corresponding  stress  intensity  factors  are 
separable  in  the  three  modes  of  loading. 
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Abstract 

The  present  state  of  knowledge  is  reviewed  con¬ 
cerning  the  structure  and  chemistry  of  metalj 
ceramic  interfaces.  Experimental  ohsen>ations  are 
described  for  several  model  systems  and  open 
problems  concerning  different  aspects  of  structure 
and  properties  of  heteropltase  boundaries  are  dis¬ 
cussed. 

1.  Introduction 

The  use  of  ceramics  as  structural  components, 
as  well  as  in  chemical  technology  and  in  elec¬ 
tronic  devices  is  steadily  increasing  because  of 
improved  mechanical  integrity  afforded  by 
enhanced  toughness  and  by  process  control. 
Ceramic  components  must  typically  be  con¬ 
nected  to  other  materials,  mainly  metals.  The 
requirements  that  the  bonded  couple  must  fulfil 
are  dictated  by  the  functions  of  the  ceramic: 
physical,  chemical,  electrical,  mechanical. 
However,  in  all  cases,  adequate  mechanical 
integrity  is  a  technical  prerequisite,  as  reflected  in 
the  fracture  resistance  of  the  interfaces.  Metal/ 
ceramic  bonded  couples  are  presently  being  used 
in  electron  tubes,  multilayer  substrates  and 
capacitors,  metal  matrix  composites,  automotive 
power  sources,  etc.  [  I  -9J. 

Systematic  studie.^  of  metal/ceramic  interfaces 
started  in  the  early  1960s.  Such  studies  were 
directed  towards  the  identification  of  general 
rules  that  govern  bonding  and  interface  behavior, 
both  theoretically  and  experimentally,  including 
the  thermodynamics  of  interfacial  reactions,  crys¬ 
tallographic  relationships  and  the  atomistic  struc¬ 
ture  at  the  interface.  The  intention  of  this  article  is 
to  review  the  present  state  of  knowledge  concern- 
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ing  the  physics,  chemistry  and  structure  of  inter¬ 
facial  regions  between  metals  and  ceramics. 

2.  The  work  of  adhesion 

The  driving  force  for  formation  of  a  metal/ 
ceramic  interface  is  the  yield  in  energy  when 
intimate  contact  is  established  between  the  metal 
and  ceramic  surfaces  [10].  For  a  high  rate  of  inter¬ 
action,  the  surfaces  have  to  be  brought  into  excited 
states.  Therefore,  temperature  and  atmosphere 
are  important  variables,  as  well  as  the  properties 
and  structures  of  the  surfaces. 

The  simplest  description  of  the  physical  inter¬ 
action  between  a  metal  and  a  ceramic  is  the  work 
of  adhesion,  H'j.  Specifically,  wh-'  -  clean,  defect- 
free  surfaces  are  brought  into  contact,  energy  is 
released  in  accordance  with  the  Dupre  equation: 

^3i~yc'^yin  yme 

where  -4  and  Ym  *he  free  energies  of  the 
relaxed  surfaces  of  the  ceramic  and  the  metal, 
respectively,  represents  the  energy  of  the 
relaxed  interface  between  the  metal  and  the 
ceramic.  The  quantity  W'aj  is  thus  the  reversible 
work  released  per  unit  area  of  interface  formed 
by  two  free  surfaces.  Direct  measurement  of  H'aj 
is  not  possible  [llj.  Consequently,  in  practice, 
W'aj  is  deduced  by  measuring  the  contact  angle  9 
established  by  a  solid  metal  in  contact  with  a 
ceramic, 

VPa,  =  yj  1+ cos  19)  (2) 

Adequate  measurement  of  6  and  of  y^  constitutes 
a  non-trivial  experimental  task.  Often  is  aniso¬ 
tropic  and,  hence,  the  crystallography  of  the 
surface  has  to  be  determined.  Furthermore,  true 
equilibrium  has  to  be  established  by  allowing  suf¬ 
ficient  mass  tran.sport  and  thj  associated 
morphological  evolution.  Measurements  on  small 
particles  are  preferred,  although  contamination 
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during  annealing  is  al\\a>s  a  problem  [12].  The 
most  acceptable  approach  involves  the  deforma¬ 
tion  and  heat  treatment  of  allots  containing  pai- 
ticles  of  ceramic  formed  b>  internal  oxidation  etc. 
[13,  14],  Plastic  straining  of  the  allo>  causes  par¬ 
ticle  decohesion.  Subsequent  annealing  then 
allows  mass  transport  to  create  an  equilibrium 
void  from  the  initial  debond.  The  angle  0  can 
then  be  measured  on  cro.s.s-sections  through  the 
particles  [11].  Different  authors  [12,  14,  15] 
measured  and  calculated  values  of  y,„^.  and  j. 

Alloying  additions  strongly  influence  the 
thermodynamic  quantities  [10].  Furthermore, 
certain  alloying  additions  segregate  at  the  inter¬ 
face,  by  Gibbsian  absorption.  As  an  example,  the 
segregation  of  chromium  at  various  metal/AbO, 
interfaces  results  in  a  rearrangement  of  the  inter¬ 
face  into  a  more  relaxed  structure  with  a  lower 
interfacial  energy,  resulting  in  a  lower  work  of 
adhesion.  Such  .segregant  effects  are  a  major  issue 
in  metal/ceramic  bonded  couples  [1 2, 20, 21]. 

3.  Bonding  models 

A  rudimentary  umlerstanding  of  interfaces  can 
be  achieved  b,  adopting  phenomenological 
models  Such  models  are  capable  of  con  elating 
trends  in  bonding  between  different  material 
couples  and  provide  insight  into  .some  of  the 
broad  issues.  However,  the  detailed  understand¬ 
ing  of  trends  in  interface  structure  and  properties 
with  alloy  composition,  segregation,  etc.,  requires 
more  sophisticated  atomistic  models. 

Elucidation  of  the  e.ssential  i.ssues,  e.specially 
the  prediction  of  trends  in  the  work  of  adhesion 
[and,  eventually,  in  fracture  re.sistance;  with  such 
variables  as  alloy  additions  and  segregation, 
requires  that  bondi.ng  be  examined  at  all  leveks. 
The  eventual  objective  would  be  the  judicious 
coupling  of  information  vjbtained  from  the  most 
rigorous,  but  ;onipute  bound,  qua.itum  mech¬ 
anical  supercell  approaches  vvith  the  results  of 
cluster  calculations  and  of  simple  continuum, 
thermodynamic  formalisms. 

.?.  /.  Confiiniiim  models 

Interactions  aero.ss  the  interface  first  occur 
without  charge  exchange.  Such  interactions 
develop  betw.;en  induced  dipoles  ,Lv)ndv)n,, 
between  neutral  atoms  polari/ted  by  a  dipole 
molecule  [Debye,  and  between  dipole  moments 
(Kec.som].  [Another  interaction  wiilunit  charge 
exchange  involves  anions  m  the  ceramic  and 


image  forces  in  the  metal,  and  occurs  when  the 
dielectric  constants  of  the  metal  and  the  ceramic 
are  different  [23-25].)  Together,  these  interac¬ 
tions  constitute  the  \an  der  Waals  attractions  [see 
for  example  ref.  22).  The  London  term  is  gener¬ 
ally  the  most  pronounced.  For  a  pair  consisting  of 
a  metal  atom  and  an  oxygen  ion,  the  interaction 
energy  has  the  form 

\  /■j\ 

R^’  ■/„,+  /. 

where  R  is  the  distance  between  the  centers  of  the 
interacting  atoms/ions,  a  is  the  polarizability  and 
/  the  ionization  potential,  vvith  m  referring  to  the 
metal  and  A  the  anion  in  the  ceramic. 

Charge  exchange  allows  ion  pairs  to  form  and 
interact  across  the  interfaces.  For  example,  the 
interactions  between  ions  of  the  metal  and  of 
oxygen  (or  other  anions)  in  the  ceramic  is  related 
to  the  free  energy  of  metal  oxide  formation,  AG" 
[26,  27].  Furthermore,  when  the  cations  of  the 
ceramic  are  soluble  in  the  metal,  di.ssolution  from 
the  interface  allows  ionic  interaction  between  di.s- 
solved  cations  and  the  anions  in  the  ceramic. 

McDonald  and  Eberhart  [28]  examined  inter¬ 
actions  involving  various  metals  in  contact  with 
the  (000 1 )  plane  of  sapphire.  For  this  purpose, 
they  assumed  that  the  (0001)  sapphire  surface 
terminates  with  a  layer  of  clo.se- packed  oxygen 
ions.  The  metal  atoms  (to  be  bonded  to  ALO,) 
are  then  offered  two  sites;  those  above  the 
aluminum  ions  located  below  the  top  layer  of 
oxygen  ions  and  tho.se  above  empty  sites.  The 
first  site  results  in  attractive  dipole  forces,  as 
de.scribed  in  eqn.  (3),  which  are  about  con.stant 
for  all  metal,  ALO;  couples.  The  .second  metal 
.site  forms  ioni„  oxygen-metal  bonds  having  a 
free  energy  proportional  to  AG".  By  further 
a,ssuming  that  all  interactions  of  the  dense-packed 
o.xygen  plane  arc  occupied  vvith  metal  atoms,  the 
calculated  trends  in  U.',,,  agree  quite  well  vvith 
cxperin.ental  data  for  the  bonding  of  ALO.,  to 
simple  metals  [31].  The  very  strong  bonding  of 
platinum  and  palladium  [19]  to  alumina  is 
evidently  at  variance  vvith  the  simple  model. 
However,  alu.minum  po.s.se.s.se.s  a  very  high  heat  of 
.solution  in  the.se  mel.ils.  Consequently,  as  noted 
above,  bonds  could  be  formed  between  the 
vxvygeii  ions  and  aluminum  ions  dis,solved  in  the 
mclal.  Alternatively,  a  thin  .egrcgiaed  aluminum 
layei  could  form  between  the  metal  and  the 
A1_0,  to  enhance  the  bonding  [3 1  ]. 
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The  McDonalci-Eberliart  approach  provides 
helpful  generalizations.  However,  a  more  funda¬ 
mental,  atomistic  understanding  of  the  nature  of 
the  bonding  is  needed  to  adequately  understand 
critically  important  alloying  and  segregation 
effects,  as  well  as  trends  in  the  fracture  resistance. 

3.2.  Atomistic  models 

An  understanding  of  the  fundamental  physics 
of  bonding  between  a  metal  and  a  ceramic 
requires  that  quantum  mechanical  models  be 
developed.  The  simplest  approach  involves 
cluster  calculations  [30].  Such  calculations  have 
established  that  the  primary  interactions  at  metal/ 
oxide  interfaces  involve  the  metal  (d)  and  oxygen 
(p)  orbitals,  to  create  both  bonding  and  antibond¬ 
ing  orbitals.  For  copper  and  silver  in  contact  with 
AI2O3,  both  .states  are  about  equally  occupied, 
resulting  in  zero  net  bonding.  However,  for  nickel 
and  iron,  fewer  antibonding  states  are  occupied 
and  net  bonding  occurs.  The  calculations  also 
reveal  that  a  transfer  of  valence  charge  occurs, 
resulting  in  a  contribution  to  the  net  ionic  bond¬ 
ing  which  increases  in  strength  as  the  metal 
becomes  more  noble.  Consequently,  metal-to- 
alumina  bonding  strengths  are  predicted  to 
increase  in  the  order;  Ag-Cu-Ni-Fe.  This  order 
is  generally  consistent  with  the  measured  trends 
in  sliding  resistance  as  well  as  with  the  energies  of 
adhesion.  However,  it  is  emphasized  tha'  he 
calculations  approximate  the  interface  by  an 
(AlO^f "  cluster  and  one  metal  atom.  The  ..elec¬ 
tion  of  the  charge  to  be  assigned  to  this  cluster  is 
non-trivial  and  the  choice  influences  the 
predicted  magnitudes  of  the  energies  [32].  To 
further  examine  this  issue,  Anderson  ct  al.  [33] 
performed  calculations  for  the  Al.Oj/Pt  couple 
that  included  more  atom.s;  3 1  clo,se-packed  plat¬ 
inum  atoms  and  the  corresponding  numbers  of 
aluminum  and  oxygen  ions.  Then,  by  applying  a 
quantum-chemical  superposition  technique, 
includ'ng  an  electron  delocalization  molecular 
orbital  method,  bonding  energies  were  calculated 
for  different  atomic  configurations  of  the  Ft/ 
AI2O3  interface.  These  calculations  confirmed 
that  the  bond  was  strongest  when  oxidized 
platinum  atoms  opposed  close-packed  oxygen 
ion  planes.  However,  further  quantitative  insights 
did  not  emerge.  Indeed,  the  preceding  models  all 
have  the  deficiency  that  they  do  not  fully  account 
for  the  heterogeneous  nature  of  the  interface  and 
cannot,  therefore,  be  expected  to  accurately 
predict  energies,  segregant  effects,  etc. 


Ab  initio  calculations  seem  to  be  e.s.sential  for  a 
full  understanding  of  the  bonding.  Louie  and 
covvorkers  [34,  3.^1  have  performed  such  calcula¬ 
tions  on  metal-semiconductor  interfaces.  In  these 
calculations,  the  metal  was  described  by  a  jellium, 
so  that  insight  emerged  regarding  the  bonding 
mechanisms,  but  not  on  the  atomistic  structure. 
More  recently,  supercell  calculations  have  been 
performed  that  include  an  interface  area  and 
adjacent  regions  large  enough  to  incorporate  the 
distorted  (relaxed)  volumes  of  both  crystals.  With 
this  approach,  the  electron  distribution  around  all 
atoms  has  been  calculated  and  the  atomic  poten¬ 
tials  evaluated.  In  a  next  step,  interatomic  forces 
may  be  calculated  and  strains  determined.  Such 
calculations  have  been  performed  rather  succes.s- 
fully  for  the  interface  between  Ge-GaAs  [36]  and 
Si-Ge  [37].  The  crystals  adjacent  to  those  inter¬ 
faces  are  isomorphous  and  very  nearly  com- 
measurate.  such  that  the  misfit  between  lattice 
planes  is  very  small.  However,  misfits  between 
metals  and  ceramics  are  typically  rather  large  so 
that  extremely  large  supercells  are  required. 
Therefore,  only  preliminary  calculations  have 
been  conducted  thus  far  [38].  Neverthele.ss,  the 
calculations,  performed  for  MgO/Ag,  have 
allowed  determination  of  the  atomic  potentials 
surrounding  the  different  atoms,  as  well  as  a 
.separation  of  bonding  into  different  contributions 
(ionic,  covalent  and  polarization). 

With  the  advent  of  a  new  calculational  scheme, 
(Car  and  Parrinello  [39])  involving  a  combination 
of  molecular  dynamics  (see  e.g.  Rahman  [40 J>  and 
density  functional  theory  (Kohn  and  Sham  [41];, 
it  should  be  possible  to  conduct  computations  of 
rela.xed  interfaces  much  more  efficiently.  The 
scheme  .should  also  allow  equilibrium  computa¬ 
tions  of  metal/ceramic  interfaces  at  finite  tem¬ 
peratures.  The  conduct  of  such  analysis  on  model 
interfaces  should  greatly  facilitate  the  basic 
understanding  of  the  bonding  phenomenon  and 
allow  judicious  usage  of  both  cluster  calculations 
and  continuum  thermodynamic  formulations. 

4.  Structure  of  inlcrfacc-s 

In  thermodynamic  equilibrium,  the  atoms  and/ 
or  ions  close  to  an  interface  occupy  positions 
that  minimize  the  total  energy  of  the  .system.  How¬ 
ever,  the  proximity  to  equilibrium  depends  on  the 
conditions  u.sed  ti;  form  the  interface.  l  or  exam 
pie,  diffusion-bonded  interfaces  have  atomistic 
arrangements  influenced  bv  the  orientation  of  the 
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two  surfaces  prior  to  bonding.  Additionally,  when 
the  bonding  is  performed  at  high  temperature, 
chemical  gradients  often  develop  and  influence 
the  structure  (see  Section  5)  and  residual  strains 
form  upon  cooling.  The  interface  structure  thus 
involves  geometric  as  well  as  atomistic  consider¬ 
ations,  conditioned  by  relaxation  mechanisms 
inherent  in  each  bonding  process.  Consequently, 
interface  structures  are  conveniently  described  by 
firstly  defining  generalized  geometric  parameters 
for  the  unrelaxed  interfaces.  Then,  the  relaxation 
mechanism  pertinent  to  each  bending  process 
may  be  considered.  Finally,  various  geometric 
and  atomistic  bonding  models,  and  associated 
experimental  results,  may  be  evaluated. 

4.1.  Geometrical  parameters 

An  unrelaxed  interface  can  be  described  by 
nine  geometrical  parameters.  The  required 
number  was  evaluated  by  a  thought  experiment, 
similar  to  that  previously  used  for  grain  boun¬ 
daries  [42]  Sbe  parameters  describe  the  relative 
orientation  and  translation  of  the  two  crystals. 
The  description  of  ‘he  interface  orientation  with 
respect  to  the  crystal  requires  three  additional 
parameters. 

4.2.  Process  relaxations 

The  bonding  method  governs  the  actual  geo¬ 
metrical  parameters  that  describe  the  interface, 
by  virtue  of  the  imposed  geometry  and  the  allow¬ 
able  relaxations.  During  dijfnsimi  bonding  [6], 
intimate  surface  contact  at  elev,  emperatures, 
subject  to  a  small  pressure,  generates  the  bonded 
interface.  This  technique,  pre-selects  the  (macro.s- 
copic)  rotation,  two  components  of  the  transit 
tion  and  the  intei  face  orientation.  However,  some 
of  thi.ze  geometrical  parameters  arc  relaxed  by 
loca  deviations.  Specifically,  bonding  is  usually 
performed  at  temperatures  wherein  at  least  one 
component  may  undergo  plastic  deformation. 
Consequently,  local  geometrical  relaxation  may 
be  accommodated  by  small-angle  grain  boundary 
formation  adjacent  to  the  interface.  Furthermore, 
mass  transport  may  allow  interface  facets  to 
develop  that  relax  the  constraint  on  interface 
planarity. 

Interfaces  may  also  be  formed  by  internal  oxid¬ 
ation  [43, 44].  Such  interfaces  are  not  unique,  but 
are  related  to  the  precipitate  morphology,  as 
governed  by  thermodynamic  principles.  In  par 
ticular,  since  the  total  energy  of  the  precipitate 
depends  not  only  on  the  intei  facial  energy  but 


also  on  coherency  strains,  the  interface  structure 
and  the  shape  of  the  precipitate  depend  usually 
on  its  size  [45].  For  coherent  precipitates,  orienta¬ 
tion  relationships  are  governed  oy  constraints 
imposed  by  interfacial  energies,  the  solubility  and 
lattice  parameters,  and  the  most  stable  morpho¬ 
logies.  These  relationships  should  be  an  integral 
part  of  the  analysis  of  the  structure  of  interfaces 
formed  by  internal  oxidation. 

A  third  way  of  producing  metal/ceramic  inter¬ 
faces  is  by  evaporation  of  the  metal  onto  a  clean 
ceramic  surface.  The  evaporated  species  is 
usually  highly  mobile  [46]  at  high  temperature. 
Consequently,  if  the  metal  wets  the  ceramic,  a 
thin  layer  forms  in  an  equilibrium  interfacial  con¬ 
figuration.  For  non-wetting  configurations, 
islands  are  formed.  Then,  when  the  substrate  is  a 
single  crystal  and  a  one-to-one  orientation  rela¬ 
tionship  exists  between  the  two  components,  the 
islands  may  grow  together  and  form  a  single¬ 
crystal  film  [46].  Alternatively,  when  different 
equivalent  orientation  relationships  exist,  the 
islands  develop  with  slightly  different  orienta¬ 
tions.  A  range  of  different  behaviors  is  thus 
expected  for  interfaces  formed  by  evaporation. 

4.3.  Geometrical  models 

Models  described  by  geometrical  parameters 
may  sometimes  be  insightful  as  a  basis  for  the 
description  of  unrela.xed  interfaces.  However,  it 
must  be  appreciated  that  the  direct  correlation 
betw'een  such  models  and  interface  properties 
(e.g.  energy)  is  not  possible  [47].  Foremost  among 
such  models  is  a  “lock-i""  model  developed  by 
Gleiter  and  Fecht  [48],  deduced  from  experi¬ 
ments  wherein  small  metallic  single  crystals  were 
sintered  onto  a  single-crystal  ceramic  substrate. 
Interfaces  between  .several  alkali  halides  or  rock 
salt  structure  oxides  and  various  noble  metals 
were  formed  in  this  manner.  It  was  observed  that 
the  spheres  rotated  into  orientations  which  tend 
to  minimize  the  energy  of  the  sphcre/plate  ooun- 
dary.  Consequently,  the  orientation  relationships 
determined  by  X-ray  diffraction  may  be  sup¬ 
posed  to  reflect  a  low-energy  configuration  of 
those  interfaces.  Gleiter  and  Fecht  [48j  accounted 
for  the  obsers'cd  "stable"  configurations  by  means 
of  a  model  which  de.scribes  low-energy  interfaces 
in  terms  of  densely  packed  atom  rows  of  one 
crystal  nesting  in  the  grooves  between  similar 
rows  of  the  other  crystal.  The  requisite  periodic 
matching  between  (small/  multiples  of  lattice 
plane  spacings  was  achieved  by  imposing  small 
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displacements  upon  certain  of  the  atom  rows. 
The  lattice  strains  from  such  imposed  displace¬ 
ments  have  thus  far  been  neglected.  Nevertheless, 
in  seme  cases,  “lock-in”  seemingly  describes 
observations,  even  when  large  misfits  exist  Con¬ 
formity  with  the  “lock-in”  structure  has  been  esta¬ 
blished  for  MgO/Au  interface  formed  by 
evaporation  [49]  and  for  gold  oii  KCl  (35%  misfit) 
[48];  in  both  cases,  the  predicted  cube-on-cube 
orientation  was  osberved.  The  “lock-in”  concept 
thus  appears  to  be  a  useful  first-order  description 
in  some  cases.  However,  more  detailed  investiga¬ 
tions  have  revealed  important  discrepancies. 
Various  observations  indicate  that  small  but  defi¬ 
nite  angular  off-sets  occur  between  close-packed 
directions  and/or  planes.  Mulder  and  Klomp  [50] 
studied  orientation  relationships  in  diffusion- 
bonded  sandwiches  of  polycrystalline  copper 
and  platinum  foils  between  identically  oriented 
(parallel)  sapphire  crystals.  As  expected,  the 
metal  grains  developed  a  preferred  orientation, 
with  (111)  of  the  metal  parallel  to  (0001)  of  the 
sapphire.  How'ever,  the  grains  were  rotated  within 
a  wide  angular  range  about  the  close-packed 
directions.  Discrepancies  have  also  been  found 
for  the  Nb/AhOj  system  [51,  52].  hJotably,  the 
close-packed  planes  are  not  aligned;  instead,  the 
(0001)  plane  of  AhO^  and  (0 1 1 )  of  Nb  are  tilted 
by  about  3”  around  an  axis  parallel  to  [1 120]  AljOj 
and  (lOl)f^b.  This  tilt  occurs  in  specimens  grown 
by  epitaxy  of  niobium  on  (0001)  AUOj  [51]  and 
in  specimens  formed  by  diffusion  bonding  [52], 
even  when  initially  the  specimens  were  adjusted 
to  have  parallel  close-packed  planes.  It  is  also 
noted  that  even  though  MgO/Au  has  the  cube- 
on-cube  orientation  predicted  by  “lock-in",  misfit 
dislocations  are  observed,  indicative  of  interface 
strains.  Such  dislocations  arc  not  consistent  with 
the  “lock-in”  concept. 

Relaxation  effects  are  presumably  responsible 
for  discrepancies  with  the  “lock-in”  model.  For 
example,  as  noted  above,  subgrain  boundaries  in 
diffusion-bonded  Nb/AUO^  provide  freedom  for 
some  rotation  of  the  niobium  lattice.  Also,  the 
interface  develops  facets  while  retaining  the  3°  tilt 
of  the  two  lattices.  Clearly,  the  facets  alleviate  the 
misfit  .strain  which  would  develop  if  close-packed 
planes  were  kept  in  contact  everywhere  across 
the  interface. 

4.4.  Atomistic  models 

The  relaxed  structure  of  interfaces  is  obviously 
of  greater  significance  than  the  unrclaxed  state. 


Adequate  models  of  this  structure  do  not  yet 
exist,  but  await  comprehensive  experimental 
insight.  Experimental  studies  can  be  performed 
either  by  diffraction  [53, 54]  or  by  high-resolution 
(direct  imaging)  techniques  [55].*  With  the  new 
generation  of  electron  microscopes,  direct  imag¬ 
ing  of  atomic  columns  is  possible.  Specifically,  by 
aligning  along  the  axis  of  an  interface  which 
possesses  only  a  tilt  component,  each  column  of 
atoms  is  imaged  in  one  spot,  giv  ing  a  projection  of 
the  atomic  arrangements  in  the  interface.  How¬ 
ever,  to  derive  reliable  atomic  positions,  a  series 
of  observed  images,  taken  at  different  focus  set¬ 
tings,  must  be  matched  quantitatively  with  com¬ 
puted  images,  based  on  an  assumed  set  of  atomic 
coordinates.  For  matching  purposes,  image  com¬ 
putation  and  position  adjustment  is  repeated  until 
the  best  possible  fit  is  reached  for  the  entire 
through-focus  series.  This  technique  is  referred  to 
a  quantitative  high-resolution  electron  micros¬ 
copy  (HREM)  [56].  The  interpretation  is,  of 
course,  most  difficult  close  to  the  interface  where 
deviations  from  the  perfect  lattice  are  most 
extreme.  Fully  quantitative  HREM  studies  have 
been  performed  on  grain  boundaries  in  germa¬ 
nium  [55]  and  on  semiconductor/metal  interfaces 
such  as  Si/NiSi,  [57]. 

Quantitative  studies  of  metal/ceramic  inter¬ 
faces  have  been  initiated  for  the  Nb/AhOj  and 
Au/MgO  .systems  formed  using  each  of  the  three 
processes  described  above.  Interpretation  of 
high-resolution  images  of  regions  close  to  a  diffu¬ 
sion-bonded  interface  [58]  (Fig.  1)  requires  that 
image  simulations  for  perfect  lattticcs  first  be 
performed.  For  this  purpose,  the  projected 
atomic  positions  and  potentials  of  niobium  and 
AUO_,  in  the  selected  orientation  have  been 
determined  and  u.scd  to  construct  the  simulated 
image  for  a  foil  having  a  thickness  ( 1 2  nm)  which 
corresponds  with  that  for  the  actual  test  speci¬ 
men.  It  is  evident  that  lens  aberration  (Q=  1.1 
mm,  200  kV)  conceals  .some  details  of  the  perfect 
lattice  structure.  Ncverthele.ss,  it  is  .still  apparent 
(Fig.  1 )  that  the  perfect  lattice  is  preserved  in  the 
AUO,  up  to  the  interface.  Conversely,  in  the 
niobium  strong  deviations  occur  for  distances  up 
to  four  lattice  planes  from  the  interface.  However, 
a  periodicity  along  the  interface  can  be  rccog- 


•Diffraciion  $tudic.s  rcciuirc  .specimens  with  interraccs  that 
c.\icnd  homogeneously  over  a  large  area  (about  I  mm-',  while 
direct  lattice  imaging  requires  a  thin  specimen  ;thicknc.ss  <  1 0 
nm)  plus  constraints  concerning  homogeneity  and  onenta- 
lion. 


Fig.  1 .  LalUcc  image  of  the  regions  elose  to  an  interface  be- 
t\seen  niobium  aitJ  AI^O-,.  .Orientation  relationship  beuseeii 
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the  ceramie  and  the  metal;  0(101  AI.O,  t!  110  N'b  and 
[2110]  Al.O.ilfOOll  Nb.  The  foil  orientation  is  parallel  to 
[001  j  Nb.  Insets  in  the  high  re.solution  electron  microscop}. 
images  of  niobium  :ind  Al_0.  repre.sent  siiiuilated  lattice- 
images.  Only  four  lattice  planes  within  the  niobium  ne.st  to 
the  interface  are  distorted.  Facets  can  be  obsers'ed.  The  peri¬ 
odicity  of  the  interface  is  indicated. 


Fig.  2.  Lattice  image  of  Nb/Al.O-.  interface  of  an  internally 
o.\idi/.ed  Nb;AI  afloy.  Interface  plane  parallel  to  -0001 
.‘\I.O|li‘  I  lOi  Nb  and  lOi  lOj  AI.O|iiit)lll  j  Nb.  Misfit  disloca¬ 
tions  in  niobium  can  be  obsersed  .see  iii.set .  I  he  e.Mra  half 
plane  forming  the  misfit  ihslocalion  does  not  terminate  at  the 
interface  i59|. 


nized  within  the  distorted  region.  Faceting 
parallel  to  the  interface  also  occurs  and  the  inter- 
hice  is  slightly  inclined  with  respect  to  the  tOOOl; 
plane  of  AUO,.  It  is  c.xpected  that  imaging  of  the 
same  interface  with  instrument.s  po.sse.ssing  supe¬ 
rior  re.solution  would  result  in  a  better  resolution 
of  the  distorted  atomistic  structure  close  to  the 
interface.  When  the  results  of  such  studies 
become  a\ailable.  insightful  atomistic  models  of 
the  interface  might  be  developed. 

Interftices  created  by  inicntal  oxulaiion  have 
well  defined  geometrical  characteristics.  Precipi¬ 
tates  of  a-AUO;  formed  in  Nb/AI  alloys  ;tre  small 
and  penny -shaped  .about  300  nm  in  diameter 
and  e.xhibit  a  fi.xed  orientation  relationship: 

!00()h.„.<,,r(I10)v. 

and 

lOliOiAuo.ilOOIk.,, 

Iligh-rcsoiution  transmi.ssion  electron  micro.scopy 
(TEMI  investigation  (Fig.  2 1  has  revealed 
however,  that  the  spacings  of  the  1 10  Nb  pl.ines 
;</=0.23  nm  and  of  the  ,0001  AbO,  planes 
[({,  =  0.39  nm,  are  sufficiently  different  that  misfit 
dislocations  would  be  predicted  with  spacing 
D  =  (1:  -  ill  -8.8  nm.  Weak-beam  images 

confirm  such  disUications  I’ig.  3  with 
I)  =9.1  ±0..^  nm.  To  fully  analyze  the  interface 
structure,  as  well  .is  the  atomistic  structure  of  the 
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l-ig. \Vc:ik-bo;im  dark-ficUl  image  of  inclined  interfaces  of 
Fig.  2  limning  tlie  k-AI-O..  precipitate.  Im.-iging  with  Nb 
till)  reneci'on.  Light  lines  lepreseiil  the  contrast  from 
misfit  dislocations. 

misfit  dislocitioiLs.  superior  resolution  Ic.ss  than 
0.2  nm  ■  would  be  needed. 

Finally,  it  is  noted  th.it  conventional  I'LM  pro¬ 
vides  com|>lemeiitary  informatitin  on  defects  at 
or  clo.se  to  the  interface,  siteh  as  disloc.ition 
sp.icings.  ledge  duisities.  ete.  It  is  emph.tsi/ed. 
however,  that  a  more  eomplcte  analysis  of  such 
defeets.  ill!  hiding  Burgers  veetor  determination, 
is  gcner.illy  not  possible  since  the  materials 
.idjaccnt  to  the  intcrf.iec  possess  usually  dif 
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ferent  lattice  parameters  and  few  “common"  dif¬ 
fraction  vectors  exist  [60]. 


5.  Chemistry  of  interfaces 

5.J.  Theoretical  background 

In  multicomponent  two-phase  systems,  non- 
planar  interfaces  or  two-phase  product  regions  can 
evolve  from  initially  planar  interfaces  [6 1  ],  even  at 
constant  temperature  and  pressure.  Under  the 
same  conditions,  the  interface  stays  planar  in 
binary  systems.  This  difference  originates  with 
the  thermodynamic  degrees  of  freedom,  f.  For  a 
binary  system  /=  0,  whereas  for  ternary'  or  higher- 
order  systems,  />0  (Gibbs'  phase  rule).  Con¬ 
sequently,  in  the  latter,  interface  compositions  are 
in  part  controlled  by  the  kinetics. 

Not  all  (higher-order)  interfaces  necessarily 
develop  an  unstable  morpholog>'  during  a  high- 
temperature  treatment.  Analysis  of  the  pheno¬ 
menon  is  needed  to  assess  susceptibility.  Similar 
problems  exist  for  solidification  and  for  the 
oxidation  of  alloys  [62].  Mathematical  treatments 
predict  the  time  evolution  of  small  interface 
perturbations.  The  perturbations  may  occur 
either  due  to  initial  roughnesses  or  upon  small 
transport  fluctuations  caused  by  changes  in  tem¬ 
perature  or  by  the  presence  of  defects.  If  perturb¬ 
ations  increase  in  amplitude  with  time,  initially 
planar  interfaces  become  morphologically 
unstable.  The  critical  conditions  for  instability 
depend  primarily  on  the  mobility  of  the  con¬ 
stituents  and  the  thermodynamic  properties  of 
the  system. 

The  formalism  previously  developed  for 
ternary  systems  [61]  can  be  adapted  to  metal/ 
cenmic  couples,  with  the  three  independent 
components  being  the  two  cations  and  the  anion. 
A  schematic  ternary  phase  diagram  and  the 
expected  concentration  profiles  are  shown  in  Fig. 
4  [63].  In  general,  the  problem  is  complicated  by 
having  several  phase  fields  present,  such  that 
intermediate  phases  form;  usually  intcrmctallics 
with  noble  metals  and  spinel  (or  other  oxides) 
with  less  noble  metals.  The  actual  phases  depend 
on  the  geometry  of  the  tie  lines,  as  well  as  on  the 
diffusion  paths  in  the  ternary  phase  field,  and 
cannot  be  predicted  a  priori. 

The  diffusion  problem  has  thus  far  been 
examined  [63]  for  the  simple  case  wherein  no 
product  phases  formed,  the  intcrfacial  stresses 
were  negligible,  mass  transport  occurred  by  bulk 
diffusion  and  local  equilibrium  was  imposed 
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Fig.  4.  -,3/  Schematic  tcmar>  phase  diagram.  E.xicndcd 
phases  fields  c.xisi  near  metal  A  and  o.xidc  BO,,  (b)  Equili¬ 
brium  concentration  profiles  during  diffusion  bonding 
between  metal  phase(A)and  o.xide  BO,. 


everyxxhcre.  Exen  then,  a  general  analytical  .solu¬ 
tion  was  not  possible.  However,  for  several  metal/ 
ceramic  sy  .stems,  some  further  simplifications  are 
appropriate.  The  o.xygcn  and  the  metal  atoms 
diffuse  on  different  sublattices  allowing  the  inter¬ 
action  term  in  the  diffusion  coefficients  to  be  neg¬ 
lected.  (In  the  niobium,  o.xygcn  diffuses  on 
interstitial  sites  while  the  aluminum  diffuses  by 
vacancies.)  Negligible  .solubility  of  the  metal  in  the 
oxide  (grad  //uo  “  0)  allows  point  defect  relaxa¬ 
tion  only  in  the  ceramic.  Therefore,  for  a  .stoich¬ 
iometric  ceramic,  the  remaining  defect  nu.\e.s  are 
small  compared  with  the  flu-xcs  in  the  metal  and 
can  be  ignored.  Subject  to  the  above  simplifica 
tions.  solutions  have  teen  obtained  for  Nb/AKO, 
[63,64]. 
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the  thermodynamic  degrees  of  freedom,  f.  For  a 
binary  system  /=  0,  whereas  for  ternary  or  higher- 
order  systems,  />0  {Gibbs'  phase  rule).  Con¬ 
sequently,  in  the  latter,  interface  compositions  are 
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develop  an  unstable  morphology'  during  a  high- 
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transport  fluctuations  caused  by  changes  in  tem¬ 
perature  or  by  the  presence  of  defects.  If  perturb¬ 
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depend  primarily  on  the  mobility  of  the  con¬ 
stituents  and  the  thermodynamic  properties  of 
the  system. 

The  formalism  previously  developed  for 
ternary  systems  [61]  can  be  adapted  to  metal/ 
ceramic  couples,  with  the  three  independent 
components  being  the  two  cations  and  the  anion. 
A  schematic  ternary  phase  diagram  and  the 
expected  concentration  profiles  are  shown  in  Fig. 
4  [63].  In  general,  the  problem  is  complicated  by 
having  several  phase  fields  present,  such  that 
intermediate  phases  form,  usually  intermetallics 
with  noble  metals  and  spinel  (or  other  oxides, 
with  less  noble  metals.  The  actual  phases  depend 
on  the  geometry  of  the  tie  lines,  as  well  as  on  the 
diffusion  paths  in  the  ternary  phase  field,  and 
cannot  be  predicted  a  priori. 

The  diffusion  problem  has  thus  far  been 
examined  [63]  for  the  simple  case  wherein  no 
product  phases  formed,  the  interfacial  stresses 
were  negligible,  mass  transport  occurred  by  bulk 
diffusion  and  loca>  equilibrium  was  imposed 
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Fig.  4.  ,a,  Schcmaiic  temarj  phase  diiigram.  E.Mcndcd 
phase.s  fields  c.xisi  near  mcial  A  and  o.xide  BO,,  (b)  Equili¬ 
brium  concentration  profiles  during  diffusion  bonding 
between  metal  phase  (A)  and  o-sidc  BO,. 

everywhere.  Even  then,  a  general  analytical  .solu¬ 
tion  was  not  possible.  However,  for  several  metal,' 
ceramic  sy  .stems,  some  further  simplifications  are 
appropriate.  The  oxygen  and  the  metal  atoms 
diffuse  on  different  sublattices  allowing  the  inter 
action  term  in  the  diffusion  coefficients  to  be  neg 
lected.  [In  the  niobium,  o.xygen  diffuses  on 
interstitial  sites  while  the  aluminum  diffuses  by 
vacancies.]  Negligible  .solubility  of  the  metal  in  the 
oxide  [grad  /<i,y  =  0]  allows  point  defect  relaxa¬ 
tion  only  in  the  ceramic.  Therefore,  for  a  .stoich¬ 
iometric  ceramic,  the  remaining  defect  flu-xes  arc 
.small  compared  with  the  flu-xes  in  the  metal  and 
can  be  ignored.  Subject  to  the  above  simplifica 
tions,  .solutions  have  teen  obtained  for  Nb,'AKO-, 
[63,64]. 
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Fig.  6.  Ni-AI-0  phase  diagrams  (schematically  for 
T=  1600  K).  Two  reaction  paths  arc  possible  when  nickel  is 
bonded  to  ALO,:  (I)  Low  oxygen  activity,  no  reaction 
product  forms.  (11)  high  oxygen  actisfty:  spinel  forms. 


ficient  oxygen  (about  500  ppm  solubility),  the 
Ni(0)/Al203  diffusion  couple  yields  a  spinel 
product  layer.  Under  these  conditions,  spinel 
forms,  because  the  new  diffusion  path  in  the 
nickel  phase  field  requires  that  the  tie  line  con¬ 
nects  the  metal  and  spinel  field  (path  II  in  Fig.  6). 
The  associated  thermodynamic  and  atomistic 
consideration  pertinent  to  spinel  layer  formation 
have  been  addressed  [67, 68].  However,  available 
observations  do  not  unequivocally  identify  the 
operative  mechanism.  It  is  also  noted  that  the 
interface  between  spinel  and  nickel  seems  to  be 
unstable,  morphological  instabilities  becoming 
more  apparent  with  increasing  spinel  layer  thick¬ 
ness. 

Bonding  of  copper  to  AUO^  seems  to  require  a 
thin  layer  of  oxygen  on  the  surface  of  copper 
prior  to  bonding  and  CuAUO^  or  CuAbOj 
form  [69].  The  spinel  thickness  can  be  reduced  by 
annealing  under  extremely  1«  'v  oxygen  activities 
leading  first  to  a  “non-wetting"  layer  of  Cu,0  and 
then  to  a  direct  Cu/AhO^  bond.  The  mechanical 
stability  of  spinel-free  Cu/Al,Oj  specimens  has 
not  yet  been  investigated. 

Bonding  of  titanium  to  A1,0^  results  in  the 
formation  of  the  intermetallic  phases  TiAl  or 
TijAI,  which  probably  also  include  oxygen.  The 
thickness  of  the  reactive  layer  increases  with 
increasing  bonding  time  and  morphologically 
unstable  interfaces  develop.  A  detailed  study  is 


again  required  for  the  identification  of  the  dif¬ 
ferent  stable  phases. 

Similar  studies  have  been  performed  for  other 
ceramic  partners  such  as  simple  cubic  oxides 
(MgO,  NiO, ...),  sesquioxides  (CrjOj,  Mn^Oj, ...), 
Si3N4  and  SiC.  The  situation  is  much  more  com¬ 
plicated  for  the  latter  materials,  since  impurities 
or  sintering  additives  quite  frequently  diffuse  to 
the  interface  and  form  a  glassy  film.  The  bonding 
is  then  governed  by  the  interfaces  betw'een  the 
glass  film  and  both  the  ceramic  ar  J  the  metal. 

6.  Sintering  of  intcrfacial  flaws 

Scratches  and  other  defects  frequently  exist  on 
surfaces  which  have  to  be  bonded.  Long  bonding 
times  and  high  bonding  temperatures  are 
required  when  such  flaws  are  present,  because 
residual  defects  at  the  interface  restrict  the 
mechanical  properties  of  the  metal/ceramic  inter¬ 
face.  Investigation  of  the  sintering  of  interface 
flaws  is  thus  of  great  importance.  The  closure  of 
interfacial  flaws  at  homogeneous  bonds  involves 
.several  mechanisms  [70]:  surface  diffusion, 
volume  diffusion,  diffusion  along  the  interface, 
power-law  creep  and  plastic  yielding.  Models  for 
homogeneous  interfaces  based  on  these  me¬ 
chanisms  qualitatively  describe  the  experimental 
observations.  However,  a  quantitative  com¬ 
parison  has  been  inhibited  by  the  scarcity  of  reli¬ 
able  experimental  data.  For  a  heierogeneoits  bond 
and  especially  for  a  metal/ceramic  interface, 
additional  proce.sses  have  to  be  considered  [64]; 
namely,  the  diffusion  of  metal  atoms  into  the 
ceramic,  dissolution  of  the  ceramic  at  the  inter¬ 
face  and  difi'itsion  of  the  species  of  the  ceramic 
into  the  metal,  chemical  reactions  between  the 
metal  and  the  ceramic  to  form  a  product  phase 
and  rccondensation  of  a  dissolved  ceramic  at  the 
interface.  The  inherent  complaxity  demands  a 
vital  role  of  experiment  in  ascertaining  the  most 
important  variables  for  typical  metal/ceramic 
couples. 

For  evaluation  of  the  governing  transport 
mechanisms,  artificial  intcrfacial  defects  of  dif¬ 
ferent  dimcnsionalitv  and  si^cs  may  be  intro¬ 
duced  into  the  metallic  .surfaces  [66,  67]  prior  to 
bonding:  linear  flaws  by  photolithography  and 
other  shapes  by  indentation.  After  bonding, 
cross-sections  of  intcrfacial  fracture  surfaces 
.stud'cd  by  SEM  allow  determination  of  the 
change  in  flaw  .si/.c.  The  depth  variations  may  be 
measured  with  a  profilometer. 
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Inspection  of  results  obtained  for  Nb/AUO, 
revealed  that  the  surface  of  niobium  hardly 
changes,  whereas  condensation  products  of 
AI2O3  could  be  detected  on  the  sapphire.  The 
amount  of  condensed  AKOj  depends  on  the 
cooling.  From  chemistry'  studies  (Section  4),  it  has 
already  been  established  that  niobium  dissolves 
AI2O3  and,  upon  cooling,  AliOj  recondenses  at 
the  interface.  This  mechanism  also  seems  to  be 
involve^'  in  the  “filling"  of  the  flaws.  However,  the 
experimental,  as  well  as  the  theoretical,  studi&s 
are  not  yet  sufficient  to  derive  a  quantitative 
description  of  the  process.  Studies  of  this  type  on 
other  systems  are  also  needed  to  obtain  a  com¬ 
prehensive  view  of  the  important  issues  in  dif¬ 
fusion  bonding. 

7.  Conclusions 

Although  considerable  progre.ss  has  been 
made  in  the  understanding  of  structure  and 
chemistry  of  metal/ceramic  interfaces,  still  many 
open  questions  exist.  Detailed  and  careful  experi¬ 
mental  studies  will  reveal  more  insight  into  the 
mechanisms  of  bondings  and  thc.se  experimentai 
studies  may  challenge  further  theoretical  studies. 
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Abstract 

It  is  shown  how  high  resolution  electron  micro¬ 
scopy  (HREM)  can  provide  very  important  struc¬ 
tural  information  on  the  interface  between  two 
different  phases.  After  a  brief  description  of  the 
HREM  technique,  two  different  examples  are 
presented.  In  a  stainless  steel  the  orientation  rela¬ 
tionship  between  a  (b.c.c.)  and  y  (f.c.c.)  is  not  con¬ 
stant  throughout  the  specimen.  Misfit  dislocations 
have  been  found  when  the  compact  planes  of  both 
phases  are  parallel.  Wien  they  are  not  parallel  a 
regular  array  of  edge  dislocations  forming  a  sub 
grain  boundary  is  superimposed  on  the  misfit  dis¬ 
locations.  In  a  cobalt-based  superalloy,  the  orien¬ 
tation  relationship  between  the  f.c.c.  matrix  and  an 
ordered  precipitate  is  strict  and  three  sets  of  edge 
dislocations  have  been  found  associated  with  a 
regular  array  of  steps. 

1.  Introduction 

Internal  interfaces  in  materials  mainly  govern 
the  physical  properties  of  these  materials.  The 
understanding  and  improvement  of  these  pro¬ 
perties  need  a  knowledge  of  the  atomic  structure 
of  the  interfaces.  Several  different  approaches  can 
be  made  for  this  study:  symmetry  properties 
[1-3],  dislocation  structure  [4],  geometrical 
aspects  [5-7]  and  computer  modelling  [8].  The 
interfaces  can  be  divided  into  honiophase  and 
heterophase  boundaries.  In  the  first  kind  the  crys- 
tallographical  structure  is  the  same  across  the 
boundary  and  only  the  orientation  relationship  is 
changing;  this  is  the  well-known  case  of  grain 
boundaries  and  planar  defects  like  stacking  faults 
and  domain  boundaries.  In  heterophase  inter- 
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faces,  the  crystallographical  and  chemical  struc¬ 
ture  as  well  as  the  orientation  relationship 
changes  across  the  boundary.  The  atomic  struc¬ 
ture  of  both  types  of  interface  can  be  determined 
by  high  resolution  electron  microscopy  (HREM). 
In  the  case  of  grain  boundaries  (GBs),  since  the 
early  work  [9],  numerous  examples  of  GB  struc¬ 
ture  determination  have  been  published  jn  .semi¬ 
conductors  [10],  in  metals  [11-14]  and  in 
ceramics  [15].  In  any  case  the  experimental 
observations  have  to  be  compared  with  calcu¬ 
lated  models.  These  computer  models  can  use 
molecular  statics  in  which  the  structure  is  calcu¬ 
lated  in  the  absence  of  thermal  vibrations  [16, 17] 
or  molecular  dynamics  [18]  which  take  the  effect 
of  temperature  into  account.  To  calculate  the 
energy  of  the  system  of  atoms  which  constitute 
the  boundary,  an  interaction  potential  is  used.  In 
most  cases  this  potential  is  a  central  pair  potential 
but  many-body  potentials  for  transition  metals 
have  recently  been  constructed  also  [19]. 

Heterophase  interfaces  were  first  studied  using 
conventional  electron  microscopy  [20].  HREM  is 
now  widely  used.  The  re.sults  concern  metallic 
systems  [21]  as  well  as  semiconducting  materials 
[22]  and  ceramics  [23],  but  due  to  the  fact  that 
interaction  potentials  between  different  atoms  are 
not  known  with  the  same  accuracy  as  those  in 
pure  materials  the  models  are  not  so  advanced  as 
for  grain  boundaries. 

In  this  paper,  two  different  examples  will  be 
presented.  The  first  one  describes  the  structure  of 
the  interface  between  a  and  y  phases  in  a  stain¬ 
less  steel  alloy,  and  it  will  be  shown  that  the 
orientation  relationship  between  the  two  phases 
is  not  unique  leading  to  different  types  of  inter¬ 
faces.  In  the  second  example,  the  interface 
between  the  f.c.c.  matrix  and  an  ordered  phase  in 
a  cobalt-based  superalloy  is  investigated.  In  this 
alloy  the  addition  of  a  small  quantity  of  niobium 
provokes  the  precipitation  of  an  intragranular 
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second  phase  which  is  mainly  responsible  for  the 
mechanical  properties  of  the  alloy.  In  particular 
the  hardness  increases  strongly  w-hen  this  second 
phase  precipitates. 

2.  Experimental  procedure 

2.1.  Specimens 

The  alloys  studied  have  the  following  composi¬ 
tions  (in  at.%). 

Stainless  steel:  Fe,  68.7;  Cr,  20.6;  Ni,  7.7;  Mo, 
2.4;  C,  0.004;  Si,  0.54. 

The  dual  phase  microstructure  is  obtained 
after  a  series  of  cold  rollings  followed  by  an 
annealing  period. 

Superalloy;  Co,  37.6;  Ni,  36.8;  Cr,  22.5;  Nb, 

3.1. 

The  alloy  is  annealed  for  24  h  at  HOO^C  and 
quenched.  After  this  treatment,  the  structure  is  an 
f.c.c.  solid  solution.  A  second  annealing  is  then 
performed  at  800  °C  for  24  h.  These  conditions 
do  not  correspond  to  the  maximum  hardness,  but 
they  have  been  chosen  to  obtain  well  developed 
precipitates  with  planar  interfaces  suitable  for 
high  resolution  observation. 

In  both  cases,  the  specimens  for  HREM  have 
been  obtained  using  an  electrolytic  cell.  For  stain¬ 
less  steel  specimens,  the  bath  was  a  mixture  of 
acetic  and  perchloric  acids  while  it  was  a 
saturated  Cr03  solution  in  acetic  acid  for  the 
superalloy.  Some  specimens  have  been  also  pre¬ 
pared  by  ion  milling  but,  in  this  case,  lattice 
defects  were  observed  and  the  electrochemical 
process  is  preferred. 

2.2.  High  resolution  electron  microscopy 

HREM  is  now  widely  used  for  the  determina¬ 
tion  of  interface  structure.  The  HREM  technique 
has  been  described  in  detail  by  Spence  (24).  The 
new  generation  of  mieroscopes  working  at 
medium  or  high  accelerating  voltages  with  very 
good  optical  characteristics  associated  with  high 
tilt  angle  allows  the  observation  of  a  wide  range  of 
materials.  In  most  of  the  metallic  alloys  a  re.solu- 
tion  of  0.17  nm  is  needed  to  obtain  high  resolu¬ 
tion  images  of  the  low'  index  crystallographical 
orientation.  Two  different  microscopes  have  been 
used:  a  JEOL  4000  EX  working  at  400  kV  and 
the  JEOL  ARM  of  the  National  Center  for 
Electron  Microscopy  in  Berkeley.  The  4000  EX 
has  a  0.17  nm  resolution  at  Scherzer  defocus  and 
an  ultimate  resolution  better  than  0.1 2  nm  [25]  so 
that  several  different  matrix  orientations  can  be 


observed.  On  both  the  stainless  steel  alloy  and  the 
cobalt-based  superalloy,  the  unit  cell  parameter  is 
0.36  nm  and  images  have  been  taken  along  (011), 
(111)  and  (112).  The  ARM  is  a  versatile  micro¬ 
scope  in  which  a  very  good  resolution  (better  than 
0.16  nm  Scherzer)  is  a,ss<''cialed  with  a  large  tilt 
angle  ( ±  40°)  of  the  spc'-imen  [26].  In  order  to 
prevent  the  occurrence  of  radiation  damage  the 
accelerating  voltage  was  800  kV. 

An  HREM  image  represents  a  two-dimen¬ 
sional  projection  of  the  atomic  potential  of  the 
specimen.  The  specimen  must  then  be  perfectly 
oiiented  so  that  no  overlap  of  atomic  columns 
occurs.  In  the  case  of  an  interface,  it  has  to  be 
parallel  to  the  incident  beam  and  in  practice  for  a 
10  nm  thick  specimen  the  alignment  of  the  inter¬ 
face  with  respect  to  the  beam  must  be  better  than 
0.3°.  For  a  complete  determination  of  the 
structure,  the  HREM  pictures  have  to  be  com¬ 
pared  with  calculated  models  so  that  the  atomic 
positions  must  be  unambiguously  determined.  In 
this  case  a  precise  knowledge  of  all  the  optical 
imaging  conditions  and  specimen  characteristics 
is  needed.  Defocus  is  measured  on  the  optical 
diffraction  patterns  of  the  images.  Thickness  can 
be  estimated  by  tilting  the  interface  by  a  known 
angle.  The  orientation  relationship  between  the 
different  phases  is  deduced  from  both  the 
electron  and  optical  diffraction  pattern. 

2.3.  Image  simulations 

Images  of  the  different  phases  present  in  the 
alloys  have  been  calculated  using  a  multislice 
program.  The  variation  with  respect  to  thickness 
of  amplitude  and  phase  of  the  main  diffracted 
beams  have  also  been  calculated;  in  most  of  the 
cases  128x  128  points  are  sufficient  to  obtain  a 
good  precision.  The  numerical  values  used  in  all 
the  calculations  are: 

(i)  JEOL  4000  EX:  C,=  1.05  mm; 

Div.  =  0.0007  rad;  Del  =  9  nm  [25]; 

(ii)  ARM:  Cs  =  2.8  mm;  Div.  =  0.0006  rad; 

Del=  10  nm. 


3.  Experimental  results 
3. 1.  Stainless  steel  alloy 

Figure  1  shows  a  HREM  picture  of  a  typical 
interface  in  this  alloy.  The  y  f.c.c.  phase  has  a 
[oil]  orientation  and  the  a  b.c.c.  phase  has  a 
[001]  orientation,  the  interface  is  .seen  nearly 
parallel  to  the  incident  electron  beam  and  it  is 
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Fig.  1.  High  resolution  image  of  an  interface  between  f.c.c. 
and  b.c.c.  phases  in  a  stainless  steel  alloy.  The  interface  plane 
is  parallel  to  the  compact  planes  of  both  phases.  Misfit  dis¬ 
locations  (arrowed)  are  present.  Their  spacing  is  2.2  nm  (400 
kV). 


parallel  to  the  (1 1 1)  plane  of  y.  Misfit  dislocations 
are  seen  end  on;  their  spacing  is  about  2.6  nm, 
their  Burgers  vector  is  in  the  boundary  plane.  The 
orientation  relationship  is  deduced  from  the 
electron  diffraction  pattern.  A  careful  inspection 
of  this  pattern  reveals  that  the  orientation  is 
close  to  the  Kurdjumov-Sachs  (K-S)  and 
Nishiyama-Wassermann  (N-W)  orientations. 
The  interface  plane  is  not  constant  in  the  speci¬ 
men;  it  can  be  parallel  to  the  compact  planes  as  in 
Fig.  1  and  only  misfit  dislocations  are  present.  In 
some  cases  the  compact  planes  of  the  two  phases 
are  no  longer  parallel  and  a  regular  array  of  dis¬ 
locations  is  present  (Fig.  2).  Their  spacing  is  3.5 
nm  and  the  deviation  angle  is  between  3°  and  4°. 
Their  Burgers  vector  is  equal  to  =  3(1 1 1]  of  the 
y  f.c.c.  phase.  The  boundary  plane  can  also  be  in 
completely  different  orientation:  Fig.  3  shows  an 
example  of  a  boundary  nearly  parallel  to  the 
specimen  plane:  in  this  case  a  moire  pattern 
reveals  the  good  fit  areas. 


3.2.  Siiperalloy 

3.2.1.  Structure  of  the  precipitates 

After  annealing  at  800  °C  for  24  h,  plates  of  a 
second  pha.se  precipitate  within  the  f.c.c.  matrix. 
Energy  dispersive  X-ray  spectroscopy  revealed 
that  the  composition  of  the  precipitates  is  (Ni,  Cr, 
Co)3Nb.  At  the  present  time  this  result  is  only 
qualitative  and  in  particular  the  exact  concentra¬ 
tion  of  Ni,  Cr  and  Co  atoms  is  not  known.  In 
rather  similar  alloys  [27,  28]  the  precipitates  have 
been  identified  as  orthorhombic  /I  Ni_jNb.  The 
problem  is  then  to  determine  whether  the 


Fig.  2  Interface  in  a  stainless  steel  alloy.  The  compact 
planes  of  b.c.c.  and  f.c.c.  phases  arc  not  parallel  and  a  regular 
array  of  edge  dislocations  is  present.  Their  spacing  is  3.5  nm 
(400  kV). 
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Fig,  3.  Image  of  an  interface  perpendicular  to  the  beam.  The 
two  phases  overlap  and  form  a  moire  pattern  (400  kV). 


presence  of  Cr  and  Co  atoms  introduces  a  change 
in  the  crystallographical  structure.  Electron  dif¬ 
fraction  patterns  taken  in  a  direction  perpen¬ 
dicular  to  the  broad  faces  of  the  precipitates  show 
differences  with  the  orthorhombic  phase.  Some 
new  spots  appear  and  there  is  a  sixfold  symmetry 
axis  parallel  to  the  incident  beam.  The.se  results 
are  consistent  with  the  DO  19  ordered  structure 
and  it  has  been  verified  that  the  same  diffraction 
pattern  occurs  in  Ti.,AI  which  is  known  to  have 
this  ordered  structure.  As  for  the  ft  Ni-,Nb  struc¬ 
ture,  the  precipitate  can  be  described  as  the  stack¬ 
ing  of  A  and  B  equivalent  planes  and  the  only 
difference  between  these  two  structures  is  the 
different  ordering  of  Nb  atoms. 
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3.2.2.  Matrix  precipitate  interface 

All  the  precipitates  have  been  found  with  their 
broad  faces  parallel  to  1 1 1  matrix  planes.  The 
orientation  relationship  can  be  written  as: 

(lll)f.c.c.ll(0001)p 

[110]f.c.c.ll[li20]p 

where  p  stands  for  the  precipitate.  The  orienta¬ 
tion  relationship  is  strict;  no  deviation,  as  in  the 
case  of  stainless  steel,  has  been  found  and  no  dis¬ 
locations  with  Burgers  vector  perpendicular  to 
the  interface  plane  have  been  observed.  The 
orientation  relationship  corresponds  to  that 
found  by  Kirman  [29]  between  the  f.c.c.  matrix 
and  P  NijNb  in  nickel-based  alloys.  Specimens 
have  been  observ'ed  along  different  matrix  axes: 

(i)  [01 IJ  orientation.  In  this  case,  the  interface 
between  matrix  and  precipitate  is  either  parallel 
to  the  incident  electron  beam  or  in  an  inclined 
position.  Figure  4  shows  such  an  interface 
observed  parallel  to  the  beam.  It  is  perfectly 
coherent  over  large  distances  and  the  compact 
planes  of  matrix  and  precipitate  are  perfectly 
parallel.  The  other  set  of  [111]  matrix  planes 
parallel  to  the  beam  intercept  the  boundary  plane. 
They  correspond  to  (1011)  precipitate  planes; 
there  is  a  9*  angle  when  they  cross  the  boundary 
plane.  Because  of  the  small  misfit  between  them, 
dislocations  are  present.  They  arc  associated  to  a 
step  in  the  boundary;  the  step  height  is  one  {111} 
matrix  plane  although  coi.iplex  steps  are  also 
present.  Figure  5  is  an  enlargement  of  the  inter¬ 
face  region  in  a  very  thin  part  of  the  specimen 
around  a  dislocation.  The  position  of  the  inter¬ 
face  is  determined  by  looking  at  the  stacking 
sequenc".  which  changes  from  ABCABC...  in  the 


Fig.  4.  High  resolution  image  of  (Ni,  Co.  Cr/,Nb  prccipilaic 
in  a  f.c.c  matri.x  The  compact  plane.s  of  both  pha.sc.s  .irc 
parallel.  Mi.sfit  (li.sloi.ations  a.ssnciated  with  step.s  arc  prcwciit. 
Between  them  the  interfai.c  is  fully  coherent  (800  kV,. 


matrix  to  A  BAB  in  the  precipitate.  As  was 
pointed  out  by  Sutton  [30],  the  interface  position 
cannot  be  determined  without  ambiguity.  Some 
steps  not  associated  with  an  extra  half  plane  are 
al.se  found;  in  the  vicinity  of  these  steps  the 
contrast  is  blurred,  suggesting  the  presence  of 
inclined  dislocations.  As  can  be  seen  from  Fig.  4, 
when  the  specimen  thickness  increases,  the 
contrast  of  the  precipitate  changes  drastically  and 
for  example  the  ( 1 0 1 1 )  planes  lose  their  individu¬ 
ality;  this  is  due  to  the  increasing  intensity  of 
superlattice  reflections.  Because  of  this  contrast 
change,  dislocations  become  much  more  difficult 
to  evidence. 

(ii)  /////  orientation.  In  this  orientation  the 
interface  can  be  either  inclined  or  perpendicular 
to  the  incident  beam.  In  the  latter  case,  the 
complete  dislocation  structure  of  the  interface 
can  be  studied.  Figure  6  shows  three  dark  field 
images  using  three  different  diffraction  vectors. 
The  contrast  analysis  shows  that  three  sets  of 
pure  edge  dislocations  are  present.  The  disloca¬ 
tion  lines  are  parallel  to  the  (110)  directions. 
Their  spacing  is  about  10  nm.  In  some  conditions 
a  moire  between  the  two  phases  can  be  seen  on 
the  image-s.  Its  spacing  is  about  5  nm  and  the 
fringes  are  30"  away  from  the  dislocation  lines. 

4.  Interpretation  of  the  results 

4.J.  Stainless  steel  alloys 

The  structure  of  the  interface  between  f.c.c. 
and  b.c.c.  pha.scs  has  been  the  subject  of  many 
publications  (for  a  review  .see  ref.  31)  and  it 
has  been  investigated  from  the  experimental 
as  well  as  the  theoretical  point  of  view  in 


Fig.  5.  rinl.irgcmcnl  of  .i  region  of  I  ig.  4  .irouiid  .1  ilisloca 
(loll.  The  .M.ieking  .sei|uciitc  eli.mgo  from  ABC....  m  ihe 
f.e.e.  maln.N  to  ABAB....  in  the  prceipil.ite.  An  e.xtr.i  half 
pl.'ine  IS  prc.seni  in  the  m.itri.s  ,iikI  there  is  .1  step. 
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Fig.  6.  Dark  field  images  of  the  same  interface  using  three 
different  diffraction  vectors.  The  contrast  analysis  leads  to 
the  existence  of  three  sets  of  edge  dislocations. 


copper-chromium  alloy  (32].  Our  results  reveal 
that  the  orientation  relationship  is  not  constant 
throughout  the  sample;  it  is  near  N-W  and  K-S 
orientations  but  no  exact  orientation  was 
observed.  The  orientation  relationships  have 
been  investigated  in  detail  by  El  Hajjaji  who 
determined  the  values  of  the  coincidence  index  2 
[33].  In  some  cases  the  compact  planes  of  both 
phases  are  parallel  and  the  boundary  plane  lies  in 
this  plane.  A  regular  array  of  misfit  dislocations  is 
present,  their  spacing  being  approximately  2.2 
nm.  The  Burgers  vector  is  5(101]  if  referred  to  the 
f.c.c.  phase  or  5(1 1 1]  if  the  b.c.c.  phase  is  consid¬ 
ered.  Both  these  vectors  are  inclined  with  respect 
to  dislocation  line  and  they  lie  in  the  boundary 
plane.  The  misfit  between  the  two  phases  is 
accommodated  by  the  edge  component  of  the 
dislocations  which  is: 

Kll2)f.c.c. 

The  calculated  spacing  between  the  disloca¬ 
tions  is  2.4  nm  which  is  in  good  agreement  with 
the  experimental  value. 

In  some  cases  the  compact  planes  are  no 
longer  parallel.  The  deviation  angle  is  accom 


modated  by  a  regular  array  of  dislocations  similar 
to  a  pure  tilt  subgrain  boundary.  The  Burgers 
vector  f>=3[ll.]  is  perpendicular  to  the  bound¬ 
ary  plane  and  the  measured  spacing  is  in  agree¬ 
ment  with  the  Frank  equation:  d  =  bl  6. 

With  Z>  =  Kill]  =  0.208  nm  and  0  =  3.5°,  the 
calculated  value  is  3.4  nm  which  is  the  experi¬ 
mental  value. 

When  the  boundary  lies  nearly  perpendicular 
to  the  incident  beam,  the  two  crystals  overlap 
forming  a  moire.  The  shape  and  size  of  this  moire 
is  in  good  agreement  with  a  geometrical  model 
made  of  the  superposition  of  the  atomic  positions 
corresponding  to  both  phases  which  are  posi¬ 
tioned  in  the  observed  orientation  relationship. 
No  information  about  atomic  relaxations  present 
in  the  dislocation  cores  can  be  obtained  from 
these  images.  Similar  images  have  been  observ'ed 
on  a  twist  grain  boundary  in  gold  (34]. 

4.2.  Superalloy 

4.2.1.  Crystallography 

The  precipitation  of  a  .second  phase  inside  an 
f.c.c.  matrix  leads  to  the  existence  of  several 
variants  which  can  be  numbered  using  group 
theory  (i-3].  The  application  of  this  theory  leads 
to  12  variants  for  the  f.c.c.-orthorhombic  system 
and  only  four  in  the  f.c.c.-D019  case.  Only  four 
variants  were  experimentally  observed.  They 
correspond  to  four  different  (111]  interface 
planes.  In  a  given  {111}  plane  only  one  variant  is 
present  whereas  if  the  precipitate  had  an  orthor¬ 
hombic  structure  three  different  variants  would 
then  be  present. 

4.2.2.  Image  simulation  of  the  precipitate 

In  order  to  test  the  possibility  of  distinguishing 
all  the  variants  present  in  b^-th  po.ssible  precipi¬ 
tate  structures,  images  of  fi  NijNb  and  the  DO  1 9 
phase  have  been  simulated  in  the  orientations 
corresponding  to  the  experimental  image  (in 
thasc  .simulations,  a  simplified  model  of  the  DO  1 9 
phase  containing  only  nickel  and  niobium  atoms 
has  been  used). 

[100]  and  [201]  orthorhombic  corresponding  to 

[1120]  D019 

[010]  orthorhombic  corresponding  to  [0001] 

DO  1 9. 

The  calculations  show  that  the  three  different 
orthorhombic  variants  which  should  be  pre.sent  in 
each  {111]  matrix  plane  are  not  di.stingui.shable 
because  only  small  contrast  variations  are  present 
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which  are  too  small  to  be  experimentallj 
detected.  DO  19  structure  can  be  distinguished 
from  orthorhombic  phase  ^Fig.  T,  and  fine  details 
of  the  experimental  images  can  be  reproduced  in 
simulated  ones.  Numerical  diffraction  patterns 
have  been  calculated  from  both  phases  and  are  in 
agreement  with  the  experimental  ones.  In  [000 Ij 
DO  19  orientation  a  sixfold  .s>mmetr)  a.\is  is 
present  while  it  is  absent  from  the  diffraction 
pattern  of  [0 1 0)  orthorhombic. 

4.2.3.  Stniciiirc  of  the  interface 

All  the  observations  suggest  that  the  interface 
between  the  f.c.c.  matrix  and  the  precipitate  is 
constituted  by  a  regular  array  of  three  sets  of  edge 


/t  Ni 'Nh  dcf(K'u\  (  nm  i  OO  i*l 


t'ig.  7.  Sinuilalcd  images  of  the  iwo  possililc  .siniciurcs  of  ilic 
prccipiiatc.  On  ihe  right  is  /t  Ni,Nb  and  on  the  left  the  OulV 
.Mmetiire  .in  this  case  a  .-iimplificd  .strui.ture  ■->  used  coniaiiang 
only  nickel  and  niobium  atoms,.  'I'he  conditions  used  in  ll’•e;•<. 
calculations  are:  accelerating  voltage:  400  kV;  C',=  I.O.S  mnt; 
beam  divergence.  t).7  mrad.  defocus  .spread.  V  imu  .specimen 
thickness:  5  nm. 


dislocations  parallel  to  the  three  [110)  matrix 
directions  which  lie  in  the  interface  plane.  Tliis 
observation  e.\cludes  tac  possibilitj  of  three  sets 
of  60°  dislocations  with  Burgers  vectors  ![110). 
The  dislocations  being  pure  edge,  a  possible 
Burgers  vector  is  ^[1 12).  This  Burgers  vector  is 
consistent  with  the  weak  beam  dark  field  images. 
The  dislocation  spacing  tan  be  calculated  using 
the  Brooks  formula  (351: 

(l  =  bld 

where  b  is  the  Burgers  vectors  and  6  the  misfit 

r/i  d-r/i 

r/,  is  the  spacing  of  the  {220}  matrix  planes 
r/,  =  0.126  nm,  tA  is  the  spacing  of  the  (2240) 
precipitate  planes  which  are  in  correspondence 
with  the  220  matrix  planes  rA-=0.13  nm.  This 
gives  f/=  5.4  nm.  This  value  is  two  times  smaller 
than  the  experimental  one  and  it  is  of  the  same 
order  as  the  experimental  spacing  of  the  moire 
fringes.  The  moire  spacing  can  also  be  calculated 
|36| 

f/]  “  (I 2 

r/i  and  rA  have  the  same  value  as  in  the  misfit 
expression  so  that  D  =  4.7  nm  which  is  in  good 
agreement  with  the  experimental  value.  The  only 
way  to  obtain  an  acceptable  value  for  the  disloca¬ 
tion  spacing  is  then  to  increase  the  modulus  of 
the  Burgers  vector.  If  one  takes  A  =  i(l  12)  then 
(1=8.2  nm  which  is  clo.scr  to  the  experimental 
value.  This  Burgers  vector  is  a  non-usual  one  and 
further  experiments  are  needed  to  obtain  a 
deeper  understanding  of  the  e.\act  structure  of  the 
dislocations. 

As  it  was  evident  from  the  high  resolution 
pictures,  the  dislocations  which  arc  .seen  end-on 
are  associated  with  a  monoatomic  step.  A  very 
simple  geometrical  model  of  the  interface  has 
been  constructed  by  superposing  the  {111) 
matrix  plane  to  the  {OOOlj  precipitate  plane. 
Good  fit  areas  are  pre.scnt  and  they  form  a  tri¬ 
angular  array.  'I’lie  number  of  thc.se  good  fit  zones 
can  be  increased  by  moving  the  interface  plane  in 
the  same  way  as  is  described  for  the  f.c.c./b.c.c. 
interface  [32J.  As  the  interface  plane  change.s 
from  one  1 1 1 1}  matrix  plane  to  a  neighbouring 
one  a  new  good  fit  area  is  created.  The  thickness 
of  the  precipitate  being  approximately  constant, 
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the  steps  are  alternatively  up  and  down  with 
respect  to  the  mean  interface  plane  so  that  it 
remains  parallel  to  the  { 1 1 1}  matrix  plane. 

5.  Conclusion 

Two  different  types  of  internal  interfaces  have 
been  studied  by  H^M.  In  a  dual-phase  stainless 
steel  alloy,  the  orientation  relationship  is  not  con¬ 
stant  throughout  the  specimens  and  there  exists  a 
variety  of  different  interfaces.  In  particular,  the 
compact  planes  aie  not  always  parallel.  The  inter¬ 
face  is  then  complex  and  a  tilt  subgrain  boundary 
is  superimposed  on  the  i.  ly  of  misfit  disloca¬ 
tions. 

In  a  cobalt-based  superalloy,  a  DO  19  ordered 
phase  precipitates  and  the  compact  planes  of 
both  phases  are  always  parallel.  Only  misfit 
dislocations  are  present,  the  interface  is  described 
as  a  regular  net  of  three  sets  of  edge  dislocations 
which  are  associated  to  monoatomic  steps  form¬ 
ing  also  a  regular  array.  Between  the  dislocations 
the  interface  is  perfectly  coherent. 
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Abstract 

The  stnictitre  and  composition  of  interfaces  in 
composites  and  other  structural  solids  has  impor¬ 
tant  effects  on  their  properties  and  is  therefore  of 
great  interest.  HREM  and  microspectroscopy  arc 
two  of  the  most  useful  methods  for  c.\amination  of 
interfaces.  HREM  methods  are  the  most  advanced, 
and  microspcctroscopy  methods  arc  improving 
rapidly.  The  current  image  resolution  limit  is 
~  1.6  A  which  is  sufficient  for  most  interface  anal¬ 
ysis  purposes.  The  corresponding  spatial  resolution 
limit  for  microspectroscopy  is  determined  by  the 
current  in  small  probes  and  temporal  stability  of 
the  probejspeclmen.  Calculations  of  probe  current 
vs.  size  are  given  and  it  is  shown  that  current 
spatial  resolution  for  EELS,  for  edges  containing 
several  thousand  counts,  is  about  5  nm. 

The  effect  of  chemical  bonding  on  electron 
energy  loss  absorption  edges  of  silicon  in  its 
important  ceramic  compounds  is  presented  and 
briefly  discussed. 

Examples  of  high  resolution  analysis  in  several 
composites  and  a  multiphase  ceramic  are  pre¬ 
sented. 

1.  Introduction 

Analysis  of  interface  structure  involves 
chemical  distributions  on  or  near  tiic  interface 
plane,  relative  misorientation  across  the  interface 
plane,  a  definition  of  the  interface  plane  in  terms 
of  some  convenient  coordinate  system,  and  the 
geometric  distribution  of  atoms  at  the  interface. 
Typical  lengths  associated  with  these  ob.ser- 
vations  are  fr.ictions  of  a  micron  to  one  or 
two  Angstroms.  V'arious  electron  microscopy 
methods  are  required  to  attain  the  necessary 
spatial  or  image  resolution  for  these  ob.servation.s. 


•Paper  prcsenied  ai  die  symposium  on  Inierfacial  Phe¬ 
nomena  in  Composites:  Processing.  Cliaraeieri/.aiinii.  and 
Mecl’anical  Properties.  Newport.  RI.  June  I  3. 1988. 


Relative  misorientations  acro.ss  boundaries  can 
be  determined  by  microdiffraction  and  conven¬ 
tional  tilting  experiments.  Chemical  distributions 
can  be  determined  directly  by  microspcctroscopy 
using  small  incident  probes,  and  the  geometric  dis¬ 
tribution  of  atoms  at  interfaces  can  be  determined 
by  high  resolution  imaging.  Interlaces  can  be  con¬ 
sidered  small  regions  of  disorder  in  solids,  and  in 
that  context  resolution  limits  associated  with 
these  various  electron  microscopy  methods  are 
very  important. 

For  this  paper  the  main  topic  of  intere.st  is  local 
composition  change  in  small  regions  near  inter¬ 
faces  and  tbeir  structure,  and  it  is  useful  to  con¬ 
sider  the  factors  affecting  microspcctroscopy 
resolution.  Following  this,  several  current 
research  applications  are  discussed. 

2.  Resolution  limits 

The  mo.st  familiar  resolution  limit  is  tlte  so- 
called  interprctablc  re.solution  limit  6  associated 
with  high  resolution  imaging.  It  corresponds  to  a 
spacing  [i.e.  length)  in  the  specimen  defined  by 
the  first  zero  of  the  microscope  contrast  transfer 
function,  which  is  dependent  on  objective  lens 
dcfocus  D  =  Af{CJ.)~''-  where  D  is  the  general¬ 
ized  dcfocus,  A/is  the  objective  lens  defocus,  Q  is 
the  objective  lens  spherical  aberration  constant 
and  2  is  the  incident  electron  wavelength  [1 J.  The 
Scherzer  resolution  limit,  given  by  D=  I  and 
d  =  0.7C,'  'A''*  correspond.',  to  spacings  in  the 
object  imaged  without  phase  reversals  of  the  .scat¬ 
tered  amplitudes  cau.icd  by  the  imaging  lens. 
The.se  images  can  be  interpreted  directly,  and  the 
be.st  currently  available  electron  microscope.s, 
which  generally  have  maximum  operating 
voltages  in  the  300-1000  kV  range,  have  inter- 
prctable  rc.solution  limits  in  the  1 .4- 1 .8  A  range. 
This  resolution  is  sufficient  for  determination  of 
the  .structure  of  grain  boundaries  and  interfaces  in 
terms  of  the  distribution  of  columns  of  atoms 
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when  the  boundaries  are  viewed  in  edge-on  pro¬ 
jection  in  crystals  even  with  small  unit  cells. 
These  experimental  methods  have  been  used,  for 
e,xample,  to  show  that  ail  (001)  tilt  grain  boun¬ 
daries  are  faceted  in  NiO  [2];  the  obsers'ations  of 
many  large-angle  boundaries  in  tliis  material  sup¬ 
ported  the  suggestion  that  low  grain  boundar> 
ener^es  are  associated  with  large  values  of 
average  interplanar  spacing  at  the  boundaries  and 
not  with  low  Z  values. 

The  corresponding  resolution  limit  for  local 
chemical  analysis  by  microspectroscopy  methods 
is  the  spatial  limit,  the  lower  limit  of  which  is 
^ven  by  the  incident  probe  size  on  a  thin 
specimen.  In  this  context,  the  microscope  pre- 
specimen  lenses  are  used  to  form  a  small  focused 
probe  image  of  the  electron  source  on  the 
specimen,  and  alignment,  defocus,  and  aberra¬ 
tions  of  the  probe  forming  lenses  have  important 
effects  on  attainable  spatial  resolution.  Spectra 
are  count  rate  limited  and  therefore  some  time  is 
required  for  their  collection.  The  count  rate 
limitation  brings  questions  of  current  in  the 
focused  probe  into  the  discussion  of  probe  size, 
and  counting  time  requirements  imply  that  the 
time  average  of  the  focused  probe  position 
relative  to  the  microstructural  feature  of  interest 
in  the  specimen  during  spectrum  acquisition  will 
influence  spatial  resolution. 

It  i.s  useful  to  consider  probe  size  and  current 
in  terms  of  aberrations  of  the  probe  forming 
lenses  and  source  brightness,  to  estimate  the 
current  in  small  probes  as  a  function  of  probe 
diameter.  Then  using  measured  inelastic  scatter¬ 
ing  cross-sections,  collection  times  for  small 
probe  microanalysis  can  be  determined,  and 
attainable  spatial  resolution  can  be  estimated.  For 
a  correctly  aligned  illumination  A>.stcm  the  total 
probe  size  is  given  to  a  good  approximation  by  an 
incoherent  (quadrature)  sum  of  coherent  broad¬ 
ening  mechanisms  [3] 

=  +  (1) 

where 


4  = 


2 

.-ra 


r/,  =  (0.61)- 
a 


r4=(0.3)Qa^ 

Broadening  by  diffraction  from  the  probe  defin¬ 
ing  aperture  is  given  by  r/f,  and  by  spherical  aber¬ 
ration  of  the  pre-specimen  probe  forming  lens  by 


t/j  (Q  is  the  spherical  aberration  coefficient  of  the 
lens).  This  spherical  aberration  coefficient  can  be 
determined  e.\perimentall\  from  wide-angle  con- 
\ergent  beam  shadow  images  [4j.  The  current  in  a 
gaussian  pnrbe  from  a  source  of  brightne,ss  p  is 
given  by  d^.  It  is  a.ssumed  in  this  case  that  the 
energy  spread  in  the  incident  beam  from  the 
.source  is  small,  so  that  chromatic  aberration 
broadening  can  be  neglected.  The  effect  of  aper¬ 
ture  diffraction  and  spherical  aberration,  which 
have  different  dependences  on  a.  is  most  easily 
seen  by  considering  a  probe  from  a  point  source 
without  considerations  of  current  in  the  probe,  as 
shown  in  Fig.  1.  Here,  contributions  to  probe  size 
for  several  values  of  Q  ranging  from  1.5  to  5  mm 
are  given,  along  with  the  contribution  from  aper¬ 
ture  diffraction.  As  Q  decreases,  minimum  probe 
diameter  decreases  and  occurs  at  corresponding¬ 
ly  larger  values  of  a.  For  some  particular  value  of 
Q  the  minimum  probe  .size  is  d-0.(>GC'  'V', 
corresponding  to  the  optimum  value  of 
a  =  1.05C,  ''"A'  "*.  Not  coincidentally,  this  value 
of  d  corresponds  to  the  image  interpretable  reso¬ 
lution  or  point  re.solution  limit  discu.s.scd  above, 
in  the  present  context  6  corresponds  to  the  image 
of  a  point  source.  Probes  corresponding  to 
divergence  angles  larger  than  the  optimum  value 
are  said  to  be  aberration  limited  because  their 
diameter  is  determined  primarily  by  Q.  Con¬ 
versely  probes  corrasponding  to  divergence 
angles  .smaller  than  the  optimum  value  arc  called 
diffraction  limited.  To  obtain  more  accurate 
dascriptions  of  diffraction  limited  probc.s,  wave 
optical  calculations  that  take  explicit  account  of 
probe  defocus  arc  required.  Probes  suitable  for 


Fig.  I .  Dependence  of  focu.sed  probe  size  at  ihe  specimen  on 
.iperlctc  Jiffr.ictiun  and  lens  sphe.ie.il  lot  a  puinl 

source  in  ihc  incohcrcni  appro-vimalion  100  kV;.  Several 
valuc.s  of  C,  arc  shown:  o.  5  mm:  •.  .t  mm:  *.  2  mm:  ■.  1.5 
mm. 
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microspectroscopy  usually  require  values  of  a 
larger  than  optimum  to  ensure  sufficient  current 
for  an  acceptable  count  rate.  These  probes  will  be 
aberration  limited,  and  eqn.  [  I )  gives  a  reasonably 
accurate  description  of  probe  size  and  current  for 
optimum  probe  focus  at  the  specimen  plane. 

When  probe  current  considerations  become 
important  the  source  brightness  parameter,  fi,  in 
r/j,  eqn.  (1),  is  important  and  must  be  specified. 
This  parameter  varies  over  a  wide  range  for  avail¬ 
able  electron  sources,  from  about  1  O'  A  cm  • 
sr' '  for  tungsten  thermionic  sources  to  about  10' 
A  cm'-  sr"'  for  FEG  sources,  with  LaB^  ther¬ 
mionic  sources  intermediate  between  the  limits 
[5].  The  measured  brightness  of  the  FEG  analy¬ 
tical  microscope  used  for  the  c.\periments  di.s- 
cussed  in  this  paper  ranges  between  5  x  lO’  and 
2x10*  A  cm"-  sr"',  depending  on  the  FEG 
operating  parameters.  Figure  2  shows  total  probe 
diameter  as  a  function  of  probe  current  calcu¬ 
lated  from  eqn.  (1'  for  brightnesses  characteristic 
of  particular  sources.  These  curves  show  that 
FEG  sources  are  required  to  produce  probes 
smaller  than  about  25  A  that  contain  0.1  to  1  nA. 
The  curves  of  Fig.  2  were  calculated  for  the 
optimum  value  of  divergence  half  angle  a,  found 
by  minimizing  probe  diameter  with  respect  to  a. 
This  value  now  depends  on  brightness  as  well  as 
C,  and  A,  and  is  given  by 


a^,  =  1.18 


^+(0.61/.)= 

P 


Q-' 


(2) 


where  4,  is  the  probe  current  and  the  other  para¬ 
meters  were  defined  earlier.  Figure  3  shows  the 


dependence  of  probe  current  on  optimum  diver¬ 
gence.  The  optimum  values  of  divergence  for 
high  brightness  FEG  sources  are  appro.\imately 
half  those  required  for  thermionic  sources. 

Table  1  shows  calculated  focused  probe 
diameters  for  the  limiting  brightne.v.s  values 
measured  for  a  particular  FEG  tip  in  the  analy¬ 
tical  microscope  used  for  the  meiisuremenLs 
reported  below,  for  the  limiting  beam  currents 
generally  considered  useful  for  microspcctros- 
copy.  These  limiting  brightne.sses  will  vary  some¬ 
what  from  one  field  emitter  tip  to  another, 
depending  on  tip  radius  and  other  e.xperimcntal 
variables  [6\.  The  range  for  a  given  tip  depends  on 
e,\tractor  voltage,  operating  temperature  and 
flashing  procedure. 

These  small  focused  probes  can  easily  be 
imaged  in  a  TEM/STEM  analytical  microscope 
to  obtain  an  e.\perimental  measurement  of  probe 
.size.  The  e.xperiment  is  straightforward  when 
operating  in  TEM  mode.  In  STEM  operation,  to 
obtain  smaller  probes,  the  microscope  is 
operated  in  diffraction  mode  and  one  must  adjust 
the  object  plane  of  the  transfer  lenses  to  be  coin¬ 
cident  with  the  specimen  plane  without  changing 


Fig.  2.  Probe  size  a-s  a  function  of  proI?c  current  for  .<iOsirces 
of  different  brightness  fl  in  the  incoherent  approsiniatton. 
Aperture  and  spherical  alrerration  broadening  are  included. 
100  kV.  C,«l.5  mm.  P  (A  cm  •  sr  Tfi=lfl*: 
UiBs  “  5  •<  I  O':  FI-G,  -  1  O’:  FEG;  =  5  x  |  O’. 


Fig.  3.  Optimum  divergence  half-angle  a^.  ix  prol>c  cur¬ 
rent  in  the  incoherent  nppro.xim.vtion.  Aperture  and  spherical 
aberration  broadening  arc  included.  Microscope  parameters 
as  in  Fig.  2. 


TABLE  I  Calculated  focused  probe  diameters  at  the 
specimen  for  measured  upper  and  loner  FEG  brightness 
limits,  for  probe  currents  of  1  and  O.I  nA.  C,=  1.5  mm.  100 
kV.  optimum  a 


(OA. 

p 

cm  -  sr  ' 

1. 

1.0 

2x  10* 

14 

0.1 

2x  10’ 

1 

1.0 

5x  10' 

2} 

0.1 

5x  10' 

ib 

the  operating  mode  of  the  pre-specimen  probe 
forming  lenses.  Photographical!)  recorded  probes 
for  optimum  a  are  shown  in  Fig.  4.  It  is  worth 
pointing  out  that  these  small  probes  are  nearl) 
HREM  images  of  the  electron  source,  and  small 
mbalignmcnts  of  the  illumination  s>stem  produce 
distortions  that  will  reduce  the  basic  attainable 
spatial  resolution  b)  at  least  a  factor  of  5.  These 
misalignments  are  obsious  in  probe  images  such 
as  Fig.  4,  but  arc  difficult  to  detect  b\  other 
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Fig.  4.  Phoic^raphicaUv  recorded  STLM  pmhc  H"' 

kV.  divergence  half  angle  ~  mn  for  a  field  cmioiun  vnsru- 
■a  Well  aligned  prolic:  probe  diameter.  »  1.2  nin.  b  iTicror 
lion  caiued  bv  displacement  of  defining  apetturc  tn  hall  itv 
diameter,  c  Divtortion  rcvuliing  from  minor  Migmaium 
error. 


means.  Current  distributions  in  these  small 
probes  e~an  be  measured  direetlv  b)  scanning 
them  over  apertured  elcctronie  detexturs  such  as 
EELS  spectrometers  or  Faradas  cups  [7J.  To 
obtain  a  realistic  estimate  of  the  attainable  spatial 
resolution  in  a  mictospeclroscop)  c.xpcriment. 
the  count  rate  e.\pccted  for  a  given  specimen  and 
known  incident  probe  current  must  be  calculated, 
which  leads  to  a  spectrum  .icvjuisition  time  for  the 
desired  number  of  counts  in  the  peak.  The 
acquisition  time  must  be  compared  with 
independent  measurements  of  probe/spccimcn 
temporal  position  instability.  Positional  instability 
Ls  u-sually  an  increasing  function  of  acquisition 
time,  and  can  easily  bc*comc  limiting,  especially 
for  low  probe  currents. 

The  net  count  rate  in  an  ELS  absorption  edge 
is  given  by 

R  =  ii,a[N&E  t3j 

where  4= focused  probe  current  *  electrons 
o= differential  cross-sixtion  for  the  core  edge  of 
interest  at  the  specified  collection  angle  Inm- 
aiom"*  eV*s  r= specimen  thickness  Inmln 
.Y=  target  atom  density  <nm'^>.  typically  50  for 
materials  like  SiO;.  SiC;  AE— channel  vvidth  or 
probe  energy  spread  fcVi.  typically  I  cV, 

The  count  rate  c.\prcssion  for  energy  dis¬ 
persive  X-ray  spectroscopy  (EDS.;  Is  similar  |S} 
and  a  similar  method  can  be  used  to  estimate 
spatial  resolution.  Measured  values  of  oiTO  mr 
collection  half  angle!  at  edges  of  interest  such  as 
silicon  L  or  oxygen,  carbon  or  nitrogen  K  edges 
in  the  corresponding  compounds  with  silicon 
ranged  from  10  *  to  5x  lO'"  nm*  atom"’  eV"' 
{9j.  The  specimen  thickness,  r,  mu.si  be  restricted 
to  about  10  nm  to  avoid  undesirable  multiple 
scattering  effects.  Thk  small  thickness  docs  not 
po.se  unusually  .severe  e.xpcrimcntal  difficulties:  it 
b  the  same  as  the  requirement  for  intcrpretabic 
HREM  images.  .All  parameters  in  cqn.  13»  arc 
now  fi.xcd  axeept  the  probe  current:  the  upper 
and  lower  probe  current  limits  in  Table  I  can  be 
u.sed  to  obtain  the  limiting  count  rates.  The 
ma.\imum  count  rate  for  <7=  10  *  and  4=  I  nA  * 
b  about  3x  10*  counts  s  '  and  the  minimum 
value  of  It  for  <7=5 x  lO  ’  and  4“0-I  '*A-  b 
about  1 600  counts  s  '. 

The  number  of  counts  desirable  in  an  edge 
depends  un  the  c.\pcrimcnt.il  purpti.se.  5000  b. 
cortservativclv.  often  enough  for  qualitative 
analysis  and  10  000  or  more  counts  is  asually 
aseful  for  fine  structure  analysts.  On  thb  lva.sb 
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acceptable  counting  times,  at  the  energy  losses 
corresponding  to  the  edges  of  interest  here 
(A£'=  100  eV  for  silicon  L,  and  A£=  283  and 
530  eV  for  carbon  K  and  oxygen  K,  respectively) 
will  be  between  20  ms  and  3  s.  For  serial  EELS 
collection  systems,  which  require  ramping  the 
spectrum  channel  by  channel  over  an  apertured 
slit/PMT  detector,  the  total  spectrum  acquisition 
time  is  equal  to  the  number  of  channels  scanned 
times  the  dwell  {i.e.  counting)  time  per  channel. 
Typical  values  for  these  are  100  ms  and  1000, 
with  energy  width  1  eV  per  channel,  leading  to  a 
total  acquisition  time  of  100  s.  Dwell  times  of  20 
ms  and  3  s  correspond  to  total  acquisition  times 
of  20  s  and  50  min,  respectively. 

Probe  position  stability,  which  depends  on 
electrical  stability  of  the  microscope,  charging 
along  the  beam  path,  etc.,  ha^  been  measured  by 
television  recording  high  magnification 
( =  30  X  10'"’  times)  probe  images  and  measuring 
movement  frame  by  frame,  jpecimen  drift  was 
measured  by  the  usual  multiple  photographic 
exposure  method;  these  measurements  were 
made  for  a  liquid  nitrogen  cooled  cryostage 
-170°C.  Cold  stage  use  is  required  to  consis¬ 
tently  prevent  carbon  contamination  for  all 
extended  microprobe  experiments.  The  total 
probe/specimen  positional  instability  from  these 
two  sources  can  be  reduced  to  about  0.1  nm  s" ' 
with  careful  experimental  procedures.  For  an 
acquisition  time  of  20  s  (20  ms  dwell)  the  attain¬ 
able  spatial  resolution  is  approximately  equal  to 
the  largest  probe  size  given  in  Table  1.  For  100  s 
acquisition  times  (100  ms  dwell)  the  spatial 
resolution  is  limited  by  probe/specimen  posi¬ 
tional  instability  even  when  high  current  field 
emission  probes  are  used.  For  analysis  of  multi- 
component  ceramic  microstructures  we  have 
found  the  most  useful  experimental  procedure  for 
high  spatial  resolution  microanalysis  to  be  use  of 
relatively  short  dwell  times  (20  to  50  ms)  and  col¬ 
lection  of  multiple  spectra.  The  probe  is  reposi¬ 
tioned  on  the  feature  of  interest  between 
acquisitions,  and  the  individual  spectra  are 
summed  to  obtain  the  final  resultant  spectrum. 
A  spatial  resolution  of  5  nm  can  be  attained  for 
spectra  spanning  the  0-1000  eV  loss  range  with 
this  procedure  if  a  field  emission  .source  and  lo. 
temperature  stage  are  used. 

New  parallel  detection  systems  just  becoming 
available  give  promise  of  improvements  in  spatial 
resolution  to  near  the  incident  probe  size  for  thin 
specimens.  Actual  improvement  depends  on 


reduction  of  total  acquisition  time,  which 
depends  in  ic-n  on  the  net  detective  quantum 
efficiency  of  the  parallel  detection  .system  relative 
to  the  scintillator/PMT  serial  detection  systems 
currently  in  use  [10-12].  Field  emission  sources 
are  required  to  attain  high  spatial  resolution  with 
either  serial  or  parallel  detectors. 

3.  Applications 

Silicon  and  its  compounds  with  oxygen,  carbon 
and  nitrogen,  such  as  Si3N4,  SiO,  and  SLNjO  are 
materials  of  majoi  interest  in  ceramics  and  com¬ 
posites.  Analysis  of  these  materials  when  they  are 
present  as  small  partie'es  or  layers  in  interfaces 
requires  knowledge  of  their  EELS  absorption 
edge  shapes  in  the  bulk  compounds,  since  it  is 
expected  that  local  changes  in  composition  oi 
structure  will  affect  electronic  structure  and 
bonding  [13].  In  a  recent  investigation  we  have 
shown  that  these  edge  shapes  change  in  a  syste¬ 
matic  way  across  the  series  of  materials  Si,  SiC, 
Si3N4,  Si02,  and  also  in  Si2N,0  [9, 14].  Examples 
of  experimental  silicon  L  edges,  and  correspond¬ 
ing  theoretical  calculations  are  shown  in  Fig.  5. 
Note  that  the  magnitude  of  the  threshold  onset 
peak  increases  continuously  from  Si  to  Si02  and 
that  its  onset  energy  increases  from  Si  to  SiO^. 
The  relative  minimum  between  the  onset  peak 
and  the  delayed  maximum,  at  about  125  eV  loss, 
broadens  across  the  series  and  a  small  relative 
maximum  appears  in  this  minimum  in  the  Si3N4 
cross-section  curve  and  is  quite  prominent  in  the 
Si02  curve.  The  delayed  maximum  itself  becomes 
sharper  across  the  series  from  Si  to  Si02.  Cor¬ 
responding  changes  were  observed  in  the  K  edge 
anion  cross-section  curves  for  SiC,  Si3N4  and 
Si02.  Theoretical  analysis  of  the  inelastic  scatter¬ 
ing  in  these  compounds  was  carried  out  using  a 
semiempirica!  LCAO  theory  to  calculate  final 
state  valence  shell  vvavefunctions  for  the  com¬ 
pounds,  using  Bloch's  theorem  to  account  for 
effects  of  translational  symmetry  of  the  crystals. 
Plane  waves  were  used  for  ionization  final  states 
far  beyond  threshold  onset,  where  bonding 
effects  are  weak.  These  wavefunctions  were  used 
with  a  single-electron  transition  model  and  the 
Born  approximation  to  calculate  the  core  shell 
absorption  cross-sections  [9,  1 5].  The  results  are 
.shown  as  dotted  lines  in  Fig.  5.  There  are  three 
primary  contributions  to  the  cross-sections.  Near 
onset  the  compound  valence  shell  final  slate 
vvavefunctions,  which  are  very  sensitive  to  bond- 
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Fig.  5.  Silicon  L  energy  loss  cross-sections  for  silicon  and  some  of  its  important  compounds.  The  solid  curve  is  experimental. 
The  dashed  curve  beginning  at  edge  onset  i.,  the  sum  of  calculated  valence  shell  and  ionization  cross-sections.  The  calculated 
ionization  cross-section  modulated  by  near  neighbor  back -scattering  is  plotted  separ.itely  as  the  dashed  curve  beginning  at 
105  eV  loss. 


ing,  control  the  shape  of  the  curves.  Electron 
transfer  from  silicon  to  the  ligand  atoms  occurs  in 
the  compounds,  to  an  increasing  extent  in  the 
progression  from  Si  to  Si02  and  the  final  state 
wavefunctions  are  increasingly  dominated  by 
silicon  atomic  orbitals,  so  the  magnitude  of  the 
threshold  onset  peak  in  the  silicon  L  edges 
increases.  In  this  energy  loss  region  the  Si  2p-*3s 
and  Si  2p-*3d  partial  cross-sections  dominate 
the  silicon  L  edges,  with  the  2p-'3s  cross-sec¬ 
tions  larger.  At  larger  losses,  beyond  about  125 
eV,  the  atomic  ionization  cross-section  (plane 
wave  final  states)  dominates  the  edges,  but  it  is 
modulated  by  elastic  backscattering  of  the 
ionized  plane  waves  b>  the  neighboring  atoms 
surrounding  the  excited  atom,  thus  the  cross-sec¬ 
tion  in  this  region  is  not  the  simple  smooth  curve 
expected  for  a  free-atom  ionization  cross-section. 
The  magnitude  of  this  effect  depends  on  the 


elastic  scattering  cross-section  of  the  neighboring 
atoms,  it  is  stronger  for  the  K  shell  edges  of  the 
ligand  atoms  because  their  nearest  neighbors  are 
silicon,  whereas  the  nearest  neighbors  of  the 
silicon  atoms  are  oxygen,  nitrogen  or  carbon. 
These  results  furnish  a  firm  fundamental  back¬ 
ground  for  microstructural  analysis  of  more  com¬ 
plex  materials. 

Several  recent  applications  to  the  analysis  of 
complex  microstructures  illustrate  the  utility  of 
the  technique.  The  applications  were  made  at 
about  the  5  nm  spatial  resolution  level,  and  were 
complemented  by  EDS,  HREM  imaging  and  mi¬ 
crodiffraction  analysis  of  the  microstructures. 
Nutt  and  Carpenter  [16]  reported  an  analysis  of 
an  aluminum  alloy  (2124)-silicon  carbide  metal 
matrix/ceramic  composite  in  which  particular 
attention  was  given  to  the  matrix/ceramic  inter¬ 
faces.  The  material  was  a  discontinuous  whis- 
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ker-reinforced  composite  made  by  powder 
metallurgy  methods.  The  metal  ceramic  interface 
contained  a  discontinuous  distribution  of  small 
( <  10  nm)  crystalline  precipitates  that  were 
shown  by  EELS  to  contain  oxygen,  by  EDS  to 
contain  magnesium,  and  by  microdiffraction  to 
have  structure  corresponding  to  MgO.  In  regions 
of  the  interface  not  containing  these  precipitates 
stepwise  EDS  analysis  across  the  interface 
showed  a  sharp  magnesium  segregation  peak  at 
the  interface.  The  FWHM  of  the  magnesium 
peak  was  about  30  nm.  Magnesium  is  a  minor 
constituent  of  the  aluminum  alloy  matrix,  and  it 
was  presumed  that  the  MgO  particles,  which 
probably  did  not  deviate  from  the  stoichiometric 
composition,  formed  as  a  result  of  reaction  of 
magnesium  with  oxide  films  on  the  whisker 
surfaces  during  heat  treatment.  HREM  produced 
evidence  for  a  transition  zone  between  the 
aluminum  alloy  and  the  SiC  or  between  the  MgO 
and  SiC  that  may  be  amorphous.  The  zone  width 
is  small,  about  1.5  nm,  and  below  the  attainable 
resolution  limit  of  EELS  with  serial  detection. 
The  composition  of  this  zone  should  be  deter¬ 
minable  using  a  parallel  EELS  detection  sy.stem, 
and  is  of  great  interest. 

More  recently  we  have  examined  the  non-equi¬ 
librium  microstructure  of  a  silicon  oxynitride 
ceramic  made  by  hot  pressing  an  equimolar  mix¬ 
ture  of  SijN^  and  SiO,  containing  3  mol.%  ALOj 
in  nitrogen  atmopshere  at  2000  K  [16).  The 
pressing  temperature  was  above  the  Si3N4-Si02 
eutectic  and  Si2N20  formed  by  liquid-phase  reac¬ 
tion.  The  resulting  microstructure  contained 
three  major  phases,  shown  in  Fig.  6.  These  pha,ses 
were  found  to  be  Si2N20,  Si02  (amorphous),  and 
Si3N4,  by  quantitative  EELS  analysis.  The  silicon 
L  edge  from  Si2N20  is  shown  in  Fig.  7.  The  shape 
is  very  similar  to  the  corresponding  edge  for  Si02, 
despite  the  fact  that  in  this  orthorhombic  material 
three  of  the  silicon  nearest  neighbors  are  nitrogen 
and  only  one  is  oxygen.  An  LCAO  calculation 
similar  to  those  described  above  was  used  to 
calculate  the  edge  shapes,  and  the  results  agreed 
well  with  experiment.  Small  crystalline  precipi¬ 
tates  or  second  phase  particles  were  observed  in 
the  oxynitride  plates  (Fig.  8)  and  in  the  Si02 
amorphous  phase.  These  contained  silicon  and 
variable  amounts  of  nitiogen  and  oxygen.  The 
small  particles  in  the  Si^N,©  plates  obvioiusly 
have  a  well-defined  habit  (long  straight  edges 
along  (010)  SiiNjO)  and  usually  have  a  composi¬ 
tion  close  to  Si4N4  with  a  very  small  oxygen 


Fig  6.  Low  nuignificaiioii  dark  field  niicrograpli  of  Si^N.O 
ceramic  lakcn  with  section  of  Si02  amorphous  ring.  Long 
plates  are  SijN^O  in  SiO^  matrix. 


I-ig.  7.  lilectron  energy  loss  cross-section  for  silicon  L  in 
SijNjO.  Solid  line  is  experimental.  Dashed  line  is  theoretical 
calculation. 


content,  howevei  theii  diffi action  patterns  do  not 
correspond  to  a-  oi  /?-Si3N4.  Thus  it  is  difficult  to 
attribute  them  to  lesidual  Si3N4  partially  leaeted 
to  SiiNiO.  The  particles  in  the  matrix  aie  primar¬ 
ily  silicon  and  oxygen  and  then  mieiodiffi action 


i-ig  S  HRLM  mii.iogr,ipIi  uf  SrN^O  pKii.,  (.out, lining  stiiii- 
cnlicicnt  sL'toiul  pli.iM,'  imi-roLrj.si.iI.  Loim  edges  uf  micru- 
tr^sl.il  .ind  ,iMs  of  uMiiitiidc  pl.ilcs  .ilungjoiOj  Sec  text  I'ui 
discussion. 


pattern.s  corrc.spond  to  cry.stobalite.  Small 
changes  in  slope  ol'  the  energy  loss  spectia  near 
73  cV  loss,  coricsponding  to  the  aluminum  L 
edge,  indicated  the  pre.sence  of  aluminum  in  <ill 
the  niajoi  phases,  EDS  showed  that  aluminum 
was  prefcrcntialh  partitioned  into  the  SiO, 
phase,  and  secondaiiK  into  the  Si.N.O,  with 
minimum  concentration  in  the  Si^Nj. 

Whisker-reinfoiced  ceramic  mtitrix  com¬ 
posites  ha\e  improved  fractuie  behavioi  lelative 
to  poKcrvstalline  structural  eeiamic.s.  and  theii 
fiacture  behavistr  is  believed  to  be  dependent  on 
the  miciostnicture  of  the  whiskei/matiix  intei- 
face  [17].  These  mateiials  have  most  often  been 
synthesi/ed  fiom  mi.vtures  sif  the  ceiamie  matii.v 
powders  and  whiskers  with  sinteiing  aids  bv  hot 
pressing,  and  amorphous  legions  tit  intei faces 
and  triple  junctions  similai  to  tho.se  obseived  m 
tinreinforced  polverjstalline  cci antics  have  been 
reported  [IS.  I9|.  Whethei  these  aimtipiuuis 
regions  aie  continuous  along  the  whiskei/matii.x 
interfaces  is  of  inieiest  We  have  extimined  i da¬ 
tively  Hat  legions  ol  whisker/matiix  inlet  faces 
well  'emoved  fiom  inieisecling  giain  boundaiies 


I  ig.  y.  Low  m.ignilK.iiiuii  niicrugiapli  ul  .SiC  wlii.skci-rciii- 
fuiccd  Si.N,  cuinpu.silc.  All  .SiC  ulliskci  uriciitcd  ncaily 
iiuim.il  Ul  ils  giuwth  axis  is  \isiblc  iii  ihc  cciitiai  aica.  I  he 
whisker  IS  faiiltcd  noiinal  to  us  growth  axis.  Arrowed  regions 
are  amorphous,  and  contain  ymiuin.  ahiiniiunn.  silicon, 
ovygen.  .iikI  a  small  amount  of  nitrogen.  .SiC  and  .SuN't  are  in 
indued  contact  m  the  boxed  aiea. 

using  1 1  REM  and  EELS  atid  do  not  find  iniagtng 
ot  eomposition  evidence  lot  amotphous  pha.ses 
there  [20].  Otie  of  the  eomposttes  investigated 
was  ALO;  base,  teinfoteed  with  20  vokfu^-SiC 
whiskeis  fiom  raleho  Chemical  lnclu.strie.s.  hot 
pie.s.sed  at  11330^/60  MPa  in  vacuum.  The 
othei  was  Si-,N.j  ba.se  with  6  wt.",,  i  YtO,  +  ALO,) 
added  lot  clen.sifie<ition.  leinfoieed  with 
20  vol.'!<.  SiC  whiskeis  fiom  lokai  Caibttn.  Ltd., 
hot  piessed  at  172.3  T’/aO  MPa  in  aigon.  A  low 
magnification  image  of  the  Si-,N.,/SiC  composite 
is  shown  in  Pig.  9.  An  SiC  whiskei  oriented 
appio.vimately  noimal  to  its  giowth  axis  is  visible 
in  the  ceiitial  legion.  The  whiskei/niatiix  intei - 
face  is  compo.sed  ol  legions  with  Si-.N,  in 
appal eiit  diiect  contact  with  SiC  » boxed i  and  iiie- 
gulaily  shaped  legions  that  .tie  amoiphous 
.ail owed-.  A  high  le.solution  im.ige  ol  the  bo.xed 
legion  is  shown  in  I  ig.  10.  It  c.iii  be  seen  that  the 
caibide  .md  nitiide  aie  in  diiect  eoiitiiet.  and  no 
indication  foi  the  pie.seiiee  of  a  second  ph.ise  w.ts 
found.  EELS  ex.imin.ition  with  .m  ineideiit  piobe 


Fig.  10.  HREM  micrograph  (400  kV)  of  the  bo.xcd  area  of 
Fig.  9.  Note  the  absence  of  a  thin  amorphous  zone  between 
the  crystals,  attcl  the  absence  of  a  crystalline  reaction  zone. 


about  5  nm  in  diameter  did  not  indicate  the 
presence  of  foreign  elements.  In  particular, 
oxygen  was  not  detected.  The  roughness  of  the 
interface  is  small  scale,  and  probably  related  to 
the  fault  plane  di.stribution  in  the  whisker  itself, 
normal  to  its  growth  axis.  Our  observations  of  the 
whiskers  themselves,  before  incorporation  into 
composites,  indicated  that  the  surface  is  faceted 
on  a  fine  scale,  corresponding  to  intersections  of 
the  fault  planes  with  the  free  sur.'  ice.  Similar 
observations  were  made  for  the  AbO^/SiC  com¬ 
posite,  viewing  the  matrix/whisker  interface  along 
the  whisker  growth  axis.  It  is  possible  in  both 
cases  that  the  small  interface  roughness  interfered 
with  observations  of  a  very  thin  amorphous  layer 
by  HREM,  but  other  imaging  methods  also  failed 
to  show  an  amorphous  layer  in  these  regions.  It  is 
somewhat  surprising  that  no  impurity  segregation 
was  detected  in  these  regions,  given  the  well- 
known  surface  contamination  of  whiskers.  Either 
the  contaminants  were  removed  during  process¬ 
ing,  or  the  5  nm  probe  effectively  reduced  the 
concentration  in  the  irradiated  volume  below 
detectability.  Future  improvements  in  EELS 
spatial  resolution  will  be  applied  to  this  problem. 


to  obtain  spectra  more  directly  related  to  the 
boundary  plane  itself. 

A  comment  concerning  electron  radiation 
effects  in  these  m.aterials  is  useful.  Several  inves¬ 
tigators  have  noted  that  mass  loss  and  changes  in 
electronic  structure  can  occur  during  EELS 
focused  probe  experiments  in  ionic  or  covalent 
materials,  e.g.  [21]  for  copper  oxide,  where 
increasing  electron  doses  caused  a  transforma¬ 
tion  in  shape  of  the  copper  L  edge  to  that  charac¬ 
teristic  of  elemental  copper  with  filled  3d  shell 
and  a  small  threshold  onset  peak.  We  have 
observed  a  similar  transformation  of  the  silicon  L 
edge  in  bulk  Si,N4  with  increasing  dose;  the  edge 
changed  in  appearance  from  characteristic  of 
Si3N4  to  characteristic  of  Si  (cf.  Fig.  5  above), 
indicating  nitrogen  loss,  or  at  least  Si-N  debond¬ 
ing.  It  is  expected  that  these  effects  may  occur 
more  easily  in  disordered  interfaces,  and  these 
effects  must  be  considered  before  segregation  is 
ruled  out. 
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Abstract 

Analytical  transmission  electron  microscopy  has 
been  used  to  assess  the  nature  and  the  extent  of 
interactions  between  TiC  particulates  in  Ti6A14V 
and  in  Ti24AlllNb.  It  has  been  found  that  there 
appears  to  be  only  limited  interaction  between  the 
fiC  and  the  Ti6A14V  alloy  even  when  the  samples 
are  heat  treated  at  1050  °C  for  times  up  to  50  h. 
The  visible  interaction  is  confined  to  the  TiC  where 
it  is  found  that  an  annulus  of  non-stoichiometric 
TiC  is  formed  around  the  original  stoichiometric 
TiC.  In  the  case  of  the  Ti24AlllNb  alloy  there  is  a 
clear  interaction  zone  visible  where  Tii(AlNb)C  is 
formed.  In  addition  there  is  an  additional  narrow 
zone  within  the  TiC  particles  associated  with  the 
diffusion  ofNb  into  the  TiC  in  samples  heat  treated 
at  1000  °C  but  Nb  is  present  throughout  the  par¬ 
ticles  in  specimens  heat  treated  at  1100  ’’C  for  5  h. 
Non-stoichiometric  TiC  is  also  visible  in  the  annuli 
of  the  original  TiC  particles  in  this  composite.  The 
significance  of  these  observations  is  discussed  in 
terms  of  the  factors  which  control  the  extent  of  the 
interaction  zone. 

1.  Introduction 

Metal  matrix  composites  are  seen  as  a  genera¬ 
tion  of  materials  which  can  give  significant 
improvements  in  properties,  but  if  this  hope  is  to 
be  realized  it  is  essential  that  the  interfacial  region 
between  the  matrk  and  the  particle  or  fiber  does 
not  fail  prematurely.  In  the  case  of  titanium  alloys 
the  extreme  reactivity  of  titanium  provides  a 
major  difficulty  in  finding  particles  or  fibers 
which  are  not  attacked  by  titanium  with  the  con- 
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sequent  generation  of  brittle  intermetallics.  In  the 
case  of  titanium-based  SiC  composites  [1,  2]  it  is 
known,  for  example,  that  the  interfacial  region 
consists  of  TiC  and  TijSi3— a  brittle  intermetallic. 
The  present  work  has  been  aimed  at  assessing  the 
stability  of  TiC  particulate  in  both  Ti6Al4V 
(expressed  as  wt.%)  and  in  Ti24AlllNb 
(expressed  as  at.%),  and  this  paper  summarizes 
the  work  which  has  been  completed  so  far. 

2.  Experimental 

The  composites,  which  contained  10%  by 
volume  of  TiC,  were  supplied  by  Alee;,  and  were 
subsequently  heat  treated  for  a  range  of  times  at 
temperatures  between  900  and  1200  'C.  Polished 
and  etched  samples  were  examined  optically  and 
using  scanning  electron  microscopy.  Analytical 
transmission  electron  microscopy  was  the  main 
technique  used  to  assess  the  extent  of  any  inter¬ 
facial  interactions,  and  in  this  case  the  samples 
were  prepared  by  ion  beam  thinning.  The  trans¬ 
mission  microscopes  which  were  used  include  a 
120  kV  Philips  420  and  a  400  kV  JEOL4000FX, 
which  were  interfaced  to  energy  dispersive  X-ray 
(EDX)  and  electron  energy  l^ss  (EEL.S)  systems. 

3.  Results 

3. 1.  Optical  and  scanning  electron  microscopy 

Typical  optical  micrographs  obtair  J  from  the 
two  composites  r^e  shown  in  Fig.  1  and,  at  the 
resolution  available  optically,  it  appears  that  the 
extent  of  any  interaction  is  larger  in  the 
Ti24AlllNb  alloy;  in  fact  there  is  no  interaction 
visible  optically  in  the  Ti6A14V  composite  in 
Figs.  1(a)  and  Kb).  The  interaction  is  not  obvious 
even  in  the  Ti24All  INb  but,  in  both  the  polished 
sample  (Fig.  1(c))  and  in  the  etched  sample  (Fig. 
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Fig.  1.  Optic!>l  miciographs  of  Ti6A14V-TiC  as  poiished  (a) 
and  etched  (b)  and  of  T-24AI1  INb-TiC  as  polished  (c)  and 
etched  (d).  The  samplu.  :n  (a)  and  (b)  had  been  heat  treated 
for  2  h  at  1050  “C  before  examination,  and  the  sample.'  in  (c) 
and  (d)  had  been  treated  at  1000  °C  for  2  h.  A  limited  inter¬ 
action  zone  around  the  TiC  particle.';  can  be  seen  in  the. 
Ti24AI  1 1  Nb  sample  but  not  in  the  TiAIV  sample. 


1(d))  a  narrow  zone  can  be  aeen  around  each  TiC 
particle. 

Similarly  scanning  electron  microscopy  shows 
(Fig.  2)  that  there  is  no  obvious  change  around 
the  TiC  in  the  Ti6A14V  samples  (Fig.  2(a)/ 
although  :h;-re  is  a  very  narrow  region  in  the 
image  wLch  shows  lighter  contrast  than  the  rest 
of  the  TiC  particle.  There  is  again  a  slight  change 
about  1.0  /mi  wide,  around  the  TiC  particles  in 
the  Ti24AlllNb  composite.  This  difference  is 
just  visible  in  Fig.  2(b). 

The  extent  of  any  interaction  between  the  TiC 
and  the  two  matrix  alloys  is  clearly  on  a  scale 
which  is  below  that  at  which  accurate  composi¬ 
tional  information  can  be  obtained  from  bulk 
samples  but  detailed  information  can  be  obtained 
using  analytical  transmission  electron  microsc¬ 
opy,  as  discussed  below. 

3.2.  Analytical  transmission  electron  microscopy 

3.2. 1.  Observations  on  TiAlV-TiC  composite 

Examinaliop  using  transmi.ssion  electron  mi¬ 
croscopy  conlirms  that  there  is  no  obvious  inter¬ 
action  zone  in  the  m.atrix  a.ssociated  with  the 
presence  of  TiC  particles  in  composites  treated 
over  a  range  of  temperatures  up  to  1050  “C  and 
for  times  up  to  50  h.  There  is,  however,  evidence 
of  a  reaction  zone  within  the  TiC  particulates  as 
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Fig.  2.  Scanning  electron  micrographs  using  secondary 
electrons  of  (a)  Ti6A14V,  and  ib/  Ti24All  INb.  Any  inter¬ 
action  zones  are  not  easily  resolved  in  these  micographs. 
Samples  heat  treated  ai  1 050  °C  and  1 200  'C  as  in  t -  g'  1 .  Sec 
text. 


can  be  seen  from  the  micrograph  shown  in  I  ig.  3 
where  a  region  can  be  seen  around  the  perimeter 
of  the  particle  shown  in  this  figure,  wliich  is 
separated  from  the  center  of  the  particle  by  an 
array  of  dislocations.  EDX,  EELS  and  diffraction 
analyses  have  shown  [3]  that  this  annular  region  is 
non-sioichiometric  TiC,  whereas  the  original  TiC 
added  to  the  composite  was  .stoichiometric  and 
contained  virtually  no  dislocations  [3].  The  differ¬ 
ence  between  the  annulus  and  the  center  can  be 
observed  'iVertly  on  ‘h:  screen  when  examina¬ 
tion  is  earned  out  in  liic  oirn action  mode,  since 
there  are  extra  diffraction  maxima  associated 


Fig.  3.  Transmission  electron  micrograph  of  a  particle  of 
TiC  in  Ti6AI4V-TiC  showing  the  presence  of  a  dislocation 
array  within  the  TiC.  This  array  separates  the  stoichiometric 
center  of  the  TiC  from  the  non-stoichiometric  annulus.  See 
text. 


with  the  ordering  of  the  carbon  vacancies  [3],  as 
shown  in  Fig.  4.  It  should  be  noted  that  this  order 
can  be  removed  '  the  high  energy  electrons, 
within  about  20  mm  examination  under  normal 
imaging  conditions,  and  some  care  is  therefore 
necessary  if  this  technique  is  used  in  order  to 
identify  ordered  regions.  The  center  of  this  par¬ 
ticle  and  of  all  other  particles  examined  in  simi¬ 
larly  heat  treated  samples  were  shown  to  be 
stoichiometric  TiC. 

The  fact  that  there  is  no  apparent  interaction 
zone  in  the  Ti6A14V  matrix  is  surprising.  This 
may  be  in  part  due  to  the  fact  that  the  samples 
which  have  been  examined  have  been  slowly 
cooled  from  the  heut  i.tdiment  temperatures  so 
that  the  structure  which  has  been  examined  has 
been  influenced  by  changes  which  might  occur 
during  cooling.  In  an  attempt  to  investigate  this 
po.ssibility  samples  have  been  examined  after 
bung  quenched  from  the  heat  treatment  tempera¬ 
ture.  There  was  again  no  apparent  difference 
between  samples  which  had  been  quenched  and 
tho.se  that  had  been  slowly  cooled,  when  using 
optical  and  scanning  electron  microscopy.  Thus 
quantitative  analysis  of  the  particle  number  den¬ 
sity  in  samples  which  had  been  cither  slowly 
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Fig  4  Transmission  diffraciion  pnilcrns  obtained  (a)  from 
tlie  anmilus  and  (b)  from  tlic  comer  of  a  TiC  panicle  wnhjii 
the  Ti6/^I4V-  riC  eompositc.  Note  the  cMra  diltractiun 
maxima  from  the  annulus  a'  i.li  ,..v  assueiated  with  ih<. 
carbon  vacancies. 

cooled  or  quenched  revealed  no  ob  iou.s  differ¬ 
ence.  However,  examieation  in  tranxmi.ssion 
.showed  hat  the  width  of  the  non  .stoiehiometric 
TiC  WJ.S  .significant!)  larger  in  these  quenched 
sample.,  than  in  the  slovvl)  eooled  samples,  and  in 


some  cases  no  dislocation  array  could  be  seen, 
presumably  because  the  remaining  volume  con¬ 
sisted  totally  of  the  annulus.  As  mentioned  above, 
the  difference  between  the  non-stoichiometric 
and  the  stoichiometric  core  can  be  quickly  quali¬ 
tatively  assessed  using  the  diffraction  pattern  and 
approximate  widths  of  the  zones  could  be  con¬ 
veniently  obtained  using  this  approach.  The  typi¬ 
cal  width  in  the  slowly  cooled  samples  was 
usually  less  than  1  /rm  whereas  in  the  quenched 
sample  the  width  was  about  2  jum. 

3.2.2.  Observations  on  TiAlNb-TiC composite 

Figure  5  shows  a  series  of  micrographs  taken 
from  the  Ti24All  INb-TiC  composite  which  had 
been  heat  treated  at  1000  °C  for  2h  and  it  is 
apparent  in  Fig.  5(a)  that  the  matrix  adjacent  to 
the  TiC  is  heavily  faulted  and  that  the  grain  size 
of  this  faulted  region  is  smaller  than  the  10  /rm 
which  Fig.  1  shows  is  typical  of  the  matrix.  There 
also  appears  t'.;  be  a  slight  change  in  the  contrast 
across  the  TiC  parti,ies,  and  this  can  be  clearly 
.seen  in  Fig.  5(b)  where  the  annulus  shows  differ¬ 
ent  contrast  from  that  in  the  center  of  the  TiC.  In 
this  case,  as  distinct  from  the  Ti6A14V  case,  there 
is  no  dislocation  wall  separating  the  annulus  from 
the  center  and  no  obvious  change  in  the  diffrac¬ 
tion  patterns  from  the  two  regions.  Obse.vations 
made  on  samples  which  had  been  heat  treated  for 
longer  times  and  higher  temperatures  revealed 
.some  important  differences.  Thus,  in  samples 
heat  treated  at  1100  °C  for  5  h,  dislocations  were 
more  commonly  seen  within  the  TiC  particles 
and  diffuse  diffraction  maxima,  which  were 
weaker  than  those  shown  in  Fig.  4,  were  occa- 
.sionally  observed. 

In  order  to  interpret  these  ob.servations,  dif¬ 
fraction  patterns,  EDX  and  EELS  spectra  were 
obtained  from  the  heavily  faulted  region  and  from 
the  two  regions  within  the  TiC  particles.  The 
EDX  data  show  that  the  niobium  content  of  the 
small-grained,  faulted  region  adjacent  to  the  TiC 
is  significantly  lower  than  that  in  the  matrix. 
Figure  6  shows  spectra  obtained  from  these  two 
regions,  which  have  been  normalized  to  the  same 
titanium  count,  and  it  i.s  obvious  that  there  is  a 
change  in  the  NbL:AlK  intensity  ratio  in  the 
interface  phase  from  a  value  of  about  1:1  in  the 
matri.x  to  about  1 .2  in  the  faulted  interface  phase. 
Anal)  sis  using  EELS  and  using  a  thin  vvindovv 
detector  ^vvliich  allow  the  presence  of  light  ele¬ 
ments  to  be  detected/  has  also  been  carried  out 
«i\i  a  t)pical  CELS  spectrum  obtained  from  this 


l-’ig.  5.  Transmission  olcciron  nncroiiraphs  of  a  I  iC’  panicle 
\Mlhin  ihc  li24AlllNb  I  iC  coinposilc  '.luminc;  .o  the 
presence  f  the  faulted,  fine  jirained  phase  arouiuT  the  I'lC 
and  hi  innulus  around  the  TiC  which  shows  sliehiK 
different  contrast  from  the  center. 


piiase  i.s  .shown  in  Fig.  7  where  it  can  be  .seen  tliai 
lliere  i.s  detectable  carbon  present.  Diffraction 
analysis  of  this  phase  shows  [4]  that  it  has  ;i  lattice 
parameter  of  about  4. I.s  A  and  a  space  grttiip  of 
Pm7>m.  These  facts,  taken  in  conjunction  with  the 
analytical  data,  confirm  that  the  pli.isc  formeel  in 


I  It:  1  An  l•.i{I..S  spectrum  ohi.uncd  usinj;  .1  thin  window 
elclcelor  from  the  f.lllhcd  ph.isc  .idj.leelll  to  the  1  it  p.irlleles 
in  I  i24AI  1 1  Nh  I  iC  composite.  Note  the  presence  of 
ctirhon. 


the  region  between  the  TiC  and  the  matri.x  i.s 
Ti-,(AINbiC.  a  pltase  based  on  the  Ti-AIC 
pha.se  |.s|. 

The  change  in  contrast,  seen  in  Fig.  .s  within 
the  TiC  particles.  h;ts  been  investigated  using 
analytical  electron  micioscopt  and  it  has  been 
found  that  Iheie  is  a  significant  .tmount  ttf  nio¬ 
bium  within  these  annular  regions  in  the  original 
TiC  particles  for  samples  heat  tretiletl  at  1 000  X’. 
I'br  samples  heat  irealed  at  I  100  X'  tmd  higher 
iheie  is  detect.ible  Nb  thioughout  the  I  i(  pai- 
ticles  and  pait  of  two  FDX  spectia  taken  fiom 
the  centei  <ind  the  peiimetei  of  .t  I  iC  pat  tide  ate 
shown  in  Fig.  8.  These  ha\e  been  noimali/ed  to 
the  same  lilanium  eouni  ,iik1  it  is  ele.ti  dial  theie 
is  mole  niobium  m  die  .imuiliis  than  in  the  eeiitei 
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Fig.  8.  Part  of  two  EDX  spectra  obtained  from  the  annu¬ 
lus  and  from  the  center  of  a  TiC  particle  within  the 
Ti24An  INb-TiC  composite,  normalized  to  the  same 
titanium  count  showing  niobium  is  present  throughout  the 
particle  but  at  a  ■’’gher  concentration  in  the  annulus. 


but  that  there  is  a  significant  niobium  content 
throughout. 

It  has  not  been  possible  to  quantify  the  carbon 
content  across  the  TiC  particles  using  EDX  and 
EELS  and  on  this  basis  it  is  not  clear  whether 
there  is  some  depletion  of  carbon  within  the 
annulus.  Extra  diffraction  maxima  could  however 
occasionally  be  observed  within  the  annulus  and 
it  is  therefore  apparent  that  there  is  a  rim  of  car¬ 
bide  which  is  below  stoichiometry  in  these  par¬ 
ticles  as  was  found  in  the  Ti6A14V  composite. 

4.  Discussion  and  conclusions 

The  results  presented  above  show  clearly  that 
the  interaction  between  the  TiC  particulates  and 
the  Ti6A14V  matrix  is  less  extensive  than  that 
between  the  TiC  and  the  Ti24AlllNb  matrix. 
The  interpretation  of  the  observed  structures  is 
suggested  by  the  observations  made  on  the 
quenched  Ti6A14V  samples.  Thus,  the  fact  that 
there  is  a  zone  denuded  of  carbon  around  the 
center  of  each  TiC  particle,  and  that  the  size  of 
this  zone  is  smaller  in  samples  which  have  been 
slowly  cooled,  suggests  that  at  the  heat  treatment 
temperature  there  is  a  state  of  quasi-equilibrium 
both  between  the  stoichiometric  center  of  the 
TiC  particle  and  the  annulus  (which  is  non- 
stoichiometric;  and  between  this  non-stoichio- 
metric  annulus  and  the  matrix  (which  would  be 
expected  to  be  saturated  with  carbon). 

The  true  equilibrium  would  consist  of  a 
uniform  non-stoichiometric  TiC  particle  and  a 
saturated  solution  of  carbon  in  the  titanium 


matrix,  but  for  this  condition  to  be  achieved  it 
would  be  necessary  for  the  carbon  from  the 
center  to  diffuse  through  the  annulus  and  this 
would  take  a  very  long  time  to  occur.  Instead,  the 
composite  remains  in  this  metastable  state  for  the 
annealing  times  used  and,  if  it  is  cooled  slowly, 
much  of  the  carbon  apparently  redeposits  on  the 
TiC,  so  reducing  the  width  of  the  non-stoichio¬ 
metric  annulus.  In  the  case  of  the  quenched 
sample,  this  redeposition  cannot  occur  to  the 
same  extent  and  wider  annuli  are  observed.  The 
solid  solubility  of  carbon  in  titanium  does  not 
decrease  significantly  until  about  600  °C  and  the 
fact  that  there  is  a  relatively  wide  non-stoichio¬ 
metric  zone,  even  in  slowly  cooled  samples,  pre¬ 
sumably  reflects  the  limited  temperature  range 
over  which  there  is  a  significant  driving  force  for 
reprecipitation  of  the  carbon. 

On  this  basis  the  apparent  lack  of  interaction 
betw'een  the  TiC  and  the  Ti6A14V  matrix  simply 
reflects  the  fact  that  the  diffusion  of  carbon  from 
the  TiC  is  reversible  in  this  alloy  and  the  amount 
of  carbon  left  in  solution  (which  cannot  be 
detected  with  the  techniques  used  in  the  present 
work)  is  insufficient  to  causv  any  significant 
change  in  microstructure. 

If  the  situation  in  the  Ti24AlllNb  matrix  is 
now  considered  in  the  light  of  the  above  discus¬ 
sion,  the  reason  for  the  change  in  microstructure 
is  that  the  carbon,  which  does  diffuse  into  the 
matrix,  cannot  easily  redeposit  since  it  forms  a 
stable  compound,  Ti3(AlNb)C.  This  compound 
would  be  expected  to  form  at  the  heat  treatment 
temperatures  [5]  and  to  remain  as  a  stable  phase 
even  during  the  relatively  slow  cool.  The  carbon 
thus  gets  trapped  in  a  potential  well,  and  there  is 
therefore  evidence  remaining  in  the  .structure  at 
room  temperature  that  the  carbon  from  the  TiC 
did  diffuse  into  the  matrix  during  the  high  tem¬ 
perature  treatment.  In  addition  there  is  clearly  a 
driving  force  for  the  niobium  in  the  matrix  to  dis¬ 
solve  in  the  TiC  .so  forming  a  solid  solution, 
where  the  activity  of  the  niobium  is  reduced 
below  that  of  .  the  niobium  in  the  matrix.  The 
structure  which  has  been  observed  after  high  tem¬ 
perature  heat  treatment  thus  consists  of  (TiNb)C 
particles  surrounded  by  Ti^v'NbAljC  within  the 
matrix  of  Ti24All  INb. 

The  above  discussion  points  the  way  to  limit 
the  extent  of  any  interaction  zone  in  titanium- 
based  composites.  Thus  it  is  likely  that  there  will 
be  an  interaction  between  most  particulates  or 
fibers,  when  they  are  heated  in  contact  with  tita- 
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hiuih,  but  the  influence  on  the  final  microstruc- 
fure  will  tend  to  be  smaller  if  the  reaction  is 
reversible  with  temperature.  Some  interaction  is 
of.  course  necessary,  ir.  order  to  obtain  a  good 
bond  between  the  particulate  or  fiber  and  the  tita¬ 
nium  matrix,  and  it  seems  that  a  material  such  as 
TiG,  which  has  comparable  elastic  properties 
with  those  of  SiC,  possesses  appropriate  stability 
in  some  titanium  alloys. 

Further  work  is  underway  to  assess  the  in¬ 
fluence  of  these  interfacial  reaction  products  on 
the  mechanical  properties  of  these  composites. 
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Abstract 

This  article  evaluates  the  current  understanding 
of  relationships  between  microstructure  and 
mechanical  properties  in  ceramics  reinforced  with 
aligned  fibers.  Emphasis  is  placed  on  definition  of 
the  micromechanical  properties  of  the  interface 
that  govern  the  composite  toughness.  Issues  such 
as  the  debond  and  sliding  resistance  of  the  inter¬ 
face  are  discussed  based  on  micromechanics 
calculations  and  experiments  conducted  on  both 
model  composites  and  actual  composites. 

1.  Introduction 

Practical  ceramic  matrix  composites  reinforced 
with  continuous  fibers  exhibit  important  failure 
and/or  damage  behaviors  in  mode  I,  mode  II  and 
mbced  mode  I-II,  as  well  as  in  compression.  The 
failure  sequence  depends  on  whether  the  rein¬ 
forcement  is  uniaxial  or  multiaxial  and  whether 
woven  or  laminated  architectures  are  used. 
However,  the  underlying  failure  p'^ocesses  are 
fully  illustrated  by  the  behavior  of  uniaxially  rein¬ 
forced  systems.  The  basic  features  are  sketched  in 
Fig.  1.  The  indention  of  the  present  article  is  to 
provide  an  assessment  of  relationships  between 
the  propel  ties  of  the  constituents  (fiber,  matrbt, 
interface)  and  the  overall  mechanical  perform¬ 
ance  of  the  composite.  At  the  outset,  it  is  recog¬ 
nized  that  the  composite  properties  are 
dominated  by  the  interface,  such  that  upper 
bounds  must  be  placed  on  the  interface  debond 
and  sliding  resistance  in  order  to  have  a  com¬ 
posite  with  attractive  mechanical  properties.  A 
major  emphasis  of  the  article  thus  concerns  tks 
definition  of  optimum  properties  for  coatings  and 
interphases  between  the  fibers  and  the  matrix. 


•Paper  presented  at  the  symposium  on  Interfaeial  Phe¬ 
nomena  in  Composites.  Processing,  Characterization,  and 
Mechanical  Properties,  Newport,  RI,  June  1-3, 1988. 


subject  to  high  temperature  stability  and  integrity. 
Residual  stresses  in  the  composite  caused  by 
thermal  expansion  differences  are  also  very 
important  and  are  confronted  throughout. 

The  strong  dependence  of  ceramic  matrix 
composite  properties  on  the  mechanical  pro¬ 
perties  of  the  interface  generally  demands  con¬ 
sideration  of  fiber  coatings  and/or  reaction 
product  layers,  at  least  for  high  temperature  use. 
Tiius,  while  composites  fabricated  using  low  tem¬ 
perature  matrbe  infiltration  procedures,  such  as 
chemical  vapor  infiltration  (CVI),  can  create 
composites  that  exhibit  limited  interface  bonding 
and,  therefore,  have  acceptable  ambient  tempera¬ 
ture  properties,  experience  indicates  that 
moderate  temperature  exposure  causes  diffusion, 
coupled  with  the  ingress  of  oxygen,  nitrogen  etc., 
from  the  environment,  resulting  in  chemical 
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bonding  across  the  interface.  The  resultant  inter¬ 
phase  consisting  of  oxides,  nitrides,  carbides 
(either  separately  or  in  combination)  invariably 
have  sufficiently  high  fracture  resistance  that 
desirable  composite  properties  are  not  retained. 
Consequently,  a  major  objective  of  this  article 
and  of  continuing  research  on  ceramic  matrix 
composites  is  the  identification  of  interphases 
that  are  both  stable  at  high  temperature  and  bond 
poorly  to  either  the  fiber  or  the  matrix.  Certain 
refractory  metals  and  intermetallics  seem  to  have 
these  attributes,  as  elaborated  in  the  following 
chapters. 

The  basic  philosophy  of  this  article  is  that  the 
overall  mechanical  behavior  is  sufficiently 
complex  and  involves  a  sufficiently  large  number 
of  independent  variables  that  empiricism  is  an 
inefficient  approach  to  microstructure  optimiza¬ 
tion.  Instead,  optimization  only  becomes  practical 
when  each  of  the  important  damage  and  failure 
modes  has  been  described  by  a  rigorous  model, 
validated  by  experiment,  "i  ue  coupling  between 
experiment  and  theory  is  thus  a  prevalent  theme. 
It  is  also  noted  that  this  objective  can  only  be 
realized  if  the  models  are  based  on  homogenized 
properties  that  describe  representative  composite 
elements,  while  also  taking  into  account  the 
constituent  properties  of  the  fibers,  matrix  and 
interface.  Models  that  attempt  to  discretize 
microstructural  details  have  little  merit  in  the 
context  of  the  above  objective.  In  this  regard,  the 
present  philosophy  is  analogous  to  that  used  suc¬ 
cessfully  to  describe  process  zone  phenomena 
such  as  transformation  and  microcrack  toughen¬ 
ing  [10,  16,  22,  11,  4]  as  well  as  ductile  fracture 
[15,  201  wherein  the  behavior  of  individual 
particles,  dislocations,  etc.,  provides  input  to  the 
derivation  of  constitutive  pro  ■'erties  that  describe 
the  continuum  behavior. 

The  behavior  of  the  composite  is  intimately 
coupled  to  some  basic  features  of  crack  propaga¬ 
tion  and  sliding  along  interfaces.  Indeed,  the 
response  of  the  composite  can  be  simulated  by 
studying  interface  responses  in  judiciously 
selected  test  specimens.  The  basic  mechanics  and 
the  implications  of  tests  used  to  study  interface 
debonding  and  .'.liding  are  presented  first.  The 
characteristics  of  the  damage  and  fracture  pro¬ 
cesses  that  occur  in  each  of  the  important  modes 
depicted  in  Fig.  1  are  then  described.  Finally, 
implications  for  the  choice  of  matrices,  fibers  and 
coatings  that  provide  good  mechanical  properties 
are  discussed. 


2.  Interface  debonding  and  sliding 


2. 1.  Mechanics  of  interface  cracks 

Interface  debonding  in  ceramic  matrix  com¬ 
posites  0  s  both  at  the  matrix  crack  front  and 
in  the  cr?  vvake  (Fig.  2).  Both  processes  are 
mixed  mode.  Furthermore,  debond  cracks 
typically  occur  between  materials  (fiber,  matrix, 
coating)  having  quite  different  elastic  properties. 
The  requisite  mechanics  thus  concern  cracks  on 
bimaterial  interfaces,  resulting  in  a  more  complex 
fracture  mechanics  formulism  than  the  familiar 
stress  intensity  factors  used  in  elastically  homo¬ 
geneous  systems.  The  additional  features  that 
need  to  be  introduced  when  considering  interface 
cracks  derive  from  the  fact  that  the  mixity  of 
opening  and  shearing  of  the  surface  depends  on 
the  modulus  mismatch  and  on  the  crack  length,  as 
well  as  on  the  mode  of  loading.  Consequently,  the 
debond  resistance  of  a  bimaterial  interface  must 
always  be  characterized  by  two  parameters:  the 
critical  strain  energy  release  rate,  and  the 
phase  angle  of  loading  xp,.  The  latter  quantity  is 
somewhat  dependent  on  the  choice  of  units,  for 
reasons  elaborated  elsewhere  [21].  However,  this 
presents  no  difficulty,  provided  that  a  consistent 
choice  is  made.  The  strain  energy  release  rate,  J?, 
and  the  phase  angle  can  be  calculated  for  any 
problem  of  interest  and  can  be  expressed  in  terms 
of  the  applied  loads,  specimen  dimensions  and 
debond  length. 

The  basic  relationship  used  to  calculate  ^  and 
xp  can  be  defined  with  reference  to  Fig.  3.  The 
phase  angle  is  related  to  the  angle  of  rotation  ^  of 
the  crack  surface  as  the  crack  opens  by  [2 1 , 7] 


,  Inr,  [l-b) 

xp  =  Q - In  - — 
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Fig.  2.  A  schematic  illu.strnting  the  initial  debonding  of  fibers 
at  the  crack  front  and  fiber  debonding  in  the  crack  wake. 
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(D  £3.1^2  0  =  tan"''  (v/u) 

Fig.  3.  The  displacement  of  the  surface  of  a  erack  at  a 
bimaterial  interface  indicating  tlte  shear  and  opening  dis¬ 
placement  that  accompany  it. 

with  b  being  one  of  the  Dundurs’  parameters  [8] 
(fland  b): 

_Gi(1-v,)-G2(1-Vi) 

Gi(l“  V2)  +  G2(1  ”  v^) 

lG,(l-2v2)-G2(i-2v,) 

2  G,(1-V2)  +  G2(1-v,)  ^  ^ 

G  is  the  shear  modulus,  v  is  Poisson’s  ratio  and  r 
is  the  distance  from  the  crack  front.  The  energy 
release  rate  is  also  related  to  the  crack  surface 
displacements  [21,7]. 

2.2  Debonding  mechanics 
Debonding  solutions  are  required  for  axisym- 
metric  loading,  representative  of  the  debonding 
of  fibers  (Fig.  2),  as  well  as  for  planar  cracks  char¬ 
acteristic  of  macroscopic  delamination  (Fig.  1).  In 
both  cases,  and  are  strongly  influenced  by 
the  residual  stress.  Furthermore,  when  the  phase 
angle  becomes  large,  t^-»;r/2,  frictional  sliding 
and  crack  surface  locking  effects  become  impor¬ 
tant  [12].  A  comprehensive  set  of  solutions  that 
fully  encompass  the  spectrum  of  residual  stress 
and  of  frictional  sliding  relevant  to  composites 
does  not  yet  exist.  The  known  solutions  are 
described  below. 

Axisymmetric  solutions  exist  for  composites 
with  interfaces  subject  to  residual  radial  tension, 
wher'^in  a  net  crack  opening  exists  for  the  full 
range  of  applied  loads,  elastic  moduli  and  fiber 
volume  fractions  [6].  All  solutions  have  the 
general  features  that  S?  is  small,  but  non-zero, 
when  the  debond  length  is  zero  and  increases  to  a 
steady -state  value  when  the  debond  length  d 


exceeds  about  R.  Such  behavior  indicates  the 
insightful  bound  that  the  debond  must  extend 
without  limit  when  exceeds  at  the  appro¬ 
priate  i/»i  which  is  typically  large,  indicative  of  a 
large  ratio  of  shear  to  opening. 

Rigorous  axisyminetric  solutions  for  interfaces 
subject  to  residual  radial  compression  have  not 
been  derived.  However,  some  approximate  solu¬ 
tions  based  on  a  modified  shear  lag  approach  are 
insightful  [24].  This  approach  has  merit  when  the 
friction  coefficient  p  is  small  (/r^O.2).  For  this 
case,  crack  opening  does  not  occur  until  /  reaches 
a  critical  value  4  given  by 

tJEh=llv  (3) 

where  E  is  Young’s  modulus. 

For  t  >  4,  steady  state  obtains  for  long  debonds. 
For  /<4,  the  debond  crack  is  subject  to  normal 
compression  and  diminishes  with  increase 
in  debond  length,  d,  representative  of  stable 
debonds.  The  S?  in  this  instance  is  strictly  mode  II 
and  debonding  should  thus  be  predicted  by 
equating  ‘S  to  ‘3-^,.  at  ip  =  nl2.  Such  predictions 
have  not  been  attempted.  However,  it  is  insightful 
to  note  that,  for  “weak”  interfaces  ( 3-,^  <?  3^^,  the 
debond  length  and  the  slip  length,  /,  are  nkely  to 
be  closely  related,  with  /  given  by  [24] 

/.  F{(l-/)(l-2v)  +  I  +  /} 

R~  2/r(I-/)(l-vF) 

where 

F={t-pWe 

For  the  plane  delamination  problem  depicted 
in  Fig.  I,  a  comprehensive  analysis  exists  [25]. 
The  results  indicate  that  initial  debonding  along 
the  interface  is  expected,  provided  that  K  at 
xjj-jiJ-i  is  less  than  the  critical  strain  energy 
release  rate  for  the  fiber,  3,,.,  by  the  ratio  that 
depends  somewhat  on  the  elastic  properties  for 
fiber  and  matrix.  For  the  elastically  homogeneous 
case,  debonding  occurs  in  preference  to  fiber 
failure  when 

i^ic/^fc^l/4  (5) 

Furthei  crack  front  debonding  is  not  addressed 
by  this  solution.  Useful  insights  concerning  this 
debonding  problem  can  be  gain..J  by  interpolat¬ 
ing  between  the  above  mixed  mode  solution  and 
that  for  long,  cylindrical  debonds  in  the  crack  tip 
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Fig.  4.  The  energy  release  rate  for  crack  from  clebonding. 


field  [3]  (Fig.  4).  The  latter  solution  indicates  that 
debond  lengths  substantially  larger  than  the  fiber 
diameter  require  very  small  values  of  at  the 
interface  compared  with  that  of  the  matrix  crack 
front,  as  given  approximately  by 

(6) 

Extensive  crack  front  debonding  thus  appears 
unlikely  in  the  absence  of  residual  stress,  even 
when  is  quite  small.  This  conclusion  about 
crack  front  debonding  is  substantially  changed 
when  residual  stress  exists  [7]. 

Initiation  of  debonding  is  a  necessary  but  not 
sufficient  condition  for  good  composite  pro¬ 
perties.  It  is  also  required  that  the  debond  crack 
remain  in  the  interface  and  not  kink  into  the  fiber 
to  cause  premature  fiber  rupture,  either  along  the 
crack  front  or  in  the  crack  wake.  Analysis  of  this 
problem  [13]  indicates  that  kinking  out  of  the 
interface  is  not  expected  when  eqn.  (5)  is  satisfied. 

2.3.  The  interface  fracture  resistance 
The  preceding  mechanics  provide  the  essential 
background  needed  for  the  measurement  of 
debond  resistances  relevant  to  composite  per¬ 
formance.  Three  basic  test  methods  ha\e  been 
identified  [7,  12]:  compact  tension  tests,  flexural 
tests  and  pull-out  tests.  The  first  provides  data  for 
“  0,  the  last  for  ip  ~  Ttjl  and  the  flexural  test  for 
Ip  ~  7tl4.  Critical  aspects  of  interface  fracture  test¬ 
ing  concern  the  initial  introduction  of  a  well- 
defined  debond  crack  and  measurement  of  the 
residual  stress.  Another  important  testing  issue 
concerns  friction  at  the  loading  points  [5].  A 
procedure  that  takes  frictional  effects  into 


account  based  on  measurements  of  the  hysteresis 
in  loading  and  unloading  compliance  has  been 
developed  and  validated.  These  rigorous 
demands  on  the  testing  needed  to  generate  valid 
S^iciipi)  data,  have  limited  the  extent  of  available 
results.  Preliminary  results  indicate  that  tends 
to  increase  with  increase  in  ip„  especially  as 
ip^-*7ill,  and  furthermore,  that  the  rate  of 
increase  depends  on  the  morphology  of  the  frac¬ 
ture  interface  [12].  Specifically,  rough  fracture 
interfaces  cause  to  increase  more  rapidly  with 
increase  in  ip-^.  Analysis  of  this  phenomenon  [12] 
has  attributed  this  trend  to  the  sliding  and  locking 
of  crack  surface  asperities  that  make  contact  at 
large  phase  angles.  The  material  parameter  that 
governs  the  magnitude  of  the  above  effect  is  [12] 


EH~ 


(7) 


where  H  is  the  amplitude  and  L  the  wavelength 
of  undulations  on  the  fracture  interface  and  's 
the  intrinsic  fracture  resistance  of  the  interface. 
Specifically,  large  %  results  in  the  greatest  effects 
on  ^ijiipi).  The  quantity  x  is  a  measure  of  the 
length  of  the  contact  zone,  which  increases  as 
either  //increases  or  decreases. 

The  magnitude  of  HFq  is  clearly  influenced  by 
the  presence  of  interphases,  the  atomistic  struc¬ 
ture  of  the  interface,  etc.  However,  as  yet,  residual 
stress  and  morphological  influences  have  not 
been  sufficiently  decoupled  to  explore  these  basic 
relationships.  Nevertheless,  preliminary  measure¬ 
ments  reveal  that  £^o  is  typically  quite  small  for 
oxides  bonded  to  refractory  metals  (niobium/,  to 
intermetallics  (TiAl)  and  to  noble  metals  (gold, 
platinum),  as  well  as  for  oxides  bonded  with 
inorganic  glasses  and  for  carbides  and  nitrides 
having  graphite  and  boron  nitride  interlayers. 


2.4.  Debornling  during  composite  fracture 

The  preceding  debonding  results,  while  still 
incomplete,  are  consistent  with  the  following 
sequence  of  events  during  matrix  crack  propaga¬ 
tion.  Initial  debonding  occurs  along  the  interface 
at  the  crack  front,  provided  that  (at 

ip  « .,v/  4)  s  4.  The  extent  of  debonding  is  typically 
small  when  residual  compression  exists  at  the 
interface,  but  can  be  extensive  when  the  interface 
is  in  residual  tension.  However,  more  import¬ 
antly,  further  debonding  is  induced  in  the  crack 
wake  [6].  The  extent  of  debonding  is  again 
governed  largely  by  the  residual  field.  Residual 


radial  tension  results  in  unstable  conditions  and 
encourages  extensive  debonding  [6].  Residual 
compression  causes  stable  debonding  [24],  with 
extent  determined  by  the  friction  coefficient  and 
morphology  of  the  debonded  interface.  Fracture 
of  the  fiber  by  kinking  of  the  debond  crack  into 
the  fiber  is  unlikely  [13].  Fiber  failure  and  pull¬ 
out  toughening  thus  appear  to  be  governed  by  the 
statistics  of  fiber  failure  [26]. 

The  above  sequence  indicates  that,  while 
debonding  is  a  prerequisite  for  high  toughness, 
the  properties  of  the  composite  are  not  otherwise 
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limited  by  the  extent  of  debonding.  The  basic 
fracture  requirement  for  the  interface  is  thus 

at  xj)-  .t/4.  Subject  to  this  requirement,  the 
sliding  resistance  of  the  debonded  interface  is 
the  most  important  interface  property,  as  elabo¬ 
rated  in  subsequent  sections. 

There  is  no  direct  experimental  validation  of 
the  preceding  hypothesis  for  ceramic  matrix  com¬ 
posites.  However,  various  observations  of  crack 
interactions  with  fibers  and  whiskers  are  sup¬ 
portive  of  the  general  features  [2, 29, 27].  In  parti¬ 
cular,  experiments  on  LAS/SiC  composites  reveal 
that  as-processed  materials  with  a  carbon  inter¬ 
layer  debond  readily  and  demonstrate  extensive 
pull-out  (Fig.  5),  whereas  composites  heat  treated 
in  air  to  create  a  continuous  Si02  layer  between 
the  matrix  and  fiber  exhibit  matrix  crack  exten¬ 
sion  through  the  fiber  without  debonding  (Fig.  6). 
Furthermore,  composites  with  a  thin  interface 
layer  of  Si02  having  a  partial  circumferential  gap 
exhibit  intermediate  pull-out  characteristics  (Fig. 
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Fig.  5.  Inlerfaces  and  pull-out  in  a  composite  consisting  of 
LAS  matrix  and  SiC  (Nicalon;  fibers,  as-proccsscd  indiCciting 
carbon  interlayer  and  extensive  pull-out. 
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Fig.  6.  I  leat  treated  in  an  for  1 6  )i  at  dOO  "C  indienting  a 
eompicte  SiO,  layer  and  no  pull-out. 
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7).  The  associated  constituent  properties  are 
summarized  in  Table  1.  Based  on  these  pro¬ 
perties,  the  preceding  arguments  would  indicate 
that  crack  front  debonding  should  not  occur 
when  a  complete  SiO,  layer  exists  at  the  interface; 
whereas,  appreciable  crack  front  debonding 
should  obtain  when  the  carbon  layer  is  present,  in 


Fig.  7  Heat  treated  in  air  for  4  It  at  800  °C  indicating  a 
partial  SiO,  layer  —  with  gap  —  and  variable  pull-out. 


TABLE  1  Constituent  properties  of  LAS/Nicalon 
composites 


E 

(GPa) 

, 

(Jm-2) 

a 

(K-') 

Fiber 

(Nicalon) 

200 

4-8’ 

4x10"'’ 

Mairix 

(LAS) 

85 

40 

1  X  lO  *’’ 

Interface 

Amorphous  carbon 

<!’’ 

_ 

Amorphous  SiO, 

80 

8 

1  X  lO-'- 

“Determined  from  fracture  mirror  radii. 

’’Determined  by  indentation:  takes  into  account  initial 
thermal  dcbonding(Fig.  5). 


complete  accordance  with  the  observations  [2, 
27].  The  composites  with  only  a  partial  Si02 
interface  layer  are  also  interesting.  For  these 
materials,  is  related  to  that  fraction  of  the 
circumference  that  bonds  the  fiber  to  the  matrix, 
typically  1/3  (Fig.7).  Reference  to  Table  1  and  to 
the  initial  debonding  requirement  (eqn.  (5))  would 
thus  indicate  that  debonding,  while  marginal,  is 
certainly  possible. 

25.  Pull-out 

An  integral  aspect  of  the  analysis  of  composite 
fracture  involves  consideration  of  fiber  failure 
and  of  subsequent  pull-out.  As  noted  above,  fiber 
failure  can  usually  be  described  using  concepts  of 
weakest  link  statistics  based  on  the  fiber  strength 
parameters  and  m  [26]  in  accordance  with  the 
frequency  distribution 

Jg(5)d5=(5/5J"’/A„  (8) 

where  m  is  the  shape  parameter  and  5o  and  Aq 
are  the  scale  parameters. 

The  locations  of  fiber  failure  that  govern  the 
pull-out  distributions  can,  in  principle,  be  deter¬ 
mined  from  the  stresses  on  the  fibers  ahead  of  the 
matrix  crack  and  in  the  crack  wake.  The  former 
analysis  has  not  been  attempted,  partly  because 
the  problem  is  complex  and  partly  because  of  a 
perception  that  fiber  failures  close  to  the  crack 
plane  that  cause  pull-out  are  most  likely  to  occur 
in  the  crack  wake,  following  the  debond  exten¬ 
sion  process.  However,  there  is  no  direct 
evidence  that  fiber  failure  ahead  of  the  matrix 
crack  can  be  neglected  in  ceramic  matrix  com¬ 
posites. 

While  it  is  important  to  be  aware  of  the  above 
uncertainties,  it  is  nevertheless  insightful  to  fully 
analyze  the  wake  failure  phenomenon.  Compari¬ 
sons  with  experimental  fiber  pull-out  data  then 
allow  assessment  of  the  hypothesis.  The  fiber 
failure  analysis  commences  with  the  basic  weak¬ 
est  link  description  of  failure.  Then,  by  incorpo¬ 
rating  an  axial  fiber  stress  distribution,  the  fiber 
failure  location.s  can  be  derived  [26].  Such  analy¬ 
sis  has  been  performed  for  composites  with  negli¬ 
gible  residual  stress  and  having  debonded 
interfaces  subject  to  a  coastant  sliding  stress  r. 
For  this  purpose,  the  fundamental  probability 
density  function  is  [26] 

5^(2, /)  (^  - 22r/R)"- ■  exp{  -  (t/r)"- 1 

(9) 
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where 

InR^  1 

and  z  is  the  distance  from  the  crack  plane.  Then, 
the  cumulative  probability  that  the  pull-out  length 
will  be  ^  h  is  [27] 

eo  h 

$(/z)=2j  Jf}(z,r)dzdr  (10) 

0  0 

Trends  in  cumulative  probability  are  plotted  on 
Fig.  8,  indicating  that  the  pull-out  lengths  are  in¬ 
versely  dependent  on  t  and  also  tend  to  increase 
as  ffi  decreases.  The  effects  of  residual  strain  on 
$(/j)  are  expected  to  be  substantial.  Preliminary 
estimates  suggest  that  the  pull-out  length  usually 
decreases  as  the  misfit  strain  e  increases,  when 
the  residual  stress  at  the  interface  is  compressive. 
However,  specific  trends  are  sensitive  to  m,  as 
well  as  to  the  friction  coefficient  p. 

Experimental  results  concerning  trends  in  the 
pulhout  distribution  with  interface  properties  [27] 
have  been  obtained  for  heat-treated  LAS/SiC 
composites,  having  the  features  described  in  the 
preceding  section.  The  results  reveal  that  as  the 
gap  caused  by  carbon  removal  is  filled  with  SiOj, 
the  pull-out  distribution  gradually  changes  (Fig. 
9).  In  particular,  the  median  length  decreases  and 
that  proportion  of  fibers  that  actually  pull  out 
exhibit  length  distributions  consistent  with  those 
predicted  by  the  above  weakest  link  fiber  failure 
analysis  (Fig.  9)  such  that  the  interface  r  increases 
by  about  an  order  of  magnitude  when  a  partial 
Si02  layer  replaces  carbon.  This  change  in  r 


Non-Olmensional  Pull-Out  Length  (2Th/aS) 

Fig.  8  Tlic  cumulative  pull-out  distribution  for  .several 
values  of  the  shape  parameter,  m. 


causes  a  dramatic  change  in  the  mechanical  pro¬ 
perties  of  the  composite,  as  elaborated  below. 

3.  Tensile  properties:  Mode  I  failure 

3.1.  Axial  stress-strain  behavior 
The  axial  tensile  properties  of  ceramic  matrix 
composites  are  strongly  influenced  by  the  relative 
debond  resistance  by  the  friction  coef¬ 

ficient  along  the  debonded  interface  p  and  by  the 
residual  strain,  s,  as  intimated  in  the  preceding 
section.  When  the  interface  is  in  residual  tension 
and  when  '.ffj  and  p  are  both  small,  as  exem¬ 
plified  by  carbon  interlayers  between  fiber  and 
matrix,  experience  [27,  18]  has  indicated  that  the 
tensile  stress-strain  behavior  illustrated  in  Fig. 
10(a)  is  obtained.  Three  features  of  this  curve  are 
important:  matrix  cracking  at  a  stress  Og,  fiber 
bundle  failure  at  and  the  pull-out  stress. 
Increases  in  either  or  p  cause  the 

stress-strain  curve  to  become  linear  [27]  (Fig. 
10(b)).  Furthermore,  the  ultimate  strength  then 
coincides  with  the  propagation  of  a  single 
dominant  crack  (albeit,  sometimes  with  a  desir¬ 
able  “tail”  caused  by  delamination).  Composites 
having  this  macroscopic  characteristic  exhibit 
properties  governed  by  a  fracture  resistance 
curve.  The  individual  properties  within  each  of 


rig.  9,  Histugr,im.v  indivating  trends  in  pull-out  length  with 
hent  treatment. 
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b)  ’  ‘Brittle'  Composite 
.1 

Fig.  10.  Tensile  stress-strain  curves  for  ceramic  matrix  com¬ 
posites:  (a)  small  small small  large /(. 

these  two  regimes  are  discussed  below,  as  well  as 
criteria  that  dictate  the  transition  between 
regimes. 

5.7.7.  Matrix  cracking 

The  stress  Og  at  which  matrix  cracking  occurs 
has  been  the  most  extensively  studied  behavior  in 
ceramic  matrix  composites  (2,  18,  1,  17].  For 
composites  in  which  q  is  tensile  and  the  interface 
properties  can  be  effectively  represented  by  a 
unique  sliding  stress,  r,  the  matrix  cracking  .stress 
is  given  by  [2] 

2oJ  ,  , 

E  \{l-f)E{E'”fR\  E"”  '  ' 

This  re.sult  is  independent  of  the  matrix  crack 
length  because  the  crack  is  bridged  by  fibers. 
Experiments  conducted  on  a  number  of  ceramic 
matrix  composites  have  validated  eqn.  (11]. 
When  the  interface  is  suojcct  to  residual  com 
pression,  r  depends  on  the  applied  stress  and 
the  solution  for  Og  is  m  ire  complex.  However,  to 
first  order,  r  may  be  simply  replaced  by  fiq.  At 


b)  Tensile  Testing 


Fig.  11.  (a)  A  load-unload  cycle  for  nanoindentation  of  a 
fiber,  (b)  C rack  opening  hysteresis  for  a  composite  with  intact 
fibers  revealing  the  trends  in  both  sliding  resistance  and 
residual  stress. 

Oo,  multiple  matrix  cracking  is  expected  [1]  and 
observed  [18]  with  a  saturation  crack  spacing  D 
in  the  range; 

a„Rl2fr<D<o,R/fr  (12) 

Experimental  observations  have  again  confirmed 
this  feature  of  matrix  cracking. 

The  most  crucial  aspects  of  the  above  inter¬ 
pretation  of  steady-state  cracking  and  of  behavior 
prediction  concern  determination  of  r  and  q  for 
actual  composite  systems.  Both  are  difficult  to 
measure.  Two  basic  approaches  have  been  used 
to  measure  the  iliJing  resistance  r.  indentation 
[19]  and  crack  opening  hysteresis  [18].  Both 
approaches  are  readily  applicable  when  and  r 
are  small.  The  former  method  is  most  insightful 
when  used  with  a  nanoindenter  .sy.stem,  where¬ 
upon  T  can  be  obtained  on  single  fibers  either 
from  a  push-through  force  on  thin  sections  or 
from  the  hysteresis  in  the  loading-unloading 
cycle  on  thick  sections  (Fig.  11(a)).  However,  this 
method  has  the  obvious  disadvantage  that  the 
fiber  is  in  axial  comprc.ssion  such  that  the  debond 
interface  is  also  compressed  during  the  test,  vv  ith 
attendant  changes  in  r.  Matrix  cracking  followed 
by  measurement  of  the  crack  opening  hysteresis 
(Fig.  11(b))  is  more  desirable,  when  feasible, 
because  the  fibers  arc  subject  to  axial  tensile  load- 
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ing.  However,  when  appreciable  fiber  failure 
accompanies  matrix  cracking,  erroneous  results 
also  obtain  for  this  method.  Both  approaches  give 
about  the  same  value  of  r  for  composites  having 
the  following  charar  -‘ristics:  tensile  residual 
strain  exists  at  the  interface  [17],  is  small 

and  T  is  small  (less  than  10  MPa).  Otherwise,  both 
approaches  are  problematic.  Consequently,  other 
approaches  applicable  to  composites  having 
larger  r  are  being  investigated.  One  of  these  is 
discussed  in  the  following  section. 


3.1.2.  The  ultimate  strength 
Following  multiple  matrix  cracking,  the  fibers 
are  subject  to  an  oscillating  stress  field  The  prob¬ 
ability  of  fiber  failure  within  such  a  stress  field 
subject  to  weakest  link  statistics  can  be  readily 
derived  [28].  However,  derivation  of  a  load 
maximum  requires  that  the  stress  r<..Jiitribution 
caused  by  the  fractured  fibers  be  modelled.  Such 
an  analysis  has  not  been  attempted.  Nevertheless, 
a  lower  bound  for  the  load  can  be  derived  by 
simply  allowing  failed  fibers  to  have  no  load 
bearing  ability.  Then,  a  modified  bundle  failure 
analysis  allows  the  ultimate  strength  to  be 


CTu  =fSexp 


{l-(l-rDlRSy"*'] 
{m  +  l){l-{l-rD0)"'} 


(13) 


where  and  m  are  the  statistical  parameters  that 
represent  the  fiber  st-ength  distribution  and 


{l-{l-xDIRSTV 


I 


wi;h  L  being  the  gauge  length.  In  the  one  com¬ 
posite  system  for  which  analysis  of  the  ultimate 
strength  has  been  performed  (LAS/SiC)  [27]  sur¬ 
prisingly  eqn.  (13)  agrees  quite  well  with 
measured  values. 

The  ultimate  strength  anticipated  from  the 
above  logic  is  expected  to  be  influenced  by  the 
residual  stress.  Specifically,  in  systems  for  which 
the  fiber  is  subject  to  residual  compression,  the 
axial  compression  should  suppress  fiber  failure 
and  elevate  the  ultimate  .strength  to  a  level  in 
excess  of  that  predicted  by  eqn.  (1 3). 

3.1.3.  Resistance  curves 

When  mode  I  failure  is  dominated  by  propaga¬ 
tion  of  a  single  dominant  matrix  crack,  accom¬ 
panied  by  fiber  failure  and  pull-out,  the 
mechanical  properties  are  characterized  by  a 


resistance  curve.  Analysis  of  this  phenomenon 
utilizes  the  distribution  of  fiber  failure  sites  deter¬ 
mined  in  the  pull-out  analysis  \Fig.  8).  From  such 
analysis,  the  mean  failure  length  of  all  fibers  that 
fail  at  stress  t  acting  on  the  fiber  between  the 
crack  surfaces  is  first  evaluated  [26].  Then,  by 
taking  into  account  the  reduced  stress  caused  by 
fiber  failure  and  knowing  the  associated  crack 
opening,  u,  the  total  stress  on  the  fibers  between 
the  crack  at  a  fixed  crack  opening  may  be  deter¬ 
mined  [26]  as  plotted  on  Fig.  12.  Several  features 
of  the  t{u)  curve  are  notable.  The  initial,  rising 
position  is  dominated  by  intact  fibers,  the  peak  is 
dominated  by  multiple  fiber  failures,  analogous  to 
bundle  failure,  and  the  tail  is  governed  by  pull¬ 
out.  The  role  of  the  shape  parameter,  m,  on 
these  features  is  particularly  interesting.  As  m 
decreases,  corresponding  to  a  broader  distribu¬ 
tion  of  fiber  strengths,  more  fibers  fail  further 
from  the  matrix  crack  (Fig.  8)  causing  the  extent 
ol  pull-out  to  substantially  increase. 

The  trends  in  /(/<)  directly  associate  with  the 
two  most  relevant  features  of  the  fracture  resis¬ 
tance  curves;  the  asymptotic  toughness  and  the 
slope  (or  tearing  modulus),  respectively.  The 
asymptotic  toughening  can  be  simply  derived 
from  the  J  integral  result, 

to 

AS?ss  =  2/Jr(«)d«  (14) 

0 

The  expressions  that  govern  the  trends  in  A^ss 
with  material  properties  are  unwieldy  in  form 
[26].  However,  inspection  reveals  that  A^ss 
always  increases  as  the  scale  parameter  Sq  in- 


Fig.  12.  Trends  in  non-dimensional  crack  opening  sircss,  t, 
wirt)  opening  n  for  .several  \  aloes  of  tile  .shape  parameter,  m. 
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creases,  thereby  estab,'i..hing  that  high  fiber 
strengths  are  in\ariably  desirable.  However,  the 
dependence  on  r  and  R  is  ambivalent.  The  essen¬ 
tial  details  are  highliglned  by  considering 
separately  the  bridging  and  pull-out  contributions 
to  the  toughness  integral.  The  bridging  com¬ 
ponent 

A'd^=4fTU/(m  +  l)  (15) 

where  U=T-RI4E’t{1  +  $)  is  proportional  to 
A  notable  feature  is  the  inver¬ 
sion  in  the  trend  so  that  r  occurs  at  in  =  2,  and 
R  at  in  =  5.  The  corresponding  pull-out  con¬ 
tribution  can  be  examined  bj  recognizing  that  the 
toughening  has  the  form 

A<dp^{li)-(TlR)  (16) 

which,  with  eqn.  (10)  for  h  indicates  a  tough¬ 
ness  proportional  to  The 

toughness  thus  increases  with  increasing  R  when 
in>5,  and  decreases  when  in <3.  Conversely,  it 
increases  with  increasing  r  when  in  is  very  small 
(less  than  or  equal  to  1),  and  decreases  when 
in>2.  These  limits  arise  because  of  the  compet¬ 
ing  importance  of  the  contribution  to  toughness 
from  the  intact  bridging  fibers  and  the  failed 
fibers  that  experience  pull-out.  Knowledge  of  the 
magnitude  of  the  statistical  shape  parameter,  in, 
for  the  fibers  within  the  composite  is  therefore  a 
prerequisite  to  optimizing  the  shear  properties  of 
the  interface  for  high  toughness. 

The  slope  of  the  resistance  curve  has  not  yet 
been  evaluated,  because  numerical  methods  are 
needed  to  determine  the  upper  limit  of  eqn.  (14), 
as  dictated  by  the  crack  opening  at  tlie  end  of  the 
bridging  zone. 

3. 1. 4.  Property  transition 

Non-linear  macroscopic  mechanical  behavior 
in  tension  is  most  desirable  for  structural 
purpo.ses  and  thus  analysis  of  the  transition 
between  this  regime  and  the  linear  regime  is 
important.  A  useful  preamble  involves  compar¬ 
ison  of  the  basic  trends  in  the  steady-state  matrix 
cracking  stress,  a„  (eqn.  (11)),  and  in  the  asymp¬ 
totic  fracture  resistance,  (eqn.  (14)).  The 
opposing  trends  with  r  suggest  the  existence  of  an 
optiinum  r  that  permits  good  matrix  cracking 
resistance  while  still  allowing  high  toughne.ss. 

More  specifically,  a  property  transition  is 
expected  when  the  matrix  cracking  strc.s.s  attains 
the  stress  needed  for  fiber  bundle  failure.  One 
bound  on  the  property  transition  can  be  obtained 


by  simply  allowing  o„  to  exceed  the  ultimate 
strength.  Then,  the  paiameter  B  which  governs 
the  transition  when  r  is  small  is 

B  =  rE'3^,JSjR  (17) 

Speviiically,  when  B  exceeds  a  critical  value, 
linear  behavior  initiates.  Experiments  on  heat- 
treated  LAS/SiC  composites  [27]  have  examined 
the  conditions  with  this  transition  (Fig.  13). 

3. 1.5.  Residual  stress 

Large  mismatches  in  thermal  expansion 
between  fiber  and  matrix  are  clearly  undesirable. 
In  particulai,  relatively  large  matrix  expansions, 
cause  premature  matrix  cracking  (eqn.  (11)).  Such 
behavior  is  not  necessarily  structurally  detri¬ 
mental,  but  concerns  regarding  thermal  fatigue, 
the  ingress  of  environmental  fluids,  etc.,  have  dis¬ 
couraged  the  development  of  materials  having 
these  characteristics.  Conversely,  very  small 
matrix  expansions  thermally  debond  the  fiber 
from  the  matrix.  When  sufficiently  extensive,  such 
debonding  results  in  axial  separations  that  negate 
the  influence  of  the  fibers.  Consequently,  values 
of  Aa^3x  10  '■‘’C" '  are  required.  Indeed, 
mode  I  axial  properties  subject  to  an  interface 
that  easily  debonds  and  slides  freely  along  the 
debond  involve  an  optimum  residual  stress,  with 
a  maximum  matrix  cracking  stres.s,  when  e  is 
positive,  given  >'v  [2] 

ojE=i{lp‘.y.JX2E'"R)'i^-  (18) 

where  A,  =  1  -  ( 1  -  EjE')!!. 


t-ig.  13.  bffccts  of  heal  ircaiinciu  on  ilic  sircsv-.sirain  be¬ 
havior  of  U\.S/.SiC  composiie.s. 
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When  £  is  negative,  asperities  on  the  debond 
surface  may  provide  a  discrete  sliding  stress,  r, 
that  depends  on  such  features  as  the  asperity 
amplitude.  For  such  cases,  the  optimum  residual 
strain  has  not  been  determined.  However,  it  is 
noted  that  good  properties  have  been  demons¬ 
trated  for  LAS/SiC  composites  having  an  expan 
sion  mismatch,  Aa«3x 

The  fjacture  resistance  is  also  influenced  by 
the  residual  stress.  However,  the  sign  and  magni¬ 
tude  of  the  change  in  toughness  induced  by 
residual  stress  depends  on  the  mechanisms  of 
interface  sliding  and  fiber  failure.  Subject  to 
adequate  debonding,  the  salient  result  for 
ceramics  reinforced  with  brittle  fibers  is  that 
is  unaffected  when  e  is  negative  and  the 
inteiface  is  characterized  by  an  unique  r,  whereas 
A^s3  usually  decreases  with  increase  in  e  when  e 
is  po.sitive  because  the  pull-out  lengths  decrease, 
as  apparent  when  t  is  equated  to 

3.2.  Transverse  failure 

The  transverse  strengths  of  high  toughness 
composites  are  generally  very  low.  There  have 
been  no  systematic  studies  of  this  property.  How¬ 
ever,  experimental  .studies  on  composite 
laminates  [23]  indicate  that  the  transverse  cracks 
typically  propagate  along  the  interface  layer  and 
through  the  matrix  between  neighboring  fibers. 
Furthermore,  because  the  interfaces  have  suf¬ 
ficiently  small  to  allow  debonding,  overall 
failure  is  preceded  by  interface  failure.  This 
process  is  assumed  to  occur  at  a  critical  stress,  o^, 
which  can  be  determined  in  a  manner  analogous 
to  that  for  the  steady-state  cracking  of  thin  films 
[14]  to  give 

a^^{2Ei2j7tRyi--q  (19) 

In  some  cases,  q  is  sufficiently  large  that  a‘^<0 
and  the  interfaces  debond  upon  cooling  (Fig.  5,. 

4.  Mixed  mode  failure 

4. 1.  Mode  II  failure  mechanisms 

Flexural  tests  performed  on  uniaxial  com¬ 
posites  reveal  that  a  shear  damage  mechanism 
exists  (Fig.  J)  [18,  23,  9]  and  that  such  damage 
often  initiates  at  quite  low  shear  stresses,  e.g, 
20  MPa  in  LAS/SiC.  The  damage  consists  of 
echelon  matrix  microcracks  inclined  at  about  ,1/4 
to  the  fiber  axis.  With  further  loading,  the  micro¬ 
cracks  coale.sce,  causing  matrix  material  to  be 
ejected  and  resulting  in  the  formation  of  a 


discrete  mode  11  crack.  The  crack  is  defined  by 
the  planar  zone  of  ejected  matrix.  The  crack  also 
has  a  microcrack  damage  zone  similar  to  that 
present  upon  crack  initiation. 

The  microcracks  that  govern  mode  II  failure 
are  presumably  caused  by  .-stress  concentrations 
in  the  matrix  and  form  normal  to  the  local  prin¬ 
cipal  tensile  stress,  but  then  deflect  parallel  to  the 
mode  II  plane  and  coalesce.  An  adequate  model 
that  incorporates  the  above  features  has  not  been 
developed.  Consequently,  the  underlying  pheno¬ 
mena  are  briefly  noted  without. elaboration.  The 
.stress  concentrations  in  the  matrix  have 
magnitude  governed  by  the  elastic  properties,  the 
fiber  spacing  and  the  interface  strength.  The 
growth  and  coalescence  of  the  microcracks  scales 
with  the  matrix  toughness  The  shear 

strength  seemingly  decreases  as  the  mode  I 
toughness  increases. 

4.2.  Delaminalion  cracking 

Delamination  is  a  common  damage  mode  in 
the  presence  of  notches  (Fig.  14).  Delamination 
cracks  nucleate  near  the  notch  base  and  extend 
stably.  The  fracture  resistance  is  found  to 
increase  with  crack  extension  and,  because  of  the 
large  phase  angle,  the  fracture  mechanism  is 
es.sentially  identical  to  that  noted  for  mode  11 
failure,  involving  matrix  microcracking  and  spall¬ 
ing.  The  existence  of  a  resistance  curve  is  attri¬ 
buted  to  intact  fibers  within  the  crack  that  resist 
the  displacement  of  the  crack  surfaces  and  thus 
shield  the  crack  tip  in  a  manner  analogous  to  fiber 
bridging  in  mode  I.  However,  explicit  analysis  has 
yet  to  be  conducted. 

5.  Microstructurc  design 

Many  of  the  microstructural  parameters  that 
control  the  overall  mechanical  properties  of 
ceramic  matrix  composites  are  now  known  and 
validated,  as  elaborated  in  the  preceding  sections. 
Consequently,  various  general  remarks  about 
microstructure  design  can  be  made.  However, 
important  aspects  of  damage  and  failure  arc 
incompletely  understood  because  there  have 
been  few  organized  .studies  of  failure  in  mode  11, 
mixed  mode  and  transvcr.se  mode  l.Tlie  remarks 
made  in  this  .section  thu.s  refer  primarily  to  axial 
mode  1  behavior  with  no  special  regard  to  atten 
dant  problems  in  other  loailing  modes. 

The  basic  micro.structural  parameters  that 
govern  mode  1  failure  are  the  relative  fiber- 
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Fig.  14.  Delamination  cracking  in  notched  flexure  tests. 


matrix  interface  debond  toughness,  the 

residual  strain,  e,  the  friction  coefficient  of  the 
debonded  interface,  fi,  the  statistical  parameters 
that  characterize  the  fiber  strength,  and  mi, 
the  matrix  toughness,  and  the  fiber  volume 
fraction  f.  The  prerequisite  for  high  toughness 
is  that  Subject  to  this  require¬ 

ment,  the  residual  strain  must  be  small 
(AaSSxlO"*^  “C"').  Furthermore,  the  friction 
coefficient  along  the  debonded  interface  should 
be  small  (/r^O.l).  The  ideal  fiber  properties  are 
those  that  encourage  large  pull-out  lengths,  as 
manifest  in  an  optimum  combination  of  a  high 
median  strength  (large  S^)  and  large  variability 
(small  Ml). 

The  above  conditions  can  be  satisfied,  in  prin¬ 
ciple,  by  creating  interphases  between  the  fiber 
and  matrix,  either  by  fiber  coating  or,  in  situ,  by 
segregation.  The  most  common  approach  is  the 
use  of  a  dual  coating:  the  inner  coating  satisfies 
the  above  debonding  and  sliding  requirements, 
while  the  outer  coating  provides  protection 
against  the  matrix  during  processing.  However, 
the  principal  challenge  is  to  identify  an  inner 
coating  that  has  the  requisite  mechanical  prop¬ 
erties  while  also  being  thermodynamically  stable 
in  air  at  elevated  temperatures.  Most  existing 
materials  have  either  carbon  or  boron  nitride  as 
the  debond  layer.  However,  both  materials  are 
prone  to  degradation  in  air  at  elevated  tempera¬ 
tures.  More  stable  alternatives  have  been  pro¬ 
posed  {e.g.  niobium,  molybdenum,  platinum, 
NbAl)  but  have  not  been  evaluated. 
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Appendix  A 1.  Notation 

a  linear  thermal  expan.sion  coefficient 

e  stress-free  strain  (AaAT):  positive 

refers  to  residual  compression 
normal  to  the  interface 
//  friction  coefficient 

V  Poisson's  ratio  of  composite 

^  coefficient 
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2 

ratio  of  Young’s  modulus  of  fiber  to 
matrix,  E^jE"'. 

^fc 

critical  strain  energy  release  rate  for 
the  fiber 

Oo 

matrix  cracking  stress 

critical  strain  energy  release  rate  for 

ultimate  strength 

the  matrix 

a*" 

stress  for  transverse  interface  failure 

intrinsic  critical  strain  energy  release 

T 

shear  resistance  of  interface  after 

rate  for  the  interface 

m 

debonding 

3^{Aa) 

increase  in  critical  strain  energy 

cumulative  pull-out  distribution 

release  rate  with  increase  in  crack 

<!> 

crack  surface  shear  angle 

length  Aa 

probability  density  function  for  fiber 

H 

amplitude  of  interface  roughness 

failure 

It 

pull-out  length 

X 

interface  fracture  parameter  =  £//-/ 

1 

slip  length 

L 

gauge  length 

V' 

phase  angle  of  loading 

m 

shape  parameter  for  fiber  strength 

a 

Dundurs’  parameter  = 

distribution 

1 

1 

1 

P 

residual  axial  stress  in  the  matrix 

{G,(1-V2)+G2(1-v,)) 

<7 

residual  compression  normal  to 

B 

Transition  parameter 

interface 

b 

Dundurs’  parameter = 

R 

fiber  radius 

{G,(1-2v2)-G2(1-2v,)}/ 

r 

distance  from  crack  front 

[2{G,(l-v2)-hG2(l-i',)}] 

S 

fiber  strength 

D 

matrbc  crack  spacing 

s„ 

scale  parameter  for  fiber  strength 

d 

debond  length 

distribution 

E 

Young's  modulus  of  composite 

T 

pull-out  parameter 

F 

non-dimensional  stress  =  (/-/7)/E^f 

t 

.stress  acting  on  fiber  between  crack 

f 

fiber  volume  fraction 

surfaces 

G 

shear  modulus 

U 

pull-out  parameter 

•3 

strain  energy  release  rate 

a 

crack  opening  displacement 

^ic 

critical  strain  energy  release  rate  for 

V 

crack  shear  displacement 

interface 

steady-state  strain  energy  release 
rate 

t 

distance  from  crack  plane 
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Abstract 

This  paper  presents  the  results  of  a  study  on  the 
effects  of  matrix  microstructure  and  particle  dis¬ 
tribution  on  the  fracture  of  an  aluminum  alloy 
metal  matrix  composite  containing  20%  by  volume 
SiC  particulate.  The  matrix  microstructure  was 
systematically  varied  by  heat  treating  to  either  an 
under-  or  over-aged  condition  of  equivalent 
strength,  and  was  characterized  using  a  combina¬ 
tion  of  techniques.  Quantitative  metallographic 
techniques  were  utilized  to  characterize  the  mater¬ 
ial  with  respect  to  size,  size  distribution,  and  par¬ 
ticle  clustering,  while  transmission  electron 
microscopy  iras  utilized  to  characterize  the  details 
of  the  matrix  microstructure  in  addition  to  the 
effects  of  aging  on  the  character  of  the  particlej 
matrix  interfaces.  Fracture  experiments  were 
conducted  on  smooth  tensile,  notched  bend,  short- 
rod  toughness,  and  on  specimens  designed  to 
permit  controlled  crack  propagation,  in  an  attempt 
to  detennine  the  effects  of  matrix  microstructurc 
and  clustered  regions  on  the  details  of  damage 
accumulation.  Large  effects  of  microstructure  on 
the  notched  properties  were  obtained  with  little 
effect  of  microstructure  on  tensile  ductility.  It  is 
shown  that  the  micromechanisms  of  fracture  are 
significantly  affected  by  the  details  of  the  matrix 
microstruciure,  interface  character,  and  degree  of 
clustering  in  the  material.  Fracture  of  the  SiC  was 
predominant  in  the  underaged  materials,  with  a 
preference  for  failure  in  the  matrix  and  near  the 
interface  in  the  overaged  material.  Metallographic 
and  fraclographic  analyses  revealed  that  clustered 
regions  were  preferred  sites  for  damage  initiation  in 
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both  the  aging  conditions  tested,  while  preliminary 
results  additionally  indicate  that  damage 
accumulation  ahead  of  a  propagating  crack  also 
tended  ,o  occur  in  clustered  regions. 

I.  Introduction 

Discontinuous  metal  matri.\  composites  based 
pn  aluminum  alloy  matrices  provide  a  number  of 
advantages  over  many  of  the  composite  systems 
currently  under  investigation.  In  general,  the 
properties  of  disconiinuously  reinforced  mater¬ 
ials  are  more  isotropic  than  those  of  continuously 
reinforced  materials.  The  ability  to  utilize  con¬ 
ventional  metalworking  processes  in  the  produc¬ 
tion  of  the  discontinuous  materials  adds  to  their 
appeal.  However,  despite  the  great  interest  in  this 
class  of  materials,  and  considerable  research  into 
the  effects  of  reinforcement  type  and  volume 
fraction  on  macroscopic  properties  such  as  stilf- 
ncs.s,  strength,  and  ductility,  fewer  studies  have 
systematically  e.\amined  the  effects  of  matriv 
microstructurc  on  the  details  (/.c.  micromecha¬ 
nisms)  of  fracture  in  these  materials.  In  particular, 
the  effects  of  the  matri.v  microstructurc  on  the 
fracture  properties  have  been  emphasized  in  only 
a  few  of  the  studies  (1-6).  The  present  work 
addrc.s.ses  the  ;s.sue  »f  the  effects  of  matri.v 
microstructurc  as  well  as  the  degree  of  panicle 
clustering  on  the  fracture  behavior  and  accumula¬ 
tion  of  damage  in  discontinuously  reinforced 
metal  matri.\  composites  based  on  a  7XXX  alu¬ 
minum  alloy  matri.>c,  and  represents  a  continua¬ 
tion  of  work  reported  previously  on  these  systems 
i2j.  Separate  reviews  of  the  effects  of  matri.K 
microstructurc  and  particle  distribution  on 
damage  processes  arc  summarized  below. 

Recent  researches  on  the  fracture  behavior  of 
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aluminum  matrix  composites  [1-10]  have 
revealed  that  fracture  is  often  macroscopically 
brittle  {Le.  low  fracture  strain)  while  SEM  fractog- 
raphy  has  revealed  that  the  fracture  surface  con¬ 
sists  of  microvoids  of  sizes  ranging  from  the 
submicron  to  tens  of  microns  [1-3,  6.  10].  The 
sources  of  thc^e  dimples  have  been  attributed  to 
either  fracture  or  decohesion  of  the  SiC  particles, 
as  well  as  inclusions,  precipitates,  and  grain 
boundanes.  Relatively  few  studies  have  focused 
on  t’'e  effects  of  matrix  microstmcture  on  the 
-iionot^nic  fracture  behavior  of  these  materials. 
One  effective  way  to  examine  the  effects  of 
microstructural  changes  on  fracture  of  these 
materials  is  to  perform  testing  on  specimens  heat 
treated  to  equivalent  strength  levels.  This  elimi¬ 
nates  the  complications  introduced  when  trying 
to  compare  materials  of  different  yielding 
behavior.  Recent  work  [2,  3]  has  indicated  that 
although  significant  changes  in  the  micromecha¬ 
nisms  of  fracture  may  accompany  changes  in  the 
ma!  ix  microstructure  at  an  equivalent  strength, 
thv.  uniaxial  tensile  ductility  was  relatively  un¬ 
affected.  However,  additional  work  revealed  that 
dramatic  char  's  in  the  notched  bend  toughness 
and  short  rod  fracture  toughness  were  obtained 
despite  the  similar  uniaxial  tensile  ductilities. 
Unfortunately,  the  low  macroscopic  ductilities 
exhibited  by  reinforced  materials  often  preclude 
an  investigation  into  the  effects  of  microstructure 
on  the  mechanisms  of  damage  accumulation, 
although  some  success  has  been  achieved  using 
bluntly  notched  testpieces  [2,  3].  In  the  present 
work,  the  matrbc  microstructure  will  be  varied 
independent  of  the  yield  strength. 

In  addition  to  the  importance  of  the  behavior 
of  the  matrix  microstructure  on  the  macroscopic 
fracture  properties  of  discontinuously  reinforced 
materials,  it  has  been  demonstrated  in  previous 
work  on  both  porous  materials  [11,  12]  and  in 
particle  hardened  materials  [13-16]  exhibiting 
some  degree  of  ductility  that  void  nucleation  and 
the  final  ductility  may  be  sensitive  to  boti;  the  size 
and  distribution  of  particles.  In  particular,  it  has 
been  suggested  that  local  volume  fraction  {i.c. 
clustering'  as  opposed  to  the  average  volume 
fraction  may  be  a  particularly  important  parame¬ 
ter  in  determining  the  fracture  of  materials  con¬ 
taining  dispersions  of  particles  at  high  volume 
percentages.  Recent  advances  in  techniques  for 
quantifying  microstructures  with  respect  to  the 
spatial  distribution  of  particles  or  porosity  may  be 
useful  in  the  analyses  of  the  fracture  behavior  of 


discontinuous  composites.  The  intention  of  the 
present  work  was  to  use  recently  available  quanti¬ 
tative  techniques  [17]  to  characterize  the  effects 
of  matrix  microstructure  on  mechanical  proper¬ 
ties  and  to  begin  to  quantify  the  effects  of  particle 
clustering  on  damage  accumulation  during  defor¬ 
mation  in  an  aluminum  alloy  reinforced  with  SiC 
particles.  Attention  to  the  effects  of  the  matrix 
microstructure  independent  of  the  yield  strength 
is  emphasized  in  this  work,  as  the  micromechan¬ 
isms  of  fracture  may  be  sensitively  affected  by  the 
details  of  the  matrix  microstructure.  This  work 
represents  recent  results  of  a  continuing  study  of 
matrbt  and  clustering  effects  on  a  number  of  com¬ 
posites  reinforced  with  different  size  and  volume 
percent  SiC  particulate. 

2.  Experimental  details 

2.1.  Materials  and  heat  treatments 

The  material  used  in  this  study  was  a  powder 
metallurgy  7XXX  aluminum  alloy,  designated 
ALCOA  MB78,  containing  7%Zn,  2%Mg, 
2%Cu,  0.14%Zr,  balance  Al,  and  was  reinforced 
with  20%  by  volume  of  F-600  grade  (average  size 
16  /tm)  SiC  produced  by  Norton  Co.  The  mater¬ 
ials  were  consolidated  by  sub-solidus  processing 
to  minimize  the  formation  of  coarse  intermetallic 
particles  during  hot  pressing.  The  product  form 
examined  was  a  1  in  x  3  in  bar  extruded  at  a  1 9 : 1 
extrusion  ratio.  Additional  processing  details  are 
provided  elsewhere  [2]. 

The  as-received  materials  were  solution  treated 
at  510°C/4h,  water  quenched,  and  artificially 
aged  to  the  under-  (i.e.  UA)  or  over-aged  {i.e. 
OA)  conditions  by  the  following  treatments;  UA, 
120  °C/30  min;  OA,  120  °C/24  h+  170  °C/30  h. 
In  addition  to  the  composite  material,  both 
wrought  and  P/M  control  materials  {i.e.  unrein¬ 
forced)  were  heat  treated  to  the  UA  and  OA 
conditions  using  similar  heat  treatments. 

2.2.  Microstructural  evaluation 

Quantification  of  the  microstructures  is  a  key 

component  in  understanding  the  behavior  of 
these  materials.  Initial  work  focused  on  the 
characterization  of  random  metallographic  sec¬ 
tions  of  the  composite.  For  this  work,  scanning 
electron  microscope  images  were  analyzed  using 
a  Zeiss  Videoplan  Image  Analyzer  in  order  to 
determine  the  particle  size  distribution  in  the 
extruded  and  heat  treated  product.  Subsequently, 
it  was  of  interest  to  examine  the  particle  size  and 
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spatial  distribution  characteristics  in  selected 
areas.  This  was  accomplished  by  using  micro¬ 
graphs  of  the  region  of  interest  and  analyzing 
these  images  with  the  IBAS  2000  system,  which  is 
capable  of  image  enhancement  and  quantitative 
data  acquisition.  For  each  particle  in  a  field  of 
view,  the  X  and  Y  coordinates  of  the  particle 
centroid,  particle  area,  aspect  ratio,  width,  length, 
and  angle  with  respect  to  the  ^iT-axis  were 
measured.  Approximately  10  fields  and  about 
300  particles  were  measured  for  each  matrix 
aging  condition. 

Of  specific  interest  in  this  work  was  the  rela¬ 
tionship  between  the  particle  size  and  spatial  dis¬ 
tribution  characteristics  on  the  accumulation  of 
damage  leading  to  fracture.  The  role  of  particle 
clustering  was  of  particular  interest.  The  data 
acquired  with  the  IBAS  2000  system  allow  the 
generation  of  the  Dirichlet  tesselation  [17]  for  the 
fields.  In  this  construction,  a  computer  algorithm 
is  employed  which  produces  a  space  filling  struc¬ 
ture  consisting  of  cells  of  matrix  surrounding  each 
particle.  The  cell  defines  that  region  of  the  matrbc 
closer  to  the  particular  particle  than  any  other. 
Recent  refinements  to  the  algorithm  enable  the 
current  program  to  deal  specifically  with  high 
volume  fraction  materials  containing  non-spheri- 
cal  particles.  The  ability  to  represent  the  particles 
as  ellipses  rather  than  circles  in  two  dimensions, 
and  the  ability  to  define  the  cell  boundaries  based 
on  the  particle  surfaces  rather  than  centers  has 
permitted  more  accurate  representations  of  the 
microstructures  to  be  constructed. 

The  tesselated  structure  allows  the  metallo- 
graphic  parameter  of  local  area  fraction  to  be 
defined  as  the  particle  area  divided  by  the  cell 
area.  In  addition,  the  neighbors  are  clearly 
defined  as  those  particles  with  cell  sides  in 
common  with  the  subject  particle,  and  the  mini¬ 
mum  interparticle  spacing  as  the  distance  to  the 
closest  of  the  neighbors.  These  additional  param¬ 
eters  available  from  the  Dirichlet  tesselation  con¬ 
struction  are  direct  measures  of  the  spatial 
distribution  of  particles,  and  are  particularly 
suited  for  direct  comparison  to  damage  accumu¬ 
lation  in  the  microstructure.  Figure  1  shows 
a  typical  microstructure,  its  image  enhanced 
version,  and  the  tesselated  version  of  the  micro¬ 
structure  where  the  particles  are  represented  as 
ellipses.  Not  all  particles  in  a  field  can  be  tesse¬ 
lated  due  to  the  need  to  have  all  sides  of  the  cell 
defined  by  other  particles.  Particles  near  the  outer 
portions  of  the  field  often  do  not  meet  this 


Fig.  1.  (a)  SEM  image  of  composite  microstructure,  (b) 
Computer  represemation  of  (a;,  ic)  I'essclatcd  microstructure 
of{a),(b). 
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condition.  Use  of  the  tesselated  structures  in  con¬ 
junction  with  the  mechanical  testing  work  is 
described  below. 

It  was  also  of  interest  to  investigate  the  micro- 
structures  of  the  different  matrix  aging  conditions 
at  higher  magnifications  to  elucidate  the  fracture 
micromechanisms.  Specimens  from  both  matrix 
aging  conditions  in  the  undeformed  state  were 
prepared  by  thinning  with  an  ion  miller  equipped 
with  a  cold  stage  and  subsequently  were  exam¬ 
ined  via  transmission  electron  microscopy 
(TEM).  Special  interest  was  directed  towards  the 
interface  and  nccr-ihterface  regions.  Deformed 
and  fractured  specimens  were  also  exi,mined  in 
the  THM  b>  taking  foils  from  directly  beneath  the 
fracture  surface. 

2.3.  Mechanical  testing 

Tensile  testing  was  performed  on  heat  treated 
specimens  machined  such  that  the  rolling  direc¬ 
tion  was  parallel  to  the  tensile  axis  on  an 
INSTRON  1125  Universal  Testing  Machine. 
Cylindrical  tensile  specimens  with  a  5.4  mm 
diameter  and  25.4  mm  gauge  length  were  tested 
at  strain  fates  of  0.00083  s~'  and  utilized  an 
extensometer  to  monitor  strain.  Data  including 
0.2%  offset  yield  strength,  UTS,  reduction  of  area 
(RA),  and  work  hardening  information  were 
obtained. 

Fracture  initiation  studies  were  conducted  on 
double-notched  four-point  bend  specimens  of  the 
geometry  shown  in  Fig.  2.  While  the  details  of 
these  specimens  have  been  described  elsewhere 
[2,  3,  18],  they  have  been  successfully  used  to 
identify  microstructural  features  responsible  for 
fracture  initiation  in  a  variety  of  materials.  While 
one  of  the  notches  typically  fails,  the  remaining 
notch  can  be  subsequently  sectioned  perpendicu- 


Fig  2  Desiyi  of  bluiU-notch  bend  bars.  Dimensions  in  mm. 
Specimen  thickness  =  12.7  mm. 


lar  to  the  notch  axis,  and  polished  to  reveal  the 
site(s)  of  fracture  initiation. 

In  addition  to  the  fracture  nucleation  studies, 
controlled  crack  propagation  studies  were  per¬ 
formed  on  specimens  designed  to  retard  the 
propagation  of  the  crack,  so  that  the  sequence  of 
damage  accumulation  could  be  determined. 
Figure  3  schematically  illustrates  the  specimen 
design,  which  is  a  modification  of  a  recent  design 
[19]  used  to  detail  the  sequence  of  events  in  the 
fracture  of  materials  which  fail  with  low  macro¬ 
scopic  ductility.  The  specimen  design  consists  of 
a  compact  tension  type  specimen  which  is 
machined  to  contain  the  composite  material  as 
well  as  a  backing  of  a  very  ductile  material.  The 
ductile  backing  material  provides  a  retarding 
effect  on  crack  propagation,  thereby  enabling  in- 
situ  monitoring  of  fracture  events  in  materials 
which  fail  with  low  macroscopic  ductility.  Frac¬ 
ture  was  monitored  using  a  video  camera  in 
conjunction  with  a  high  powered  optical  micro¬ 
scope  affixed  to  an  INSTRON  Model  1361  Test¬ 
ing  Machine.  Prior  to  mechanical  testing,  the 


Fig.  3.  (a)  Specimen  design  for  controlled  crack  propagiition 
studies.  Ductile  aluminum  backing  present  on  composite 
specimen,  {b/  Ductile  aluminum  layer  retards  crack  growth, 
permitting  iti-siiii  fracture  monitoring. 
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microstructure  in  the  notch  root  region  and 
below  were  tesselated  so  that  the  propensity  for 
damage  accumulation  in  locally  clustered  regions 
could  be  determined  at  the  conclusion  of  the 
experiment. 


2.4.  Quantitative fractography 
Fracture  surfaces  were  analyzed  using  a  JEOL 
35  SEM  equipped  with  a  PGT  Microanalysis 


b  SfaM  of  SIC  Particlos,  pim 

Fig.  4.  (a)  As-extruded  microstruciure  exhibiting  fractured 
SiC  (arrows),  (b)  Size  distribution  of  SiC  particles  in  as- 
extruded  material. 


System.  Analyses  of  the  fracture  surfaces  were 
performed  by  matching  surface  fractography,  as 
well  as  by  quantification  of  the  area  fraction  and 
particle  size  distributions  of  SiC  present  on  the 
fracture  surface.  Particular  attention  was  directed 
towards  examining  for  evidence  of  SiC  particu¬ 
late  cracking  vs.  decohesion,  as  well  as  to  the 
effects  of  matrix  temper  on  the  fracture  mor¬ 
phology. 

3.  Results 

3.1.  LJndeformed  microstnictures 

Figures  4(a)  and  4(b)  show  the  typical  micro¬ 
structures  and  size  distribution  of  SiC  in  the 
metallographic  sections  of  the  MB78  composites 
reinforced  with  20%  SiC  particulate.  As  shown  in 
previous  work  [2,  3],  fabrication  of  the  material 
containing  F-600  SiC  exhibited  extensive  crack¬ 
ing  of  the  SiC,  thereby  shifting  the  average  size 
and  size  distribution  from  that  of  the  as-blended 
powder  [i.e.  16  ,Mm)  to  that  where  the  average  size 
of  the  SiC  particulate  in  the  as-extruded  product 
is  -  3-4  ^m.  Figure  4(a)  illustrates  some  of  the 
fractured  particulate.  It  was  of  particular  interest 
in  the  present  work  to  determine  whether  these 
previously  fractured  SiC  particles  would  be  pref¬ 
erential  sites  for  damage  accumulation. 

Tables  1  and  2  present  the  quantitative  metal¬ 
lographic  data  for  selected  regions  of  the  UA  and 
OA  matrix  conditions,  respectively.  The  data  for 
all  of  the  about  300  particles  measured  reveal 
that  similar  values  of  area  fraction,  particle  area, 
and  aspect  ratio  for  the  two  matrix  aging  condi¬ 
tions  were  obtained  as  expected,  since  these 


TABLE  1  Quantitative  metallographic  data  UA  condition 


Field 

Number  of 
particles 

Area  fraction 

Minimum  spacing 

Farticle  area 

Aspect  ratio 

Mean 

S.D. 

il 

S.D. 

11 

S.D. 

Mean 

S.D. 

1 

9 

0.22 

0.11 

1.0 

0.8 

2 

9 

0.12 

0.09 

2.5 

2.4 

3 

12 

0.36 

0.17 

0.7 

0.5 

4 

6 

0.11 

0.09 

1.3 

3.0 

5 

7 

0.23 

0.16 

1.5 

1.5 

6 

16 

0.26 

0.15 

0.7 

0.7 

7 

16 

0.23 

0.13 

1.6 

1.2 

Total 

75 

0.23 

0.15 

1.3 

1.5 

Cells  on 

23 

0.24 

0.16 

1.5 

1.5 

28.9 

23.8 

0.46 

0.15 

crack  path 

Particles  on 

17 

0.29 

0.15 

1.2 

l.l 

35.7 

23.8 

0.49 

0.15 

crack  path 

All  particles 

337 

0.25 

0.05 

24.1 

23.8 

0.53 

0.19 

T^LE  2  Quantitative  mctallographic  data  OA  condition 


Number  of  Area  fraction 

particles  - 

Mean  S.D. 


Minimum  spacing 


Particle  area 


Aspect  ratio 


Mean  S.D.  Mean  S.D. 


features  should  not  be  influenced  by  aging  treat- 
me^rif. 

included  in  Tables  1  and  2  are  the  data  for  the 
about  100  particles  which  were  tesselated.  Com¬ 
parison  of  the  values  of  area  fraction,  particle 
area,  and  aspect  ratio  are  similar  to  those 
observed  for  all  of  the  measured  particles.  The 
higher  standard  deviation  of  the  area  fraction 
measurements  for  the  tesselated  particles  results 
from  the  fact  that  the  individual  local  area  frac¬ 
tion  for  each  particle  is  being  measured,  as  com¬ 
pared  to  the  field  averaged  value  reported  for  all 
particles.  This  higher  standard  deviation  reflects 
the  wide  range  in  local  area  fractions  which  is 
encountered  in  real  microstructures. 

TEM  of  the  as-extruded  composite  exhibited 
fractured  SiC  and  a  high  dislocation  density  at  the 
particle/matrix  interface  as  well  as  in  the  matrix, 
while  the  interfaces  were  well  bonded  {i.e.  no 
particle/matrix  voids)  to  the  matrix.  TEM  micro¬ 
graphs  of  the  UA  and  OA  microstructures  are 
shown  in  Figs.  5(a)  and  5(b).  Precipitates  were  not 
evident  either  in  the  matrix  or  at  the  SiC  particle/ 
matrix  interface  region  in  the  UA  material,  while 
the  OA  material  exhibited  precipitation  in  the 
matrix  as  well  as  at  the  particle/matrix  interfaces. 
The  particles  contained  Zn,  as  determined  by 
EDAX  analyses  on  the  TEM,  and  probably  rep¬ 
resent  the  MgZn2  precipitate. 

3.2.  Mechanical  properties 

Table  3  summarizes  the  mechanical  properties 
obtained  for  the  composite  materials.  Slightly 
lower  strengths  were  obtained  for  the  composites 


Fig  5  (a)  TEM  micrograph  of  UAmaicrial.(b)  TEM  niicro- 
graph  of  OA  material.  MgZn^  precipiiaie.s  present  at  SiC/ 
matrix  interface  (arrows). 
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in  comparison  to  the  control  material  as  noted  in 
other  recent  work  on  these  materials  [5],  while  an 
increased  modulus  and  decreased  ductility  were 
also  observed  for  the  composite  in  comparison  to 
the  control  material  [2].  The  effect  of  matrix 
microstructure  {i.e.  UA  vs.  OA)  on  the  macro¬ 
scopic  tensile  ductility  was  negligible,  while  the 
remaining  uniaxial  tensile  properties  were  simi¬ 
larly  negligibly  affected  by  the  drastic  changes  in 
microstructure  provided  by  the  UA  and  OA  heat 
treatments.  This  is  not  necessarily  a  general 
observation,  as  shown  in  previous  work  [1-6,  10] 
where  peak  aged  specimens  exhibited  significant 


TABLE  3  Uniaxial  tensile  properties 


Condi¬ 

tion 

a 

(MPa) 

UTS 

(MPa) 

n 

RA 

Area  fraction 
fractured  SiC  on 
fracture  surface 

UA 

390 

500 

0.16 

7.9% 

18% 

OA 

405 

480 

0.16 

7.3% 

11% 

reductions  in  ductility  in  comparison  to  either 
under-  oi  over-aged  materials.  However,  matching 
surface  fractography  performed  on  the  tensile 
fracture  surfaces  did  reveal  significant  effects  of 
the  matrix  temper  on  the  fracture  morphology  in 
the  present  work.  SiC  particle  cracking  was 
observed  in  the  UA  material  as  Fig.  6  illustrates, 
with  an  area  coverage  of  fractured  SiC  of  18%  on 
the  fracture  surface.  In  contrast,  the  OA  material 
shown  in  Fig.  7  exhibited  only  1 1%  of  the  surface 
covered  by  fractured  SiC,  and  a  predominance  of 
fracture  near  SiC/matrix  interfaces.  Unfortu¬ 
nately,  from  these  observations  alone,  it  is  not 
possible  to  determine  whether  the  particles  pres¬ 
ent  on  the  fracture  surface  were  already  fractured 
during  processing,  or  whether  they  fractured 
during  tensile  straining.  It  is  similarly  difficult  to 
determine  whether  fracture  is  occurring  along 
clustered  regions.  These  points  will  be  returned 
to  in  the  presentation  of  the  in-sitii  fracture 
studies  which  were  designed  to  address  these 


Fig.  6.  Matching  surface  fractograpli  for  UA  material.  Areas  a,  b,  c  contain  fractured  SiC. 


Fig.iS:- (a)  TEM  foil  taken  from^below  fracture  surface  in  UA  tensile  specimen.  Fractured  SiC  observed.  Arrows  indicate 
subsequent  failure  in  matrix,  (b)  TEM  foil  taken  from  below  fracture  surface  in  OA  specimen.  Void  nucleation  observed  at  and 
neafinferfaccs. 


issues.  TEM  foils  taken  from  below  the  tensile 
fracture  surfaces  in  both  UA  and  OA  materials 
similarly  reflected  the  changes  in  fracture  mode 
observed  on  the  fracture  surface,  with  particulate 
fracture  in  the  UA  condition  (cf.  Fig.  8(a))  and  a 
preference  for  fracture  near  the  SiC/matrix  inter- 
fece  in  the  OA  condition  {cf.  Fig.  8(b)).  Evidence 
of  void  nucleation  below  the  fracture  surface  using 
SEMrfechniques  was  not  obtained  in  most  of  the 
specimens.  Although  TEM  investigations  were 
successful  in  locating  initiation  of  fracture,  these 
were  similarly  difficult  to  detect. 

Despite  the  similarity  in  the  tensile  results  {i.e. 
yield  strength,  RA,  n)  for  the  UA  and  OA  speci¬ 
mens,  the  nominal  bending  stresses  at  fracture  in 
the  UA  material  were  significantly  greater  than 
those  of  the  OA  material.  Values  for  a^^joy  of  the 
UA  material  ranged  from  1.4 -1.7  as  compared  to 
0.9  for  the  OA  material.  The  details  of  fracture 
initiation  were  studied  by  sectioning  the  second 
notch  in  the  double-notched  specimens  [2,  18], 
while  fracture  toughness  data  were  obtained  on 
short-rod  specimens  [2].  Short-rod  toughness 
data  are  shown  in  Fig.  9  for  a  range  of  aging  con¬ 
ditions  and  indicated  that  the  UA  material 
(labelled  A)  possessed  a  short-rod  toughness 
significantly  in  excess  of  that  in  the  OA  material 
(labelled  B).  Fracture  toughness  data  obtained  in 
accorddiicc  with  E-399  revealed  similar  trends  [2, 
28].  The  controlled  fracture  experiments  conclu¬ 
sively  showed  that  particle  fracture  was  preferred 
in  the  UA  material,  with  a  change  to  failure  near 
the  interface  and  in  the  matrix  in  the  OA  material. 
Figures  lO(a-c)  present  a  .sequence  of  photo¬ 
graphs  depicting  damage  initiation  in  the  con- 


Longitudinal  tantlia  strangth«  MPa 
450  500  550  600  650 


Longitudinal  ttnalla  strangth,  ksl 


Fig.  9.  Short-rod  toughness  results.  UA  material  shown  at 
“A”,  OA  material  shown  at  “B”. 

trolled  crack  propagation  specimens  for  the  UA 
material.  Figure  10(a)  shows  a  specimen  prior  to 
loading,  where  the  arrowed  particles  are  not  yet 
cracked,  while  Fig.  10(b)  illustrates  fracture  of  a 
few  of  the  particles  (arrowed)  during  reloading, 
but  prior  to  matrix  fracture.  Figure  10(c)  shows 
failure  in  the  matrix  and  the  growth  of  a  macro¬ 
scopic  crack  in  the  UA  material  where  particle 
cracking  is  clearly  observed.  Fracture  initiation 
was  observed  to  occur  in  SiC  particles  which 
were  nut  previously  cracked  during  the  process¬ 
ing.  Similar  observations  have  been  made  during 
the  controlled  propagation  of  the  crack.  Figures 
1  l(a}  and  1 1(b)  present  the  crack  tip  region  in  the 
UA  material  before  and  after  reloading,  respec¬ 
tively.  The  uncracked  particles  in  Fig.  1 1(a)  [i.e. 
prior  to  reloading)  have  clearly  cracked  during 
reloading  in  Fig.  1  i(b),  with  subsequent  failure  in 
the  matrix.  In  contrast  to  the  UA  material. 


Fig  10.  (a;  Notch  region  in  UA  controlled  propagation  >,pecimcn  prior  to  fracture  nuclcation  at  arrowed  SiC.  ^b/  Notch  region 
after  reloading.  Fracture  of  SiC  (curved  arrows)  obser  ed  prior  to  inalri,\  failure,  (c,  Notch  region  after  reloading  \bi.  Matrix 
failure  and  additional  SiC  fracture  observed.  Arrows  denote  particles  in  (a),  (b). 


damage  initiation  in  the  OA  material  was  b>  both  tion  and  fracture.  To  evaluate  this,  regions  such  as 
matrix  failure  as  well  as  by  separation  at  and  near  those  shown  in  Figs.  11  and  13  were  tesselated 

SiC/matrix  interfaces,  shown  in  Fig.  12.  The  tip  prior  to  cracking,  followed  by  overlaying  the 

of  a  propagating  crack  in  the  OA  material  is  crack  on  the  tesselated  microstructures,  and  iden- 

shown  in  Fig.  13,  illustrating  fracture  at  and  near  tifying  the  cells  intersected  by  the  crack.  Figures 

the  particle/matrix  interfaces.  I4(a)-14(c)  present  the  UA  microstructure, 

an  image-enhanced  version  of  the  microstructure 
3.3.  Mkrostruaiiral  evaluation  of  deformed/frat-  with  the  crack  path  indicated,  and  its  tesselated 
lured  specimens  version  which  incorporates  the  same  region  of  the 

Of  particular  interest  in  this  work  was  the  propagating  crack.  Figures  15(a)- 15(c)  present 

effect  of  clustered  regions  on  damage  accumula-  the  same  information  fur  the  OA  material.  The 
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I-'ig.  12.  N'oich  root  region  in  C)A  iniiicri:il.  l-niciiirc  in 
ntnlrix  tiiul  notirSiCVnialrix  ob.scrvcd  in  cliiMcrod  regionv 

mcltillographic  panimelors  of  tiic  iiitcr.scctcd  cells 
wcic  then  labuKilcJ  Im  amipaii.Min  It)  the  .t\ci- 
age  \alue.s.  Appri).\iniatel\  20-2.5  cells  t)f  the 
about  100  tc.s.sclateil  t-ells  tiblaineil  ftu  each 
matri,\  coiulitum  weic  inlet .secteil  b>  the  eiack 


Fig.  1.5.  Crack  tip  region  in  OA  controlled  propagation 
.specimen  Failure  near  SiC/inatrix  interface  (arrows). 

path.  Comparison  of  the  particle  areas  for  ran¬ 
dom  fields  and  those  intersecting  the  crack  indi¬ 
cate  a  tendency  for  larger  particles  to  be  involved 
in  the  cracking  proce.ss,  consistent  with  the  results 
of  iiuantitative  fraclographj  performed  on  frac¬ 
ture  surfaces  [2,  3].  Although  the  initiation  of 
damage  ahead  of  the  propagating  crack  was 
ob.servcd  to  occur  in  clustered  regions,  the  com¬ 
parison  of  the  local  area  fraction  values  of  the 
intersected  cells  with  the  average  local  area  frac¬ 
tion  {i.e.  Tables  I.  2)  reveals  that  the  total  crack 
path  follows  a  nearly  random  path  for  both  the 
UA  and  OA  materials,  despite  the  change  in  frac¬ 
ture  morphology.  It  should  be  noted,  however, 
that  by  considering  the  intersected  cells,  some 
regions  ate  included  in  which  the  particles  are  not 
truly  inlcr.sccling  the  crack.  A  further  refinement 
of  thi.s  analysis  is  Iv)  consider  just  the  cells  which 
contain  particles  which  intersect  the  clack,  which 
reduces  the  number  of  cells  considered  to  about 
20  in  both  cases.  When  computed  in  thi.s  manner, 
the  analysis  reveals  that,  on  average,  the  crack 
inteiacls  with  h)cal  aiea  ft  actions  t)f  particles  in 
e,\ce.ss  v)f  the  bulk  leinforcement  level  J.c.  Tables 
1.2.  Although  the  high  standard  of  deviation  of 
the  data  does  not  support  thi.s  conclusion  from  a 
.slatLslical  viewpoint,  additional  wtuk  will  hicus 
on  accumulating  a  greatei  number  of  fields  to 
further  elucidate  this  aspect. 

4.  Discu.ssion 

rite  pie.senl  wtuk  was  intended  to  inve.sligate 
the  effects  of  micio.stiuctuial  changes  at  equiva¬ 
lent  .siienglh  on  the  fiactuie  of  .M.MCs  containing 
20'’»  I  einfoi cement,  in  addition  to  beuinniim  to 


Fig.  14.  (a)  SEM  view  of  crack  path  in  UA  material,  (bj 
Image  enhanced  version  of  (a).  Crack  path  shown,  (c)  Tcssc- 
lated  version  of  (bj.  Crack  path  shown.  Particle  cracking 
observed. 


Fig.  15.  (a)  SEM  view  of  crack  path  in  OA  material,  (b) 
Image  enhanced  version  of  (a).  Crack  path  shown,  (c)  Tessc- 
latcd  version  of  (b).  Crack  path  sliown.  Failure  near  SiC/ 
matrix  indicated. 
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evaluate  the  effects  of  particle  clustering  on  frac¬ 
ture.  The  effects  of  microstructural  changes  [i.e. 
matrix  temper)  were  shown  to  exhibit  a  dramatic 
effect  on  the  micromechanisms  of  fracture  and 
various  measures  of  toughness,  although  their 
effects  on  tensile  ductility  were  negligible.  The 
effects  of  microstructure  on  the  observed  prop¬ 
erties  will  be  discussed  presently,  followed  b>  the 
initial  results  obtained  on  clustering  effects. 

The  present  work  has  revealed  a  dramatic 
effect  of  matrix  microstructure  (i.e.  temper)  on 
the  fracture  micromechanisms  at  an  equivalent 
strength  level.  In  all  specimens  tested  (i.e.  tensile, 
bend,  toughness),  a  transition  in  fracture  mode 
from  particle  cracking  in  UA  specimens  to  matrix 
and  “near  interface”  failure  in  the  OA  specimens 
was  obtained.  Despite  the  dramatic  changes  in 
failure  micromechanisms  revealed  by  both  SEM 
and  TEM,  uniaxial  tensile  ductility  was  not  signi¬ 
ficantly  affected  (cf.  Table  3),  although  the  UA 
microstructure  exhibited  much  better  properties 
in  the  notched  bend  and  short-rod  toughness 
specimens.  The  general  lack  of  correlation 
between  smooth  tensile  and  fracture  toughness 
measurements  on  materials  failing  by  MVC  has 
been  covered  in  a  recent  review  of  ductile  frac¬ 
ture  [20).  Such  observations  may  be  rationalized 
by  examining  the  stages  of  fracture  events  leading 
to  catastrophic  fracture  in  the  various  specimen 
geometries  examined.  In  smooth  tensile  speci¬ 
mens,  fracture  was  observed  to  occur  in  a  macro- 
scopically  brittle  mode  (i.e.  low  ductility) 
although  the  fracture  surface  details  revealed 
micro-void  coalescence  (i.e.  MVC).  As  it  has 
been  reviewed  that  ductile  fracture  con.sists  v)f 
void  nucleation,  growth,  and  coalescence  stages, 
the  relative  importance  of  each  stage  should 
determine  the  macroscopic  ductility  of  the  speci¬ 
men.  In  ductile  m.iterials  reinforced  with  a  high 
volume  fraction  of  hard  second  phase  particles 
(e.g.  SiC),  however,  it  has  been  suggested  that 
fracture  nucleation  events  may  dominate  the  duc¬ 
tility  since  the  subsequent  stages  of  void  growth 
and  coalescence  may  be  extremely  rapid  once 
initiation  has  occurred  (13,  21].  Although  both 
microstructures  exhibited  nearly  identical  tensile 
ductilities  (i.e.  RA=8%),  fracture  initiation  in  the 
two  microstructures  appears  to  occur  via  very' 
different  mechanisms,  as  revealed  by  the  SEM 
and  TEM  inve.stigations.  The  former  (i.e.  UA) 
failed  by  particle  cracking  while  the  latter  (i.e. 
OA)  failed  by  a  mixture  of  matrix  and  near  inter¬ 
face  failure.  The  difficulty  in  locating  fracture- 


sites  below  the  fractui  e  surface  similarly  supports 
the  contention  that  fracture  nucleation  events 
play  a  dominant  role  in  the  ductility  of  these 
materials,  and  pi  ecludes  the  chance  of  determin¬ 
ing  particle  clustering  effects  directly  in  the  frac¬ 
ture  of  the  smooth  tensile  specimens. 

Previous  work  [2,.  3,  6,  22,  28]  on  a  variety  of 
MMCs  has  indicated  that  crack  initiation  in 
smooth  tensile  specimens  preferentially  initiates 
at  large  particles,  inclusions,  and  regions  of  clus¬ 
tered  SiC.  The  present  work  indicates  that  UA 
materials  initiate  predominantly  via  a  particle 
cracking  mechanism,  while  the  OA  materials 
initiate  via  matrix  and  near  interface  failure. 
Compari.son  of  the  observed  ductility  to  micro¬ 
mechanical  models  foi  ductility  in  particle-hard¬ 
ened  materials  [23,  24]  was  performed  for  the  OA 
material  with  the  Brown/Embury  model  [23]. 
Particle/matrix  decohesion  is  assumed  in  that 
model  with  subsequent  fracture  by  rupture  of 
ligaments  between  voids  which  occur  when  the 
void  length  becomes  equal  to  the  spacing  between 
the  void  nucleating  particles.  This  model  assumes 
that  V  oid  coalescence  contributes  only  minimally 
to  the  total  ductility,  and  that  the  ductility  is  in 
large  part  determined  by  void  growth,  although 
the  nucleation  strain  has  also  been  incorporated 
into  the  model.  At  high  volume  percent  reinforce¬ 
ment,  (e.g.  >15%),  the  model  predicts  that  the 
growth  of  voids  provides  an  insignificant  contri¬ 
bution  to  ductility,  while  the  nucleation  strain 
becomes  dominant.  The  inability  to  detect  void 
initiation  below  the  fracture  surface  for  both  UA 
and  OA  materials  strongly  suggests  that  nuclea¬ 
tion  events  are  dominant  in  the  fracture  behavior 
of  the  high  volume  fraction  reinforced  materials 
.studied  presently.  A.ssuming  that  the  nucleation 
strain  corresponds  to  the  fracture  strain  enables  a 
qualitative  comparison  of  the  OA  material  exhib¬ 
iting  preference  for  “interface"  failure  to  the  origi¬ 
nal  Browii/Embury  model  [23]  where: 

%=ln(l  +  £^  +  £j  =  ln{i.-r/6/)'  --v2/3)'  -  +  £„} 
Substituting  for /=  0.2  and  £,,  =  0.08  gives  £j= 
0.08.  In  contrast,  the  Evensen-Verk  [24]  model 
was  utilized  for  the  UA  material,  which  a.s.sumes 
particle  cracking  as  the  operative  damage  initia¬ 
tion  mechanism  in  a  ductile  surrounding  matrix 
where  the  growth  strain  controls  ductility: 
t'c;  =  0.104((2,-r/3/)'^-(8/3)''-[ 

A.ssuming  a  nucleation  strain  of  =0.1  prvnides 
£,  ^  0.20.  an  oveiestimate  of  ductility.  This  likely 
results  from  the  differences  in  the  details  of  the 


253 


micromechanisms  of  fracture  in  the  present  work 
and  those  assumed  by  the  model.  This  will  be 
returned  to  in  the  discussion  of  the  controlled 
crack  propagation  experiments. 

Despite  the  similarity  in  the  uniaxial  tensile 
ductilities,  large  effects  on  both  the  fracture 
micromechan'  and  macroscopic  properties 
were  obtained  under  more  severe  stress  states. 
Both  the  nominal  bending  stresses  at  fracture  in 
the  notched  bend  specimens  and  the  short-rod 
toughnesses  were  significantly  higher  in  the  UA 
material  as  compared  to  the  OA  material.  The 
blunt  notched  bend  tests  failed  with  a  linear  load- 
displacement  trace,  also  suggesting  that  the 
details  of  initiation  control  the  notched  prop¬ 
erties  of  MMCs  reinforced  with  high  volume  frac¬ 
tions  of  SiC.  Although  clustered  regions  were 
observed  to  be  preferential  sites  for  fracture 
nucleation  in  the  unbroken  notch  of  the  double- 
notched  specimens,  the  mode  of  initiation  was 
again  different  in  the  UA  {cf.  Fig.  10)  and  the  OA 
(c/  Fig.  12)  materials.  UA  materials  exhibited  SiC 
fracture  and  matrix  failure,  while  OA  materials 
exhibited  matrix  and  near  interface  failure  and 
less  fracture  of  the  SiC.  As  the  notched  bend 
specimens  are  sensitive  to  fracture  initiation 
events,  it  appears  that  the  matrix  failure  strain  of 
the  OA  material  is  considerably  lower  than  that 
of  the  UA  material  when  testing  is  conducted 
under  a  strain  state  more  severe  than  that  of 
uniaxial  tension.  The  uniaxial  fracture  strains 
were  nearly  equivalent  at  8%,  although  it  is  clear 
that  fracture  in  the  notched  bend  specimens 
occurred  at  lower  loads  (and  lower  notch  root 
strains)  in  the  OA  material.  The  controlled  frac¬ 
ture  propagation  studies  similarly  revealed  that 
the  fracture  micromechanisms  differed  in  the  two 
materials.  Both  fracture  initiation  and  propaga¬ 
tion  occurred  at  lower  loads  and  crack  opening 
displacements  for  the  OA  material.  Thus,  the 
fracture  strain  [i.e.  local)  under  stress  states  more 
severe  than  uniaxial  tension  is  considerably  dif 
ferent  from  that  obtained  under  uniaxial  condi¬ 
tions.  This  has  been  previously  observed  in  a 
variety  of  monolithic  materials  [25,  26],  where  it 
has  been  experimentally  observed  that  the  failure 
strains  under  plane  strain  conditions  may  be 
considerably  lower  than  tho.se  obtained  in  uni¬ 
axial  specimens.  The  present  otudy  als(5  indicates 
that  the  magnitude  of  this  decrea.se  may  depend 
sensitively  on  the  characteristics  of  the  matrix, 
since  the  UA  material  exhibited  significantly 
higher  notch  root  fracture  loads  (and  strains). 


Although  the  present  results  show  a  clear 
effect  of  matrix  mierostructure  on  the  fracture 
details,  previous  work  [6]  on  other  aluminum 
based  composites  [e.g.  2XXX  series)  suggested 
that  the  details  of  the  fracture  micromechanisms 
were  unaffected  by  heat  treatment.  A  tendency 
for  particle  cracking  was  exhibited  in  that  work, 
regardless  of  matrix  temper.  Other  work  on 
6XXX  and  7XXX  alloy  s  indicated  a  shift  in  frac¬ 
ture  micromechanisms  with  aging  [22],  similar  to 
that  observed  in  the  present  work.  These  obser¬ 
vations  indicate  that  the  details  of  the  matrix 
microstructure  and  interface  region  play  a  domi¬ 
nant  role  in  the  fracture  micromechanisms,  and 
that  relatively  subtle  differences  in  aging  condi¬ 
tions  and  matrix  compositions  may  produce  the 
distinctively  different  properties  which  have  been 
observed  in  nominally  similar  materials.  It  is 
interesting  to  note  that  the  relatively  constant  low 
level  of  fracture  toughness  observed  in  the  over¬ 
aged  conditions  in  the  composite  materials  has 
also  been  observed  in  over-aged  Al-Li  based 
alloys,  in  which  grain  boundary  precipitates 
reduced  the  grain  boundarv  cohesive  strength 
[27]. 

The  controlled  crack  propagation  experiments 
additionally  provide  some  insight  with  regard  to 
fracture  in  either  the  UA  or  OA  composites.  As 
pointed  out  by  Embury  [13],  nucleation  events 
may  dominate  the  ductility  in  the  case  of  mater¬ 
ials  containing  high  volume  fractions  of  reinforce¬ 
ment.  This  appears  to  be  particularly  true  in  the 
present  case  where  little  evidence  of  voiding  was 
observed  below  the  fracture  plane  in  the  failed 
tensile  specimens.  The  Brovvn/Embury  model 
a,s.sumes  that  coalescence  occurs  when  the  verti¬ 
cal  void  height  equals  the  spacing  between  parti- 
cle.s,  which  was  not  observed  with  the  OA 
materials.  The  Evensen/V'erk  [24]  model  for  par¬ 
ticle  cracking-initiated  failure  a.ssumes  a  non¬ 
hardening  matrix  where  particle  cracks  are 
blunted  by  displacement  of  the  particle  faces, 
with  local  plasticity  at  the  tips.  This  model 
similarly  suggests  that  void  growth  and  linkup 
require  a  large  .strain.  However,  the  sequential 
.straining  experiments  indicate  that  this  micro- 
mechanism  of  failure  does  not  appear  to  describe 
failure  in  the  UA  materials,  where  particle  crack¬ 
ing  is  followed  by  little  blunting  in  the  matrix 
prior  to  subsequent  fracture.  The  failure  between 
adjacent  fractured  particles  appears  to  occur  by 
intense  localised  flow  in  the  matrix.  The  observed 
micromechanisms  suggest  that  the  adaptation  of 
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models  used  for  ductile  fracture  in  other  mater¬ 
ials  {e.g.  steels  containing  spheroidized  .arbides 
in  a  ductile  a-Fe  matrix,  brittle  Si  particles  in  a 
ductile  A1  alloy  matrix)  may  not  be  applicable  in 
the  case  of  some  discontinuous  MMCs  because 
of  the  differences  in  the  micromechanisms  of 
fracture.  In  the  present  work,  the  controlled 
propagation  experiments  indicate  that  fracture  in 
the  UA  materials  occurs  via  particle  cracking  in 
the  process  zone  ahead  of  tht  while  matrix 
and  near  interface  failure  are  obtained  in  the  OA 
material. 

The  remaining  discussion  focuses  on  a  com¬ 
parison  between  the  tensile  fracture  surfaces  and 
those  observed  in  the  controlled  propagation 
studies.  Analysis  of  the  quantitative  fractography 
performed  on  the  OA  materials  revealed  that 
only  11%  of  the  fracture  surface  was  covered  by 
fractured  SiC  particles,  suggesting  that  fracture 
was  avoiding  the  particles  in  the  OA  material 
while  selecting  nearly  the  average  area  fraction  in 
the  UA  material  where  18%  of  the  fracture  sur¬ 
face  was  covered  with  fractured  SiC  particles. 
However,  fracture  surface  observations  do  not 
necessarily  provide  an  accurate  representation  of 
the  fracture  path  with  regard  to  particle  clustering 
since  only  half  of  the  fracture  surface  is  being 
viewed.  For  example,  the  tesselated  microstruc¬ 
tures  (i.e.  Tables  1, 2)  indicate  that  the  crack  path 
in  the  controlled  propagation  studies  was,  on 
average,  choosing  a  random  path.  To  the  authors’ 
knowledge,  the  present  work  is  one  of  the  first 
attempts  to  directly  compare  the  progression  of 
cracking  with  respec*  to  particle  clustering. 
Although  only  a  limited  number  of  cells  have 
been  analyzed  at  preser.i,  the  quantitative  infor¬ 
mation  provided  in  Tables  1  and  2  indicates  that 
the  average  local  volume  fraction  of  particles 
intersected  by  the  propagating  crack  is  roughly 
the  average  volume  fraction  (/.e.  20%)  for  both 
microstructures.  However,  obsersations  of  the 
regions  ahead  of  the  propagating  crack  revealed 
damage  accumulation  in  clustered  regions  as  well 
as  differences  in  the  mechanisms  of  failure  in  the 
UA  and  OA  niaterials.  Tables  1  and  2  indicate 
that  damage  accumulation  and  fracture  propaga 
tion  show  a  greater  propensity  for  preferential 
fracture  in  clustered  regions  when  following  the 
more  restricted  criterion  of  choosing  only  those 
cells  in  which  the  particle  is  actually  interacting 
with  the  crack.  Although  this  conclusion  cannot 
be  statistically  supported  at  this  time  due  to  the 
limited  number  of  cells  e.\amincd,  additional 
work  is  being  conducted  to  provide  a  siatLstical 
basis. 


Although  the  quantitative  results  indicated  that 
a  random  path  was  exhibited  by  the  total  crack 
path,  damage  accumulation  was  observed  to 
occur  in  highly  clustered  regions  along  parts  of 
the  fracture  path  for  both  microstructures.  The 
selection  of  damage  accumulation  in  locally  clus¬ 
tered  regions,  combined  with  the  quantitative 
analyses  which  showed  that  the  gross  fracture 
path  was  essentially  random  may  be  related  to  the 
orientation  of  the  controlled  fracture  propagation 
samples.  It  was  observed  that  alternating  “bands” 
of  high  volume  fraction  reinforcement  and  low 
volume  fraction  regions  are  present  in  the  direc¬ 
tion  of  crack  propagation.  This  requires  that  the 
crack  pass  through  some  low  volume  fraction 
regions  in  order  to  progress.  This  effectively 
reduces  the  values  obtained  in  the  calculations  of 
local  volume  fraction  of  particles  along  the  total 
crack  path,  despite  damage  accumulation  in  areas 
of  highly  clustered  regions.  T-urther  experiments 
are  planned  where  the  orientation  is  changed  with 
respect  to  the  “banding"  observed  in  the  com¬ 
posite. 

In  the  present  tests,  the  growth  of  the  crack 
could  be  controlled  due  to  the  presence  of  a  com¬ 
pliant  layer  on  the  specimen.  In  specimens  not 
containing  this  compliant  layer,  however,  cata¬ 
strophic  crack  propagation  typically  occurs 
without  significant  macroscopic  crack  opening 
displacement.  Previous  arguments  (21)  have  been 
made  that  the  initiation  event  may  be  the  critical 
factor  in  the  fracture  of  these  materials.  The  pres¬ 
ent  work  further  illustrates  that  the  examination 
of  fracture  surfaces  alone  may  be  insufficient  to 
determine  w  hether  fracture  is  initiating  or  propa¬ 
gating  along  a  path  of  clustered  particles.  Thus,  as 
an  extension  of  this  work,  subsequent  work  will 
focus  on  the  relationship  between  clustered 
regions  and  damage  accumulation,  where  similar 
specimens  may  again  be  useful  in  detailing  the 
accumulation  of  damage.  Composites  containing 
different  particle  sizes  at  the  same  reinforcement 
level  are  being  tested  to  evaluate  the  effects  of 
changes  in  clustering  on  the  fracture  properties. 
Previous  work  [2]  h;is  indicated  that  property 
changes  have  been  obtained  by  varying  the  parti¬ 
cle  size  independent  of  the  volume  percentage, 
while  property  correlations  with  the  amount 
of  clustering  were  consistent  with  the  trends 
exhibited. 

5.  Conclusions 

,T)  Controlled  variations  in  matrix  micro- 


structure  have  been  achieved  while  producing 
equiyalcMit  uniaxial  tensile  properties. 

(2)  T^espite  nearly  identical  uniaxial  tensile 
properties,  substantial  differences  in  fracture 
micrbmechanisms  and  mechanical  properties 
were  obtained  under  test  conditions  representing 
more  severe  stress  states  (c.g.  notched  bend, 
short-rod  toughness).  These  property  changes 
were  accompanied  by  a  change  in  fracture  mode 
from  predominantly  particle  cracking  in  the  UA 
material  to  failure  in  the  matrix  and  near  the 
interfaces  in  the  OA  material.  Quantitative  frac- 
tography  revealed  a  preference  for  fracture  of  the 
large  SiG  particles  in  the  size  distribution. 

(3)  ThC  details  of  damage  accumulation  and 
fracture  have  been  determined  on  specimens 
designed  ;to  permit  controlled  propagation  of  a 
crack.  This  technique  demonstrated  that  in  the 
UA  condjtibn,  large  uncracked  particles  are  frac¬ 
tured  ahead  of  the  crack  tip  in  preference  to 
sampling  particles  fractured  during  processing. 

(4)  Quantitative  assessment  of  the  role  of  par¬ 
ticle  clustering  on  damage  accumulation,  as 
studied  by  in-situ  crack  experiments,  reveals  that 
damage  accumulation  occurs  preferentially  in  clus¬ 
tered  regions  ahead  of  a  blunt  notch  or  propa¬ 
gating  crack  tip.  Subsequent  linkage  of  the  main 
crack  to  the  regions  of  accumulated  damage 
appears  to  occur  in  a  nearly  rtcidom  manner. 
Continuing  work  is  focusing  on  studying  material 
containing  different  particle  sizes  at  the  same 
reinforcement  level,  as  these  should  exhibit  dif¬ 
ferent  tendencies  for  clustering. 
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Abstract 

A  brief  summary  of  recent  ana'ju  .al  solutions 
which  accurately  describe  the  experimentally 
observed  toughening  behavior  in  a  variety  of 
whisker  reinforced  ceramics  is  presented.  These 
results  are  found  to  provide  important  insights  into 
the  whisker,  matrix,  and  interface  properties 
required  to  obtain  further  increases  in  toughness  by 
whisker  reinforcement  of  ceramics. 

1,  Introduction 

SiC  whisker  reinforcement  of  ceramics  can 
result  in  substantial  improvements  in  fracture 
toughness  and  resistance  to  wear,  slow  crack 
growth,  and  thermal  shock  of  ceramics  with  the 
incorporation  of  strong,  small  diameter  ceramic 
whiskers  [1-5].  For  example,  the  critical  tough¬ 
ness  of  very  fine  grained  alumina  can  be 
incr^arc*^  from  <  3  MPa  m'''‘  to  9  MPa  m'/’  with 
the  '  ddii.on  of  20  vol.%  SiC  whiskers.  Compar¬ 
able  Increases  in  toughness  have  been  observed  in 
a  variety  of  other  whisker-reinforced  ceramics 
[3-4].  In  addition,  the  increased  fracture  tough¬ 
ness  is  retained  with  increasing  temperature,  e.g. 
up  to  about  1100°C  in  the  SiC  whisker-rein¬ 
forced  alumina  composites  [6].  When  compared 
with  the  continuous  fiber-reinforced  ceramics  at 
the  same  reinforcing  phase  contents,  the  whisker- 
reinforced  composites  exhiu  similar  toughness 
values,  but  have  the  advantage  of  composite 
fabrication  by  more  conventional  powder  pro¬ 
cessing  techniques. 

The  mechanisms  responsible  for  such  whisker 
toughening  include  crack  deflection  and  both 
whisker  bridging  and  whisker  pullout  within  a 
zone  immediately  behind  the  crack  tip  il,  5].  Such 
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processes  are  noted  in  fracture  surface  observa¬ 
tions  and  scanning  and  transmission  electron 
microscopy  studies  of  cracks  in  these  composites. 
Fig.  1.  Crack  tip  bridging  processes  are  of  con¬ 
siderable  interest  in  fracture  processes.  A  classic 
example  of  the  formation  of  a  bridging  zone  is 
that  noted  in  continuous  fiber-reinforced  ceram¬ 
ics  where  toughness  is  enhanced  by  the  extensive 
pullout  of  the  fibers  in  this  zone. 

2.  Theoretical  analysis 

As  noted  in  Fig.  1,  the  establishment  of  a 
whisker  bridging  zone  in  the  crack  tip  wake 
results  in  increased  toughness,  d/C*’’  which  is 
defined  as 

dA:'"  =  2a'(2Z)B/7r)'/2  (1) 

where  o'^  is  a  closure  stress  imposed  on  the  crack 
by  the  bridging  whiskers  over  a  zone  of  length 
[1].  In  the  case  of  aligned  whiskers,  the  closure 
stress  is  the  sum  of  the  stress  (less  than  or  equal  to 
the  whisker  tensile  fracture  strength  (a,'^))  exerted 
by  each  whisker  in  the  bridging  zone  and  is  given 
by 

(2) 

where  V^  is  the  volume  fraction  of  whiskers. 

When  there  is  a  strong  toughening  contribu¬ 
tion  from  whisker  reinforcement,  the  crack  open¬ 
ing  displacement  (m)  at  the  whisker  at  the  end  of 
the  bridging  zone  can  be  reduced  to  the  form 

u  =  S{l- v^)Of'^VfDj7iE'^  (3) 

where  v  is  the  Poisson’s  ratio  and  £'  the  Young’s 
modulus  of  the  composite  for  the  whiskers  uni- 
axially  aligned  parallel  to  the  tensile  stress  axis  [1]. 
The  crack  opening  displacement  at  the  end  of  the 
bridging  zone  will  equal  the  maximum  tensile  dis¬ 
placement  (d/)  in  the  debonded  whisker  at  that 
point.  Thus  the  crack  opening  displacement  (u) 
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Fig  1.  Toughening  by  whisker  reinforcement  is  associated  with  the  formation  of  a  zone  of  bn  Jging  whiskers  behind  the  crack  tip. 
As  the  crack  tip  reaches  th..  ..hjsker,  debonding  and/or  fracture  occurs  along  the  whisker-matrix  interface  which  allows  the 
crack  tip  to  advance  leaving  the  whiskers  intact  and  bridging  the  crack  (B,  C/.  At  some  distance  behind  the  crack  tip,  whiskers 
fracture  and/or  are  pulled  out  of  the  matrix  (D)  establishing  the  whisker  bridging  zone  (E). 


can  be  related  to  d/  and  the  whiskei-matrbc  inter¬ 
face  debond  length  (/db)  as 

dl— u  =  (4) 

where  is  the  Young’s  modulus  of  the  whisker. 
Using  the  analytical  solutions  for  interface  sepa¬ 
ration  versus  whisker  fracture  of  Budiansky  et  al. 
[7],  the  debonded  length  of  the  whisker-matrix 
interface  is 

lDBl>'=y"'l6y'  =  p  (5) 

where  r  is  the  whis.kc,  radius  and  y”'  and  y'  are 
the  fracture  energie*  of  the  matrix  and  interface 
respectively.  By  sub.st.  ition  of  eqns.  (4)  and  (5) 
into  eqn.  (3),  we  obtain  the  definition  of  Dyi 

D^  =  {y”'E'^ly'E"‘)[7trlA%{\ -  v^)Vt\  (6) 

for  bridging  whiskers  in  the  region  immediately 
behind  the  crack  tip.  The  toughening  contribu¬ 
tion  from  whisker  bridging  d/C'’"  is  then  defined 
by  substitution  of  eqns.  (2)  and  (6)  into  eqn.  (1); 

d/C*^=  a,'''{[K,r/6(l  -  v^)lE^jE'^ly^ly%'''^  (7) 

for  the  case  where  whisker  bridging  imposes  a 
uniform  closure  stress  over  the  bridging  zone. 

These  and  companion  analytical  solutions  arc 
found  to  accurately  describe  the  experimentally 
observed  toughening  behavior  in  a  variety  of 


Fig.  2.  The  fracture  toughness  of  ceramics  increases  with  the 
addition  of  strong  SiC  whiskers.  The  toughness  increase  due 
to  whisker  bridging  predicted  by  the  analytical  models 
(curves;  describes  that  observed  expcrimentaliy  in  alumina- 
(A  ),  mullite-  (■),  and  glass-  {•)  based  composites. 

whisker-reinforced  ceramics  \Cg.  alumtna,  mullite, 
and  glasses)  as  shown  in  Fig.  2.  In  addition,  they 
provide  important  insights  into  the  whisker, 
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matrix,  and  interface  properties  required  to 
obtain  further  increases  in  toughness  by  whisker 
reinforcement  of  ceramics.  However,  the  solu¬ 
tions  derived  explicitly  consider  the  case  of 
whisker  bridging  involving  strong  interfaces 
where  whisker  pullout  is  minimized.  Further 
studies  are  underway  to  examine  the  role  of  inter¬ 
face  properties  and  the  toughening  contributions 
derived  from  extensive  whisker  pullout  in  brittle 
matrbc  systems. 
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Abstract 

High-strain-rate  compressive  failure  mecha¬ 
nisms  in  fiber-reinforced  ceramic  matrix  com¬ 
posite  materials  have  been  characterized.  These 
are  contrasted  with  composite  damage  develop¬ 
ment  at  low  strain  rates,  and  with  the  dynamic 
failure  of  monolithic  ceramics.  It  is  shown  that  it  is 
possible  to  derive  major  strain-rate  strengthening 
benefits  if  a  major  fraction  of  the  fiber  reinforce¬ 
ment  is  aligned  with  the  load  axis.  This  effect  con¬ 
siderably  exceeds  the  inertial  microfracture 
strengthening  observed  in  monolithic  ceramics, 
and  non-aligned  composites.  Its  basis  is  shown  to 
be  the  trans-specimen  propagation  time  period  for 
heterogeneously-nucleated,  high-strain  kink  bands. 

1.  Introduction 

It  is  by  now  well  known  that  brittle  materials 
subjected  to  high  rates  of  loading  often  exhibit 
strengths  much  greater  than  those  characteristic 
of  slow  or  quasistatic  rates  [l-5j.  The  degree  of 
strengthening  observed  is  generally  too  high,  and 
too  strain-rate  sensitive,  to  be  explained  on  the 
basis  of  the  suppression  of  thermally  activated 
crack  tip  processes,  although  the  latter  does 
impart  a  mild  rate-dependent  strength  benefit  [1]. 
For  example,  the  author  has  shown  that  for 
strain  rates  ^  10^  s'',  obtainable  within  the  split 
Hopkinson  pressure  bar  (HPB),  certain  classes  of 
monolithic  ceramics  (Fig.  1)  behave  according  to 
[1]: 

(1) 

where  a,,  is  the  compressive  failure  (fracture) 
strength,  e  is  the  imposed  strain  rate,  and  n  is  a 
constant,  usually  of  the  order  of  1/3.  Others  have 
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obtained  similar  results  for  rocks,  in  both  com¬ 
pression  and  tension  [2-7].  Where  this  behavior 
has  not  been  observed  (Fig.  1),  fracture  mode/ 
microstructural  considerations  (RB  Si3N4),  or 
strain-rate  limitations  inherent  in  the  HPB 
(AI2O3),  are  thought  to  be  responsible. 

In  fact,  it  has  been  shown  by  Grady  and  Lipkin 
[8]  that  analyses  based  on  a  variety  of  physical 
criteria  (work  of  fracture,  least  action  law,  inertia 
of  flaws  to  crack  initiation,  crack  inertia  under 
step  loading)  all  lead  inevitably  to  a  tensile  frac¬ 
ture  relationship  like  eqn.  (1),  i.e. 

Oro^s'l^  (2) 

where  Oj  is  the  applied  tensile  stress  at  failure. 
Since  brittle  compressive  failure  is  known  to 
correspond  to  the  coalescence  of  a  multitude  of 
microscopic  cracks  nucleated  within  local  tensile 
regions,  it  is  therefore  not  surprising  that  equiva¬ 
lent  failure  dynamics  should  obtain  for  both 
tensiort  and  compression.  Generalizing  the  situa¬ 
tion,  Grady  and  Kipp  observe  [8]  that  such  results 


Fig.  1.  Compressive  strength  vs.  strain  rate  for  several 
monolithic  ceramics  at  23  "C.  The  decrease  in  strength  for 
reaction  bonded  (RB;  S13N4  at  £  =  10' s  'is  caused  by  a 
transition  in  fracture  mode  from  traiisgranular  to  inter¬ 
granular. 
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suggest  that  a  cube-root  strain-rate  dependence 
represents  the  upper  limit  that  can  be  obtained  in 
the  dynamic  brittle  failure  process.  This  is  prob¬ 
ably  true  for  monolithic  materials,  but  recent 
experimental  results  [9]  seem  to  indicate  that  the 
microstructures  .of  ceramic  matrbc  composites 
can  be  manipulated  to  yield  a  much  higher  degree 
of  strain-rate  sensitivity. 

The  objective  of  the  present  paper  is  to  briefly 
ou‘'.’ne  these  results,  and  then  establish  tlie  prin¬ 
cipal  factors  which  appear  to  control  the  damage 
development/failure  process.  A  simple  basis  for 
treating  the  problem  analytically  is  presented. 

2.  Experimental  approach 

The  materials  studied  have  been  described  in 
detail  elsewhere  [9, 10],  and  so  are  discussed  here 
only  briefly.  Thus,  the  composites  (Compglas®, 
United  Technologies  Research  Center)  consisted 
essentially  of  a  pyroceramic  matrix  reinforced 
with  about  46%  of  15  fim  diameter  SiC  fibers 
laid  up  in  two  variants.  In  the  first  (0°  variant),  the 
fibers  were  oriented  unidirectionally,  and  com¬ 
pression  specimen  axes  were  aligned  with  the 
fibers.  For  the  second  variant,  fibers  were  laid  up 
in  200  /tm  thick  planar  bundles,  with  the  fibers  in 
alternating  layers  at  90“  to  one  another.  Specimen 
axes  in  this  case  were  either  parallel  to  one  set  of 
fibers  (0/90),  or  lay  at  45“  to  both  sets  (45/45). 
The  matrix,  which  also  was  tested,  was  a  poly¬ 
crystalline  lithium-alumino-silicate  with  grains 
ranging  in  size  from  0.5  to  2.0  ^m.  Further 
microstructural  details  for  both  matrix  and  com¬ 
posite  are  discussed  elsewhere  [9-12]. 

Cylindrical  compression  specimens  (10  mm 
longx  5  mm  diameter)  were  machined  from  the 
as-received  composite  panels  and  from  the 
monolithic  ceramic  matrix  bodies.  Specimens 
were  tested  in  air  at  temperatures  ranging  from 
23  “C  to  1 100  “C,  over  a  strain  rate  range  of  lO”'* 
s"'  to  >  10^  s“'.  The  latter  dynamic  rates  were 
obtained  by  means  of  a  split  HPB  apparatus. 
Nickel-based  superalloy  rings  were  honed  so  as 
to  just  fit  the  ends  of  each  composite  specimen,  to 
prevent  failure  by  brooming. 

Damage  introduced  during  dynamic  loading 
(low-strain-rate  damage  has  been  discussed  else¬ 
where  [10])  was  characterized  by  optical  and 
scanning  electron  microscopy  of  impacted  but 
unfailed  specimens.  This  state  was  achieved  by 
enclosing  the  latter  within  slightly  shorter  high- 
strength  steel  sleeves  (Fig.  2).  Prior  to  failure,  the 


Fig.  2  Schematic  of  sleeved  HPB  configuration  to  permit 
specimen  damage  without  failure. 

composites  “flow"  as  damage  accumulates  [9, 10]; 
this  process  can  be  arrested  at  any  desired  strain 
level  by  carefully  adjusting  sleeve  lengths  to 
absorb  the  load  at  the  appropriate  point  on  the 
stress-strain  curve.  The  intact,  but  deformed, 
specimens  thereby  obtained  can  then  be  sec¬ 
tioned  and  polished  for  study. 

3.  Results 

As  shown  in  Fig.  3,  the  strength  of  the  com¬ 
posite  material  is  relatively  strain-rate  indepen¬ 
dent  for  £  ^  10^  s' ',  above  which  the  strength  of 
0“  and  0/90  variants  obey 

tj,  «£-«•”  (3) 

while  for  the  45/45  material 

a^oc£~o.3  (4) 

It  should  be  observed  that  the  relative  strength 
ordering  at  low  strain-rates  is  preserved  within 
the  high-rate  regime,  and  that  the  strength  decre¬ 
ment  between  0“  and  0/90  variants  is  essenf'ally 
constant,  i.e.  Aa^  =  350  MPa. 

For  the  matrix  material  alone  (Fig.  4),  vs.  e  is 
basically  constant  for  temperatures  <  800  “C 
until  £  =  10^  s*',  above  which  eqn.  (4)  again 
holds.  Although  the  strength  is  quite  strain-rate 
sensitive  at  1100  “C,  it  is  interesting  to  note  that 
at  high  strain-rates  t’.e  thermally  activated  failure 
process  (grain  boundary  sliding  and  cavitation. 
Fig.  5)  is  defeated.  Within  this  strain-rate  regime, 
pyroceram  failure  is  catastrophic  at  all  tempera¬ 
tures,  and  brought  about  by  the  rapid  coalescence 
of  a  multitude  of  microcracks. 

It  was  shown  in  an  earlier  paper  [10]  that  at  low 
.strain-rates,  the  composite  material  fails  in  com¬ 
pression  by  matrix  microfracture,  which  accom¬ 
modates  a  general  fiber  buckling  process 
followed  by  gross  failure  via  localized  fiber  kink¬ 
ing.  This  is  not  what  happens  at  high  loading 
rates.  Sections  of  damaged,  but  unfailed,  sleeved 
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0°  and  0/90  HPB  sp'jcimens  reveal  no  buckling, 
but  instead  (Fig.  6)  a  number  of  i,solated,  but 
macroscopic,  shear  bands.  At  least  one  end 
(usually  both  ends)  of  each  such  band  is  asso¬ 
ciated  with  a  vertical  microfracture  zone  (arrow. 
Fig.  6);  the  latter  appears  to  accommodate  the 
intense  shear  within  a  given  band.  Formation  of 
the  shear  zones  occurs  at  all  temperatures  sturl- 
ied.  Behavior  of  the  45/45  composite  differed  in 
that  it  simply  disintegrated  catastrophically, 
similar  to  the  matrix  material  itself. 

Comparing  d  and  /„  in  Fig.  7,  it  is  evident  that 
kink  band  shear  strains  (r///„)  can  easily  exceed 
unity.  These  are  accomplished  by  the  propagation 
of  kinks  in  SiC  fibers  (Fig.  8),  accompanied  by 
local  microfracture  and/or  matrix  flow  (arrows, - 


Fig.  9);  the  latter  would  require  near  adiabatic 
heating.  Work  is  in  progress  to  permit  discrimina¬ 
tion  between  these  two  possibilities. 

4.  Discussion 

The  fact  that  the  strengths  of  the  monolithic 
matrix  and  the  45/45  composite  increase  as  e 
at  high  loading  rates,  and  that  both  fail  via  rapid 
microcrack  coalescence,  suggests  that  inertia- 
controlled,  homogeneous  microfracture  is 
responsible  for  failure.  This  also  suggests  that  the 
presence  of  fibers  at  other  than  0°  provides  a 
weakening  effect  which  probably  derives  from 
their  role  as  “microanviLs",  fracturing  the  matrix 
at  a  significantly  lower  stress  than  that  which 


Fig.  5.  Deformation  mechanisms  in  pyroccram:  T=  1 100  °C, 
e  =  I0"*  s'*,  (a)  SEM  showing  grain  boundary  sliding; 
(b)  TEM  surface  replica  showing  cavitation  (black  dots) 
caused  by  grain  boundary  sliding. 


obtains  in  the  pure  matrix.  It  can  be  shown  that 
this  is  likely  by  considering  analytically  the  ideal¬ 
ized  case  of  the  0/90  material,  in  which  the  90® 
fibers  form  perfect  hardness  indenters. 

Study  of  sections  through  such  specimens 
show  (Fig.  10)  that  cracks  form  between  indivi¬ 
dual  fibers  as  sketched  in  Fig.  1 1(a),  i.e.  they  fol¬ 
low  an  arced,  non-centerline  path.  This  is 
reminiscent  of  the  behavior  of  cone  cracks  ben¬ 
eath  a  blunt  punch,  suggesting  that  the  situation 
might  be  idealized  as  shown  in  Fig.  1 1(b).  In  the 
vicinity  of  a  round,  flat  indenter,  the  maximum 
ten.<;’'^  stress  (which  nucleates  cone  cracks)  is 
api^ioximately 


P  Il-V 

Tta^  1  2 


Fig.  7.  Kink  band  in  0/90  composite,  showing  shear  dis¬ 
placement  <l  ri.  .shear  gauge  length  l„.  £=  10’ s  stress  ,x\is 
vertical. 

where  P  is  the  applied  load,  a  is  the  area  of 
contact,  and  v  is  Poisson's  ratio.  If  o  =  /^/2  (where 
R  is  the  fiber  radius),  and  v  =  0.25,  then 

ar  =  4a(0.375)  (6) 

where  o  is  the  applied  compressive  stress.  Earlier 
work  ( 1 ,  13]  has  shown  that  microcracking  can  be 
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Fig.  8,  Kink  band  in  0/90  composite,  showing  microfrag- 
mcnlaiion  of  matrix  to  accommodate  SiC  fiber  fracture  and 
rotation:  7’=23  °C,  £  =  2x  1  O' s"',  stress  axis  vertical. 


Fig.  10.  Section  through  90°  ply  in  0/90  composite,  showing 
non-center-to-center  intcrfiber  microfracturc.  1=23  °C, 
F = 0.6  X  1  O'  s  ■  ’  stress  axis  vertical. 


Fig.  9.  Magnified  view  of  region  A  in  Fig.  8.  showing 
(arrows)  possible  adiabatic  viscous  flow  in  matrix  material 
and  SiC  fiber;  note  blunt  crack  tips  in  latter,  apparent  local 
necking  in  former. 

monitored  b>  acouhtic  emi.s.sion,  which  for  0/90 
composites  begins  vhen  0=  270  MPa  [13].  From 
eqn.  (6),  this  means  o'^'"  ^  400  MPa  when  inter¬ 
fiber  matrix  microcracking  begins,  which  corre- 
Iate.s  with  the  experimentally  measured  matrix 
tensile  strength,  430  MPa. 

The  presence  of  such  effective  crack  initiators 
in  0/90  material  evidently  accounts  for  the  per¬ 
sistent  difference  in  strength  between  0"  and  ()/90 
composites  over  the  entire  strain-rate  regime. 


* 


Fig  1 1  Schemaiic  diagram  of  matrix  microfracturc  asso¬ 
ciated  with  off-axis  fibers.  {ai  non-centcr-to-centcr  fracture 
between  adjacent  fibers,  ^b,  reprcsentatiun  of  fiber- matrix 
interaction  as  punch-cone  crack  problem. 


Further,  since  the  difference  exists  at  high  loading 
rate.s,  tensile  microfracture  inertia  must  be 
included  within  the  observed  strain-rate  sensi- 
tivitj  for  both  0“  and  0/90  layups.  However,  the 
high-strain-rate  specimens  actually  fail  by  shear 
fault  nucleation  and  propagation,  the  latter  can  be 
shown  to  contribute  an  additional,  significant 
rate-dependent  term. 

Specifically,  in  the  most  general  case,  the 
.strain  rate  at  failure  is  given  by 
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where  d(  is  the  compressive  stress  ra.e,  a,  is  the 
compressive  failure  stress,  /,  is  the  time  required 
for  failure,  and  £  is  the  clastic  modulus.  If  failure 
corresponds  only  to  the  propagation  of  a  narrow 
shear  fault,  or  kink  band  (a,  =  oj,  by  a  charac¬ 
teristic  macroscopic  dimension  /  (Fig.  12),  then 

(8) 

where  is  the  shear  velocity.  Eliminating  yields 


hence 


(10) 

It  should  be  appreciated  that  this  process 
cannot  take  place  without  local  accommodation 
of  the  initial  0°  kink  responsible  for  shear  band 
formation.  Evans  and  Adler  [14],  for  example, 
have  analyzed  the  micromechanics  of  kinking  in 
three-dimensional  composites  capable  of  at  least 
some  plastic  flow.  Consideration  of  their  result, 
which  includes  a  variety  of  microstructural  and 
material  parameters,  indicates  that  the  compres¬ 
sive  strength  depends  mainly  on  the  matrix  yield 
strength.  In  the  present  instance,  the  matrix 
clearly  does  not  yield,  but  can  fragment  via  local 
tensile  microfracture,  and  thereby  produce  a 
shear  instability  capable  of  accommodating  a 
kink  by  the  sliding/rotalion  of  the  fragments. 

Such  accommodation  appears  to  be  respon¬ 
sible  for  the  off-fault-plane  microfracture  attend¬ 
ing  the  ends  of  the  present  kink  bands  (Fig.  6). 
Since  the  kink  cannot  form  until  the  matrix 
“yields”,  it  is  likely  that  local  tensile  microfracture 
precedes  dynamic  kink  formation.  This  is  in 
accordance  with  the  earlier  suggestions  that  a 
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Fig.  12.  Schematic  diagram  of  kink  band  propagation  over  a 
macroscopic  dimension  /. 


differing  microfracture  threshold  is  responsible 
for  the  observed  constant  (strain-rate  indepen¬ 
dent)  difference  between  0°  and  0/90  compres¬ 
sive  strengths. 

Accommodation  by  local  microfracture  would 
imply,  of  course,  a  cube-root  strain-rate  contribu¬ 
tion  to  the  composite  dynamic  compressive 
strength,  in  addition  to  the  first  power  factor  (eqn. 
(9))  derived  for  kink  propagation.  Unfer  innately, 
it  is  not  as  straightforward  to  produce  an  equiva¬ 
lent  expression  for  the  inertial  microcrack  term, 
since  modeling  to  date  has  dealt  only  with  tensile 
external  loading.  For  example,  for  impulsive 
tensile  loading  of  a  penny-shaped  crack,  Kipp  et 
ai  (1 5]  have  shown  that 


Ot  = 


/9£^\ 

Il6/V'cj 


(11) 


where  is  the  fracture  toughness  and  A  is  a 
crack  geometry  term.  However,  while  the  same 
strain-rate  dependence  should  obtain  for  com¬ 
pressive  loading,  the  correct  form  of  coefficient 
for  compression  is  unknown.  That  is,  the  mag¬ 
nitude  of  the  failure  stress  must  reflect  the  resolu¬ 
tion  of  an  applied  compressive  field  into  local 
tensile  enclaves  due  to  factors  such  as  geometric 
flaws  (pores,  microcracks),  intrinsic  flaws  (twins, 
dislocations),  and  elastic  compliance  mismatch 
across  grain  boundaries.  Since  no  such  analogue 
to  eqn.  (11)  is  available,  the  accommodation  (via 
inertial  microcracking)  contribution  to  the 
dynamic  kink  process  cannot  be  estimated 
directly. 

Accordingly,  the  composite  compressive 
strength  under  impulsive  loading  can  be  written 
as 


Oc=Of,+ 


e+A 


9nEKl\ 

l6N-cJ 


(12) 


where  represents  the  approximately  constant, 
thermally  activated,  quasistatic  compressive 
strength,  and  A  is  a  constant  greater  than  unity 
representing  the  re.solution  (compressive  to 
tensile)  and  amplification  of  the  applied  stress 
during  kink  accommodation.  For  present  pur- 
po.se.s,  let  us  consider  the  case  of  the  0°  compo¬ 
site,  for  which  ao-950  MPa,  £=131  GPa, 
c^  =  7.24x10^  m  s"‘,  and  /  is  a.ssumcd  to  be 
approximately  8.5  mm.  Figure  13  compares 
experimental  results  (average  for  7'=  23  °C  to 
1 100  °C)  with  the  finst  two  terms  in  eqn.  (12). 


Fig.  13.  Experimental  us.  theoretical  (static  plus  kink  propa¬ 
gation)  dynamic  strength  for  0°  composite.  Addition  of 
inertial  kink  accommodation  term  would  raise  the  theoretical 
curve. 


Agreement  seems  reasonable,  especially  consid¬ 
ering  that,  if  A  were  known,  inclusion  of  the 
inertial  kink  accommodation  term  would  shift  the 
theoretical  curve  upward,  closer  to  the  experi¬ 
mental  results. 

It  is  interesting  to  compare  the  behavior  of  the 
composite  material  with  its  monolithic  ceramic 
matrix,  as  shown  in  Fig.  14.  Although  the  former 
is  weaker  than  the  latter  for  strain-rates  less  than 
about  10^  s~*,  the  situation  is  reversed  once  the 
powerful  strain-rate  strengthening  of  the  compos¬ 
ite  begins  to  dominate  the  inertial  (cube-root)  rate 
hardening  of  the  monolithic  material.  Extrap¬ 
olation  of  this  effect,  which  is  a  direct  result  of  the 
time-dependent  complexity  of  the  composite  fail¬ 
ure  process,  predicts  that  the  reinforced  material 
will  achieve  its  maximum  theoretical  strength 
(E/20  to  E/S)  at  the  relatively  modest  strain  rate 
of  about  10^  s”',  while  the  pyroceram  will  not 
reach  the  same  value  until  e  - 10*  s" '.  This  result 
clearly  has  interesting  implications  for  practical 
situations  (armor,  shock  loading).  In  addition,  it  is 
relevant  to  wonder  whether  similar  complexity  in 
failure,  with  its  associated  strain-rate  strengthen¬ 
ing  might  be  engendered  via  high-aspect-ratio 
whisker,  versus  continuous  fiber,  reinforcement. 
That  is,  it  seems  likely  that  composites  containing 
a  fairly  high  density  of  such  fibers,  preferentially 
oriented  and  extensively  overlapping,  would  also 
experience  kink  nucleation  and  propagation 
during  dynamic  loading/failure. 


uitimatc  strength. 

Finally,  it  should  be  noted  that  the  macro¬ 
scopic  dynamic  strain  rates  used  to  correlate  the 
present  results  do  not  represent  the  true  state  of 
affairs  obtaining  within  the  local  kink  bands. 
While  macroscopic  strains  at  failure  were  on  the 
order  of  0.01,  it  will  be  recalled  that  strains  within 
discrete  shear  bands  were  on  the  order  of  1.0. 
Accordingly,  actual  strain  rates  within  these 
regions  must  have  been  well  in  excess  of  10*  s 
it  therefore  would  not  be  surprising  for  the  flow 
process  within  such  a  fast  deformation  field  to  be 
adiabatic.  This  would  be  in  accordance  with  some 
of  the  viscous-like  features  noted  within  the  kink 
bands  (i.e.  Fig.  9),  and  would  suggest  that  matrix 
flow  was  beginning  to  compete  with  microfrac¬ 
ture. 

Factors  involved  in  the  strain-rate  dependence 
of  fiber-reinforced,  ceramic  matrix  composites 
are  summarized  schematically  in  Fig.  15.  While 
the  thermally  activated  and  plastic  flow  plateaus 
are  relatively  flat,  the  transition  regime  10* 
s''<£<10*  s  '  is  extremely  strain-rate  sensi¬ 
tive.  Both  the  strain-rate  hardening  within,  and 
the  threshold  (minimum  a)  for,  this  regime  are 
amenable  to  optimization  by  means  of  composite 
microstructural  modification. 


5.  Conclusions 

It  has  been  shown  that  compressive  strain-rate 
hardening  well  in  excess  of  the  cube-root  theoret¬ 
ical  maximum  for  brittle  materials  can  be 
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Fig.  15.  Schematic  rcprcsoiitaiion  of  damagc-strain-ratc 
regimes  in  ceramics  and  fibcr-rcinforccd  ceramic  main.x 
composites. 

achieved,  if  the  failure  mechanism  can  be  made 
sufficiently  complex.  In  particular,  fiber  re¬ 
inforcement  in  the  direction  of  the  compre.ssion 
axis  necessitates  a  combined  failure  mode  involv¬ 
ing  inertia-controlled  microcrack  accommoda¬ 
tion  of  heterogeneous  kink  band  nucleation, 
followed  by  rate-dependent  kink  propagation. 
The  latter  involves  very  high  local  strain-rates,  so 
high,  in  fact,  that  local  heating  may  bc.involved  in 
the  shear  process.  The  results  suggest  that  a  high 
density  of  preferentially-oriented,  high-aspect- 
ratio  whiskers  might  provide  similar  strain-rate 
strengthening  benefits. 
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Abstract 

Aluminalglass  and  aluminalSn02lglass  laniin- 
ate  composites  were  prepared  and  microstniciitr- 
ally  characterized  by  means  of  scanning  electron 
microscope  and  electron  microprobe.  Diffusion 
profiles  obtained  by  an  electron  microprobe  indi¬ 
cated  very  little  diffusion  of  tin  in  the  glass  region 
and  almost  undetectable  diffusion  of  tin  in  the 
alumina  region.  The  crack  propagation  behavior 
through  the  interface  was  studied  in  the  two  cases. 
It  was  observed  that  the  cracks  from  the  indenta¬ 
tions  were  arrested  in  the  Sn02  layer  and  at  times 
got  deflected  along  the  alumina  fSn02  interface.  In 
uncoated  samples  of  alumina /glass  the  cracks 
propagated  right  across  the  inteiface  unhindered, 
indicating  strong  bonding  at  the  interface.  Also,  the 
lengths  of  the  cracks  produced  in  the  ATO, /glass 
composites  were  greater  than  those  produced  in 
Al203/Sn02/glass  composites.  The  Sn02  coating 
showed  the  desired  crack  arresting  features. 

1.  Introduction 

Carbon  fiber  and  SiC  fiber  reinforced  glasses 
and  glass  ceramics  show  extensive  fiber  pullout 
before  fracture  [1-3].  The  primarj  reason  for  this 
is  the  rather  low  value  of  interfacial  bond  strength 
between  the  fiber  and  the  matrix.  The  cracks 
which  travel  perpendicular  to  the  interface  get 
deflected  at  the  interfacial  region  and  become 
parallel  to  the  interface.  Chemical  bonding  and 
mechanical  keying  are  the  two  main  bonding 
types  which  are  responsible  for  fiber/matrix  inter¬ 
face  strength  [4].  From  the  fracture  surfaces  of 
such  composites  it  seems  that  the  wettability  is 


‘Paper  presented  at  tlie  .synipo.sium  on  Inierfacial  Phe¬ 
nomena  in  Composites.  Processing.  Characierization.  and 
Mechanical  Properties.  Newport.  RCjunc  I  3. 1 988. 


rather  low  and  the  bond  strength  is  controlled 
mainly  by  mechanical  keying.  The  energy 
e.xpended  in  fiber  matrix  debonding  leading  to 
fiber  pullout  causes  an  increase  in  toughness  or 
work  of  fracture  of  such  composite  materials  [1, 
4).  However,  the  high  temperature  oxidation  of 
carbon  fibers  and  SiC  fibers  limit  the  application 
of  such  composites.  Alumina  fiber  reinforced 
glass  vvas  shown  to  be  unaffected  by  exposure  to 
temperatures  up  to  1000°C  [5].  However,  the 
alumina/glass  system  is  extremely  brittle  because 
of  the  strong  interfacial  bonding  between  the 
fiber  and  the  matrix.  An  earlier  study  [6]  has  indi¬ 
cated  that  the  diffusion  coefficient  of  alumina  in 
gla.ss  is  high  enough  to  cause  fiber  dissolution  and 
strong  diffusion  bonding.  This  results  in  cracks 
propagating  right  through  the  material  unhin¬ 
dered,  causing  a  brittle  failure.  Such  a  composite 
does  not  show  any  evidence  of  fiber  pullout 
(Fig.])|7). 

One  way  to  enhance  fiber  pullout  is  to  provide 
a  .stable  interfacial  coating  between  the  fiber  and 
the  matrix  which  can  act  as  a  diffusion  barrier 
layer  at  the  high  temperatures  of  application. 
Apart  from  the  properties  de.scribcd  above,  the 
coating  should  also  help  deflect  or  arrest  the 
cracks  and  thereby  increase  the  fracture  tough- 
ne.ss  of  the  material  [8j.  One  such  coating  for  the 
.system  alumina/gla.ss  is  SnO,,  which  is  the  sub¬ 
ject  of  investigation  in  this  work.  The  pha.se  equi¬ 
librium  diagram  of  alumina/SnO,,  Fig.  2,  shows 
no  .solid  solubility  between  alumina  and  SnO.  [9]. 
As  a  result  of  this  thermodynamic  stability,  no 
diffu.sion  bonding  is  expected  at  the  interface 
AhOj/SnOi.  It  has  also  been  indicated  by  Man- 
fredo  and  McNally  [10]  that  SnO,  ha.s  very  low 
.solubility  in  silicate  melts.  The  .solubility  .studies 
of  SnO^  in  a  soda  lime  gla.ss,  Fig.  3,  show  lc.ss  than 
0.05  mole  fraction  solubility  of  this  oxide  even  at 
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Fig.  1.  Fracture  surface  of  an  alumina  fiber  reinforced  glass 
matrix  showing  no  fiber  pullout  [7). 


Fig.  2.  Equilibnum  phase  diagram  of  sssicm  AKOj/SnOj. 
Note  the  zero  solid  solubilitv  between  the  two  components 

{91. 


temperatures  as  high  as  1300‘’C  [10].  Hence,  the 
interface  SnO,/glass  is  expected  to  be  stable  at 
high  temperatures.  Apart  from  the  advantages 
described  above,  the  inherent  high  thermal  sta¬ 
bility  of  this  oxide  and  its  relative  ease  of  coaling 
procedure  makes  it  an  ideal  diffusion  barrier 
layer  for  the  system  alumina/giass. 

The  intent  of  this  work  is  to  study  the  chemical 
stability,  microstructure  and  mechanical  proper 
ties  of  simple  alumina/SnOj/glass  interfaces. 


Phase  a-AUO, 

Thermal  expansion  coefficient  (K  '  ’)  7.4  x  1 0 

Young’s  modulus  (GPa)  390 


2.  Materials  and  c.Ypcrinicntal  procedure 

Among  the  materials  used  for  the  experimental 
purpose  alumina  was  obtained  from  the  Coors 
Porcelain  Co.  The  relevant  properties  of  this 
alumina  is  shown  in  Table  1  [11).  The  glass  used 
for  the  experiment  was  a  borosilicate  glass  from 
the  Owens  Illinois  Co.  commercially  known  as 
N51A.  The  approximate  chemical  composition 
and  relevant  physical  properties  are  shown  in 
Table  2.  The  laboratory'  grade  reagent  SnCl4  for 
SnOi  coating  was  obtained  from  Fisher  Scientific. 

Alumina  substrates  approximately  1  cm-  in 
area  and  0.7  mm  in  thickness  were  used  for 
making  composite  laminates  of  the  coated  and 
uncoated  variety.  These  sub.vtratei»  were  polished 
to  600  grit  SiC  paper  and  then  thoroughly 
cleaned  prior  to  coaling  or  bonding  to  the  glass. 

The  tin  dioxide  coating  was  deposited  in  an 
alumina  reactor  at  temperatures  about  750 *C. 
The  reagents  used  were  SnCl^,  oxygen  gas  and 
water  vapor.  The  c.Npcrimcnta!  set  up  for  sub¬ 
strate  coating  is  shown  in  Fig.  4.  The  flow  rate  of 
oxygen  was  regulated  to  0.5  I  min  ’  which  in  turn 
controlled  the  flow  of  SnClj  vapor  to  the  reaction 
chamber.  The  X-ray  diffraction  pattern  obtained 
from  the  coated  interface  (see  Fig,  5/  showed  the 
coating  to  be  primarily  SnO,. 
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TABLED  Nominal  chemical  composition  and  physical  properties  of  N5 1 A  glass  Iproiidcd  by  the  manufacturer,  Onens.  Illinois 
Inc.) 


Contpositibn  of N5IA  glass 

Oxide 

M.% 

Physical  properties 

SiO, 

72 

Softening  point 

7S5'C 

BA 

12 

Contraction  coefficient  {'C  ' ') 

7x10- 

AIA 

7 

(Annealing  point  to  25*C) 

Cab 

1 

Youngs  modulus (01*4) 

71.7 

Na,0 

6 

KjO 

2 

BaO 

<0.1 

Flow  meter 


Fig.  4.  Expcrimenial  set-up  for  coating  of  tin  diondc  on 
alumina  substrate. 


The  coated  alumina  substrates  were  bonded  to 
N5 1 A  glass  at  temperatures  of 850, 900, 950  and 
lOOO'C  for  1  h  each.  The  bonded  specimens 
were  allowed  to  cool  slowly  in  the  furnace  to 
avoid  any  cracking.  Uncoated  samples  were  also 
given  a  similar  treatment  and  the  laminates  thus 
produced.  Fig.  6,  were  mounted  and  polished 
across  the  interface  for  microstructural  and  other 
characterization  studies. 

The  diffusion  of  species  across  the  interface 
was  studied  by  means  of  an  electron  microprobe 
anal>'zcr.  A  finely  focused  beam  was  used  and 
X-ray  data  were  collected  at  2  fan  intervals 
across  the  tin  dio.xidc  interface.  The  Sn  diffusion 
profiles  obtained  across  the  interface  for  the 
samples  bonded  at  850,  900,  950  and  lOOO’C 
were  analvaed  to  obtain  the  diffusion  coefficient 
of  tin  as  a  function  of  temperature.  The  standards 


20  ,deg 

Fig.  S.  X-ray  diffraction  paiicm  from  the  coated  alumina  iut»iratc  >huning  the  dcpu»t  to  be  pnmarily  SnO.. 


Fig.  6.  Sclicmjtic  of  a  coated  composite  sample  showing  the 
various  components. 

C;  Crack 
A:  Alumina 
G;  Glass 


In'jcmaiion  j. 


Fig.  7.  Schematic  o.''  the  indentation  cracks  produced  from 
the  tips  of  the  indcniations  near  the  alumina  side  of  the  inter¬ 
face. 

used  to  calibrate  these  measurements  were  the 
pure  samples  of  alumina,  glass  and  tin  dioxide. 

The  mil  rohardness  of  the  three  components  of 
the  composite  was  measured  by  a  diamond  pyra¬ 
mid  Vicker’s  microiiidenter.  The  load  on  the 
indenter  was  just  enougli  to  accommodate  the 
indentations  within  the  Sliin  interphase  layer. 

To  study  the  behavior  of  the  response  of  the 
interface  i  j  propagating  cracks,  a  Vickers 
diamond  indenter  A^as  u^ed  to  make  indentations 
in  the  alumina  as  well  as  the  gla.'^a  region  of  the 
uncoated  end  ;he  coated  samples.  During  the 
indentation  procedure  the  diamond  indenter 
diagonals  were  kept  at  approximately  90°  to  the 
interface.  The  schematic  of  the  cracks  jjroduced 
from  the  tips  of  these  indentations  is  shown  in 
Fig.  7.  A  scan.ring  electron  microscope  was  used 
in  the  backscattered  electron  mode  to  highlight 
these  cracks  in  the  coated  as  -veil  as  in  the 
uncoated  samples. 

3.  Results  and  discussion 

The  coatings  produced  at  750°C  subst.ate 
temperature  for  30  min  and  1  h  are  shown  in 
Figs.  8(a)  and  8(b).  NG'te  that  all  of  the  substrate 


Fig,  8.  (a)  Alumina  substrate  coated  with  SnOj  at  750  °C  for 
30  min  (SEM).  Note  that  the  Sn02  crystals  have  cove.ed  all 
the  exposed  surface  of  the  substrate,  ^bj  Alumina  s'.ostrate 
coated  with  SnO^  at  750'’C  for  J  h  (SEM).  Note  the  varied 
size  distribution  of  tlie  Sn02  crysta's. 

area  v.as  covered  in  30  min  (Fig.  8a).  After  1  h. 
Fig.  8(b),  a  varied  distribution  of  the  crystals  was 
obtjncj,  giving  a  non-uniform  thickness  of  the 
;oating  on  the  substrate. 

Electron  n.icropiobe  profiles  for  the  compo¬ 
site  samples  (  oated  with  SnO-.  at  the  interface 
region  at  800  °C  for  1  h  and  bonded  at  tempera¬ 
tures  of  850,  900,  950  and  1000  °C  were 
obtained  lo  compute  the  diffusion  coefficient  of 
tin  into  the  alumina  and  the  glass  tegion.  As  pre¬ 
dicted  by  the  phase  equilibria  of  SnOj  and  alu¬ 
mina,  almost  no  tin  diffusion  inio  AI2O3  was 
noticed  from  the  profiles.  Figure  9  shows  one 
such  diffusion  profile  obtained  for  a  sample 
bonded  at  1000 'C  to  N51A.  glass.  Note  the  flat 
region  on  the  top  of  the  profile  showing  the  maxi¬ 
mum  level  of  concentration  of  tin  in  pure  tin  diox- 
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Fig.  9.  Tin  diffusion  profile  for  coated  sample  bonded  at 
1000 'G. 


TABLE  3  Diffusivity  of  tin  in  glass  at  different  tempera¬ 
tures  of  bonding 


Temperature  of  bonding 
(°C) 

Time 

(h) 

Diffusivity  of  tin 
in  glass 
(cnF  s"') 

900 

1 

2xl0-‘2 

950 

1 

5X10-'* 

1000 

1 

8X10-'- 

ide.  The  very  steep  slope  of  the  conceniration 
versus  distance  curve  in  the  alumina  side  indi¬ 
cates  almost  no  diffusion  in  the  alumina  region. 
The  slope  in  tht  glass  side  over  the  small  dif¬ 
fusion  distance  ii.’dicates  very  little  diffusion  of  tin 
in  the  glass  region.  Diffusion  profiles  were  also 
obtained  for  samples  bonded  at  850,  900  and 
950  °C.  The  Matano  interface  was  caiculated 
from  these  profiles  and  then  a  simple  Grube’s 
analysis  with  an  error  function  analytical  solution 
[12]  was  used  to  obtain  the  average  chemical  dif¬ 
fusivity  of  tin  in  the  glass.  The  assumption  here  is 
that  there  is  no  impingement  of  the  diffusion  pro¬ 
files  from  the  glass  and  the  alumina  sides  of  the 
SnOj  interphase  layer. 

As  expected,  the  microp*‘obe  data  confirm  the 
absence  of  tin  diffusion  into  AI2O3  and  rather 
small  diffusion  of  tin  into  glass.  The  average  chem¬ 
ical  diffusivity  values  calculated  from  the  diffusion 
profiles  aie  given  in  Table  3.  The  Arrhenius  plot 
of  these  diffusivity  values.  Fig.  10,  gives  a  value  of 
167  kJ  mole"'  for  the  activation  energy  for  dif¬ 
fusion  of  tin  into  glass.  Taylor  et  al.  [13]  found  ?n 
activation  energy  value  of  880  kJ  mole" '  for  dif¬ 
fusion  of  tin  into  an  aluminosilicate  glass.  In 


Fig.  10.  Arrhenius  plot  for  the  diffusion  coefficients  of  tin  in 
glass  at  900, 950  and  1000°C. 


TABLE  4  Vickers  niicrohardness  of  SnOj,  AI2OJ  and 
N51A  glass 


Material 

Indentcr  load 

VHN 

(gf) 

ALO3 

500 

1729 

•SnOj 

200 

1134 

Glass 

200 

631 

another  study,  Eremenko  et  al.  [14]  reported  an 
activation  energy  value  of  120  kJ  mole"'  for  tin 
diffusion  into  a  soda  lime  glass. 

The  microhardness  values  shown  in  Table  4 
indicate  that  the  SnOj  interphase  layer  is  rela¬ 
tively  more  plastic  than  alumina.  The  glass  is  the 
softest  material  among  the  three. 

Indentation  cracking  is  a  commonly  used 
method  for  measuring  the  toughness  of  a  brittle 
material.  In  brittle  materials  the  crack  tip  plastic 
zone  is  very  small  compared  to  the  crack  length; 
therefore,  elastic  calculations  can  be  used  for 
studying  the  crack  propagation  and  strength 
parameters  of  these  materials  [15].  However,  it 
should  be  admitted  that  the  stress-strain  con¬ 
ditions  prevailing  in  an  indentation  test  are  diffi¬ 
cult  to  determine  unequivocally  because  of  any 
residual  stresses  and/or  proximity  of  the  inter¬ 
face.  The  indentation  technique  can  be  used  as  an 
effective  qualitative  tool.  The  indentation 
induced  cracks  from  the  tips  of  the  indentations 
near  the  interface  in  the  alumina  region  propa¬ 
gated  ^.symmetrically  toward  the  interface.  The 
modulus  mismatch  between  the  two  materials  at 
the  interface  causes  the  stress  intensity  at  the 
crack  tip  near  the  interfac  to  be  higher,  forcing 
the  cracks  to  change  their  direction  of  propaga¬ 
tion  and  veer  toward  the  interface  [15].  The 
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Fig  11  Indentation  induced  cracks  at  the  interface  region  of  an  unco<itcd  alumina/ glass  sample  bonded  at  ySU’C.  Note  the 
cracks  emanating  from  the  tips  of  the  indentation  travelling  unhindered  in  the  glass. 


cracks  emanating  fiom  the  indentation  tips  in  the 
alumina  region  of  an  uncoated  sample,  Fig.  11, 
have  tiaveled  toward  the  interface  and  then 
crossed  the  alumina/glass  interface  unhindered 
into  the  glas.s  region.  The  reason  for  such  an  effi¬ 
cient  crack  extension  is  the  very  strong  bonding 
between  the  alumina  and  the  glass  that  results 
from  alumina  diffusing  very  easily  in  the  glass 
matrix  [7]  at  the  temperatures  of  composite  fabri¬ 
cation.  In  Fig.  1 1  we  also  see  that  cracks  propa¬ 
gating  from  the  alumina  to  the  glass  region 
showed  no  change  in  direction  upon  crossing  the 
interface.  For  the  samples  coated  with  Sn02  {i.e. 
now  we  have  two  interfaces;  AKOi/SnO,  and 
SnO,/glass),  the  ..racks  from  the  indentations  in 
the  alumina  side  tiaveled  toward  the  AhO  JSnO, 
interface  and  Ihtii  either  deflected  along  the 
AFO^/SnO,  interface  or  were  arrested  in  the 
interphase  SnO,.  Figure  1 2  is  a  scanning  electron 
micrograph  of  a  sample  coated  at  a  substiate  tem¬ 
perature  of  800 °C,  bonded  to  N51A  glass  at 
950 °C  and  then  indented  near  the  interface  in  the 
alumina  region.  The  coating  thickness  is  approxi¬ 
mately  10  /<m.  The  cracks  emanating  from  the 
tips  of  the  indentation  traveled  tow  aid  the  intei- 
face  and  were  deflected  at  the  AFOi/'SnO,  intci- 
face.  Crack  branching  along  the  interface  region 
can  be  seen  in  the  high  magnification  micio- 
graphs  (A  and  B  in  Fig.  1 2).  Figure  1 3  is  a  .scan¬ 
ning  electron  micrograph  of  a  sample  coated  at  a 
substrate  temperature  of  TSOT  foi  I  h.  The 
cracks  emanating  from  the  tips  of  the  indentation 


have  entered  the  interphase  region  and  have  died 
out  after  extending  for  some  distance.  The  reason 
for  such  a  behavior  of  the  propagating  crack  may 
be  due  to  the  higher  plasticity  of  the  SnO,  inter¬ 
phase. 

It  is  also  of  interest  to  compare  the  crack 
lengths  at  the  interface  region  in  the  coated 
sample  with  those  obtained  in  an  uncoated 
sample.  The  unhindered  cracks  in  the  uncoated 
.samples  are  extremely  long  compared  to  those 
obtained  in  the  coated  samples,  showing  that  the 
SnO,  interphase  increases  the  crack  piopagation 
re.sistance  of  this  alumina/glass  system. 

Although  we  were  not  able  to  find  data  for  the 
detailed  mechanical  and  physical  nature  of  SnOi, 
the  suitability  of  the  material  for  the  .system 
alumina/glass  is  well  demonstrated  in  this  study. 
Thermodynamically,  the  coating  material  is 
extremely  stable  with  alumina  and  we  do  not 
expect  any  diffusion  bonding  at  the  alumina/tin 
dioxiile  interface.  The  only  other  movie  of  bond¬ 
ing  between  the  two  materials  can  be  a  mechani¬ 
cal  bonding.  1  lence,  this  intei  face  can  be  treated 
as  a  contact  interface.  Mechanical  response  of 
such  contact  interface  to  tiaiisverse  loading  has 
been  studied  extensively  and  their  stress  analysis 
has  been  well  developed  [  1 5j.  The  failure  of  such 
contact  depends  upon  the  matei  ial  properties  and 
the  cvmtact  geometry.  The  fracture  initiation 
stie.ss  thieshold  at  the  contact  can  be  increased 
by  making  the  coefficient  of  fiictivm  at  the  contact 
smalK;!  by  the  use  of  a  finely  polished  interface 


Fig.  12.  Coated  composite  sample  indented  at  the  alumina  region  near  the  interface  (SEM).  Note  that  the  cracks  have  changed 
theii:  direction.and  have  caused  failu'  of  the  Al^Oj/SnO^  interface.  The  crack  branching  phenomenon  can  be  seen  in  the  higher 
magnirication  micrographs. 


Fig  13.  Coated  composite  sample  indented  in  the  alumina  region  near  the  imcrface  ^SEM,.  Note  that  the  cracks  have  e.xtended 
into  the  SnO^  interphase  for  a  small  distance  before  d>ing  out.  A,  1  and  G  indicate  alumina,  interphase,  and  glass,  respectivel>. 


of  SnO^  diffusion  barrier  layer  is  an  effective  way 
of  creating  a  weak  interfacial  bond  between  the 
components  of  alumina/glass  composite.  Sn02  is 
very  suitable  for  the  .systc’  '  tmina  and  glass 
because  of  its  inherent  reft  j  ,  y  properties,  ease 
of  handling  and  coatin  oceclure,  lack  of  dif¬ 
fusion  bonding  between  the  alumina  and  the 
SnO,  interphasc  layer,  and  very  small  solubility  of 


L_ 


[15,  16].  In  the  future  it  will  be  interesting  to 
explore  the  coefficient  of  friction  between  SnO, 
and  alumina. 

4.  Conclusions 

From  the  results  and  discussions  presented  in 
this  study  we  can  conclude  that  the  incorporation 
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Sn02  in  silicate  glass.  The  bond  between  the 
alumina  and  the  interphase  tin  dioxide  is  weak. 
The  interface  layer  is  quite  efficient  as  a  crack 
arrestor  and  deflector  thereby  indicating  the 
potential  of  obtaining  enhanced  fracture  tough¬ 
ness  in  alumina/glass  composite. 

Acknowledgments 

Financial  support  for  this  work  was  pro¬ 
vided  by  a  grant  from  the  Sandia  National 
Laboratories.  We  acknowledge  useful  discussions 
with  Dr.  A.  D.  Romig,  Jr.,  of  Sandia  National 
Laboratories,  Dr.  A.  K.  Vasudevan  of  Alcoa 
Laboratories  and  J.  L.  Keddie  during  the  course 
of  this  work.  Special  thanks  are  due  to  G.  Gray  of 
Alcoa  Laboratories  for  the  electron  microprobe 
work. 

References 

1  J.  J.  Brcnnitn  and  K.  M.  Prewo,  J.  Mater.  Sci.,  /7(1982) 
2371. 

2  D.  C.  Phillips,;.  Mater.  Sci.,  9(1974)  1847. 


3  R.  Levitt,  J.  Mater.  Sci.,  S  ( 1 973)  793. 

4  K  K.  Chawla,  Compoiite  Materiah.  .Science  anti 
Engineering,  Springer,  New  York,  1 987,  pp.  83,  144. 

5  J.  Baeon,  K.  Prewo  and  R.  Veltri,  Proc.  I97S  hit.  Conf.  on 
Composite  Materiais,  Toronto,  AIME,  1 978,  p.  753. 

6  J.  L.  Keddie  and  1.  A.  Miehalske,  Sandia  Report,  SAND 
87-1884.UC-25,Jan.  1988. 

7  T.  A.  Miehalske  and  J.  Heilman.  J.  Am.  Ceram.  Soc.,  71 
(1988)725. 

8  K.  M.  Prewo,  J,  J.  Brennan  and  G.  K.  Layden,  Ceram. 
B«//.  65(1986)  363. 

9  V.  J.  Barezak  and  R.  H.  Insley,  J.  Am.  Ceram  Soc.,  45 
(1962)144. 

10  L.  J.  Manfredo  and  R.  N.  McNally,  J.  Am.  Ceram.  Soc., 
67(1984)0-155. 

11  R.  N  Kleiner,  in  C.  T.  Lynch  (cd.).  Handbook  of  Materiais 
Science,  CRC  Press,  Cleveland,  OH,  1975,  p.  355. 

12  P.G.  Shewmon,  Diffusion  in  Solids,  J.  Williams  Book  Co., 
Jenks,OK,  1983. 

13  R.  H.  Taylor,  J.  Robertson,  S.  B,  Morris,  J.  Williamson 
and  A.  Atkinson,  J.  Mater.  Sci.,  I5(\ 980) 670. 

14  V.  N.  Erenienko,  V.  M.  Sergenkova,  V.  E.  Listounichy 
and  A.  V.  Murzin,  Dopov.  Akad.  Naiik.  Ukrain  RSR,  A6 
(1975)  560,  as  cited  in  Ref.  (14). 

15  S.  Chiang  and  A.  G.  Evans,  J.  Am.  Ceram.  Soc.,  64 
(1983)4. 

16  A.  G.  Evans,  M.  C.  Lu,  S.  Schmandcr  and  M.  Ruhic,  Acta 
Afart//.,  34  (1986)  1643. 


Materials  Scienceand  Engineering,  AI07  (1989)  211 


277 


Author  Index 


Angelini,  R,  257 
Aravas,  N.,  1 59 
Argon,  A.  S.,  41 
Asaro,  R.J.,  145 


BassanLJ.L.,  177 
Beclicr,P.F.,257 
Bose,  A.,  107 

Carpenter,  R.  W.,  207 
Chawla,  K.  K.,269 
Ghristman,  T,  49 
Cornie,J.  A.,  41 

Embury,  J.  D.,63 
Evans,  A.  G.,  187 

German,  R.  M.,  107 
Gupta,  V.,  41 


Haggerty,  J.  S.,  1 17 
Hsueh,CK.,257 
Hunt,  Jr.,  W.  H.,  241 
Hutchinson,  J.W.,  135 


Kao,W.H.,81 
Kim,  K.-S.,  159 
Konitzer,  D.  G.,  2 1 7 


Lagace,  H.,  73 
Lambropoulos,  J.  C.  169 
Landis,  H.S.,  41 
Lankford,  J.,  261 
Lcwandowski,  J.  J.,  24 1 
Liu,C,  241 
Liu,C.T.,81 
Lloyd,  D.J.,  73 
Loretto,  M.  H.,217 
Loukis,  M.J.,  159 


Maheshwari,  A.,  269 
McKimpson,  M.  G.,  93 
McLeod,  A.,  73 
Michalske,  T.  A.,  269 
Morris,  P.  L.,  73 

Needicman,  A.,  49 
Nguygen,  T.,  1 5 
Nutt,  S.,  49 

Pcnisson,J.M.,  199 
Phillpot,S.,3 
Porter,  J.  R.,  127 

Qu,J.,  177 

Reghcere.  G..  1 99 
Rice,J.  R.,  13 
Richmond,  O.,  63 
Ruble,  M.,  187 


Scott,  T.  E.,  93 
Shill,  C.F.,  145 
Suo,  Z.,  135 
Surcsh,  S.,  49 


Tiegs,T.N.,257 


Vasudevan,  A.  K.,  63 


Wan,S.-M.,  169 
Wang,J.-S.,  23 
Wolf,  D.,  3 


Yang,J.-M„8l 
Yip,S.,  15 

Zok,  F,  63 


©  Elsevier  Scquoia/Printcd  in  The  Netherlands 


Materials  Science  and  Engineering,  A 107  ( 1 989)  279-280 


279 


Subject  Index 


Adhesion 

mechanics  of  adhesion  testing  of  flexible  films,  1 59 
Alloys 

characterization  of  internal  interfaces  in  metals  and  alloys 
by  high  resolution  electron  microscopy,  1 99 
Aluminium 

behavior  of  interface  in  alumina/glass  composite,  269 

development  of  nickel  aluminide  matrix  composites,  8 1 

effects  of- matrix  microstructurc  and  particle  distribution 
on  fracture  of  an  aluminum  metal  matrix  composite, 
241 

inHuence  of  hydrostatic  pressure  on  the  ductility  of 
Al-SiC  composites,  63 

microsthictural  aspects  of  aluminium-silicon  carbon 
particulate  composites  produced  by  a  casting  method, 
73 

Bicrystal 

elasticity  solutions  for  cracks  on  bimatcrial  and  bicrystal 
interfaces,  177 

molecular  dynamics  study  of  a  bicrystal  at  elevated 
temperatures,  1 5 
Bimatcrial 

elasticity  solutions  for  cracks  on  bimatcrial  and  bicrystal 
interfaces,  177 

clastic-plastic  analysis  of  a  collincar  array  of  cracks  on  a 
bimatcrial  interface,  145 

Carbon 

influence  of  hydrostatic  pressure  on  the  ductility  of 
Al-SiC  composites,  63 

microstruclural  aspects  of  aluminium-silicon  carbon 
particulate  composites  produced  bv  a  casting  method, 
73 

Computer  simulation 

role  of  the  densest  lattice  planes  in  the  stability  of  crystal¬ 
line  interfaces:  a  computer  simulation  study,  3 
Creep 

dispersion  processing  of  creep  resistant  whisker- 

reinforced  ceramic-matrix  composites,  1 27 
Crystals 

role  of  the  densest  lattice  planes  in  the  stability  of  erystal- 
line  interfaces:  a  computer  simulation  study.  3 

Deformation 

on  microstructural  evolution  and  micromcchanieal 
modelling  of  deformation  of  a  whisker-reinforced 
metal-matrix  composite.  49 
Dispersion 

dispersion  processing  of  creep  resistant  whisker- 

reinforced  ceramic-matrix  composites.  127 
Ductility 

influence  of  hydrostatte  pressure  on  the  ductility  of 
Al-SiC  composites.  63 

Embrittlement 

embrittlement  of  interfaces  by  solute  segregation,  23 


Fabrication 

fabrication  of  intermetalhc  matrix  composites,  1 07 
Fracture 

dynamic  compressive  fracture  m  fiber-reinforced  ceramic 
matrix  composites,  26 1 

effects  of  matrix  microstructurc  and  particle  distribution 
on  fracture  of  an  aluminum  metal  matrix  composite, 
241 

Glass 

behavior  of  interface  in  alumina/glass  composite,  269 

High  resolution  electron  microscopy 

characterization  of  internal  interfaces  in  metals  and  alloys 
by  high  resolution  electron  microscopy,  1 99 

high  resolution  interface  analysis,  207 

Lattice  planes 

role  of  the  densest  latttcc  planes  in  the  stability  of  crystal¬ 
line  interfaces:  a  computer  simulation  study,  3 

Mechanics 

mechanical  performance  of  fiber-reinforced  ceramic 
matrix  composites,  227 
Micromcchanieal  modelling 

microstructural  evolution  and  micromcchanieal  modelling 
of  deformation  of  a  whisker-reinforced  metal-matrix 
composite,  49 
•Molecular  dynamics 

molecular  dynamics  study  of  a  bicrystal  at  elevated 
temperatures,  1 5 

Nickel 

development  of  nickel  aluminide  matrix  composites,  8 1 
Oxygen 

behavior  of  interface  in  alumina/glass  composite,  269 
Particle  distribution 

effects  of  matrix  microstructurc  and  particle  distribution 
on  fracture  of  an  aluminum  metal  matrix  composite, 
241 

Reaction  bonding 

ceramic  ceramic  composites  with  reaction  bonded 
matrices,  1 17 
Reinforcement 

dispersion  processing  of  creep  resistant  whisker- 
reinforced  ceramic-matrix  composites.  1 27 

dynamic  compressive  fracture  in  fibcr-reinforced  ceramic 
matrix  composites,  26 1 

mechanical  performance  of  fibcr-rcinforced  ceramic 
matrix  composites.  227 

microstructural  evolution  and  micromechanical  modelling 
of  deformation  of  a  whisker-reinforced  metal-matrix 
composite.  49 


©  Elsevier  Sequoia/Printed  in  The  Netherlands 


280 


processing  and  properiies  of  metal  matrix  composites 
containing  discontinuous  reinforcement,  93 

theoretical  and  experimental  analysis  of  the  toughening 
behavior  of  whisker  reinforcement  in  ceramic  matrix 
composites,  257 

Silicon 

influence  of  hydrostatic  pressure  on  the  ductility  of  Al  siC 
composites,  63 

microstructural  aspects  of  aluminium-silicon  carbon 
particulate  composites  produced  by  a  casting  method, 
73 

Solute  segregation 

embrittlement  of  interfaces  by  solute  segregation,  23 

Stress 

stress  concentration  along  interfaces  of  elastic-plastic  thin 
films,  169 


Structure 

structure  and  chemistry  of  metal/ceramic  interfaces,  1 87 
Thin  films 

stress  concentration  along  interfaces  of  elastic-plastic  thin 
films,  169 
Titanium 

intcrfacial  interactions  in  titanium-based  metal  matrix 
composites.  2 1 7 
Toughening 

theoretical  and  experimental  analysis  of  the  toughening 
behavior  of  whisker  reinforcement  in  ceramic  matrix 
composites,  257 
Toughness 

intrinsic  toughness  of  interfaces,  4 1 

sandwich  test  specimens  for  measuring  interface  crack 
toughness,  1 35 


